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ABSTRACT 

In contrast to conventional silicon-based electronics, semiconducting polymers 

show great promise for emerging applications in soft, flexible, and ductile electronic 

technologies. This is due to their polymeric nature, tailorable structure, and sub-100 nm 

device thickness.  Despite this mechanical novelty, there remains a poor understanding of 

their structure-property-processing relationships, which has hindered growth within the 

field. This dissertation elucidates these relationships through investigation of their 

thermomechanics, and morphological phenomena. This was accomplished through the 

following projects:  

1) To demonstrate the impact of backbone rigidity on semiconducting polymer 

thermomechanics, we varied the backbone rigidity of an NDI-based polymer by inserting 

flexible methylene units of varying lengths along the backbone of the monomer unit. 

Incorporation of the spacer resulted in a vast reduction of the glass transition temperature 

(Tg) and profound improvements in ductility. 

2)We developed a free-standing tensile technique that enabled the 

characterization of polystyrene and poly(3-hexylthiophene) films down to 19 nm and 80 

nm, respectively. Confinement was demonstrated to impact yield stress and strain at 

failure of polystyrene films, while modulus was relatively unaffected, despite literature 

suggestion of a sub-room temperature Tg. We then compared water-supported and free-

standing films to elucidate their interfacial influence on the observed mechanical 

performance.  

3) Amide and urea moieties were incorporated into a DPP-based polymer to 

demonstrate the role of hydrogen bonding strength on thermomechanical performance. 
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Amide and urea were discovered to minimize and promote crystallinity, respectively, 

which led to a 400% increase in strain at failure for the amide-containing polymer. This 

finding demonstrated that hydrogen bonding may dictate mechanical performance 

through control of the crystalline morphology, rather than energy dissipation.  

4) Due to the semicrystalline nature of semiconducting polymers, it has been 

postulated that they may possess a rigid amorphous fraction (RAF) which may dictate 

their optoelectronic performance.  To illuminate the existence and impact of the RAF on 

semiconducting polymer performance we established a spectroscopic ellipsometry 

method to fully characterize their temperature-dependent thickness, optical profile, and 

degree of anisotropy.  All semicrystalline semiconducting polymers were observed to 

possess a RAF which strongly dictated their optoelectronic performance. 
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CHAPTER I – BACKGROUND 

1.1 Overview of semiconducting polymers 

Plastic electronics, such a term in today’s age, seems counterintuitive. Current 

electronics are highly efficient, precisely engineered pieces of technology. At the same 

time, plastics suggest applications like the case of a smartphone, offering mechanical 

protection but providing no electronic function to the phone itself. This is no longer the 

case. Semiconducting polymers, consisting of an electronically active conjugated 

backbone and solubilizing flexible side chains, are exceeding expectations. Today, it is 

not uncommon to see charge mobilities upwards of ~10 cm2V-1s-1 in literature, surpassing 

that of amorphous silicon, given the use of specialized chemical structures and alignment 

techniques.1–8 In addition to their electrical performance, and owing to their polymeric 

nature, semiconducting polymers offer the potential benefit of solution processability, 

tunable chemical structures, and an array of mechanical attributes (ex. Softness and 

ductility) which are unbeknownst to traditional silicon-based electronics. Thus, 

semiconducting polymers are an adept material which may be used for a wide variety of 

applications from organic photovoltaics and field-effect transistors to even soft wearable 

technologies.9–18  

Unfortunately, the structure-property-processing relationships (Figure 1.1(a)) 

which dictate mechanical performance have yet to be unraveled and thus this factor of 

their operation has largely been neglected. Multiple factors contribute to this lack of 

understanding, including their heterogenous structure (Figure 1.1(b)), strong 

confinement effect due to sub-100 nm thickness (Figure 1.1(c)), and complex 

semicrystalline morphology (Figure 1.1(d)).  Thus, this dissertation will focus on  
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Figure 1.1 a) Polymer pyramid with representative parameters governing material 

performance. b) Representative chemical structure of a semiconducting polymer. c) 

Illustration of geometric confinement associated with thin films. d) Illustration of the 

three phases found in semiconducting polymers. RAF and MAF are the rigid and mobile 

amorphous fractions respectively. 

unraveling these relationships to gain insight into the thermomechanics of 

semiconducting polymers and their morphological phenomenon which dictate 

performance. The discussion will be divided into four additional chapters outlined below. 

Chapter II: We investigated the role of backbone rigidity on the 

thermomechanical properties and morphology of a series of naphthalene diimide based 

polymers. This work provided the first quantitative influence of chain rigidity on 

semiconducting polymer mechanical performance utilizing a holistic suite of 

characterization techniques.    

Chapter III: We developed a method to obtain free-standing films, as thin as 19 

nm, and characterize their inherent structural–mechanical properties. The role of 
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confinement and interfacial influence on mechanics were investigated in relation to glass 

transition phenomena prevalent throughout literature. 

Chapter IV: We explored the role of hydrogen bonding strength on the 

thermomechanics of a diketopyrrolopyrrole based polymer through the incorporation of 

amide and urea moieties into the alkyl side chain. Crystalline packing was discovered to 

be the primary mechanism by which hydrogen bonding governed mechanical 

performance, rather than energy dissipation. 

Chapter V: We established an in-situ spectroscopic ellipsometry technique to 

assess the thermal transitions of semiconducting polymers at device relevant thickness 

and with high fidelity. Using this method, and an array of thermal characterizations, we 

demonstrated the existence and impact of the rigid amorphous fraction on the 

optoelectronic performance of semiconducting polymers. 

1.2 Thermal analysis of semiconducting polymers 

1.2.1 Background 

Despite the importance of Tg in governing many attributes of mechanical 

performance there remains a lack of information on this phenomenon for D-A polymer 

systems. This is primarily due to the small batch size in their synthesis (limiting practical 

application of bulk techniques such as DMA) and the inherent structure of these 

polymers. Many D-A polymers, such as diketopyrrolopyrrole‐based polymers (DPP), 

possess a minor change in specific heat capacity across Tg, thus hindering the study of 

this phenomena with conventional DSC.3,4,19–21 There are primarily three structural 

factors which contribute to this low transition signal including: high side chain content, 

semicrystalline nature, and backbone rigidity (Figure 1.2).21 The sidechain content (often 
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40-70%) and crystalline domains do not contribute to the signal of the backbone Tg and 

thus dilute the response.22 The high backbone rigidity in turn limits the conformation 

change across the Tg and further results in high crystallization rates which inhibit the 

quenching of such polymers into the fully amorphous state.  

 

Figure 1.2 Illustration of the contributing factors to D-A polymers' low glass transition 

signal. Black lines represent the rigid polymer backbone providing the Tg response. Red 

and green domains represent the crystalline and side-chain fraction, respectively, which 

do not contribute to the Tg response of the backbone. The chemical structure is a 

representative DPP-based polymer with side-chain content of ~60%. 

1.2.2 Characterization of semiconducting polymer glass transition temperature 

Despite these challenges, obtaining the Tg of D-A conjugated polymers is not 

impossible. Notably, supported DMA,23–27 AC-chip calorimetry,23,24,28,UV-Vis,29,30 and 

oscillatory shear rheometry31,32 have been used to characterize the Tg of these rigid 

semicrystalline systems. In supported DMA, the measurement utilizes 5-20 mg of 

polymer drop cast onto a woven glass fiber substrate. The substrate elicits a negligible 

response throughout the measurement, thus allowing the thermal transitions of many 

conjugated polymers to be elucidated.19,33 However, as there is no specified geometry of 

the polymer sample, absolute moduli cannot be obtained and thus careful consideration 

must be used when classifying thermal transitions. AC-chip calorimetry is a dynamic 

nanocalorimetry measurement which utilizes periodic temperature oscillations over a 
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broad frequency range to achieve sensitivities on the order of tenths of a pJ K−1.34,35 

Although AC-chip calorimetry is sensitive to the thermal transitions of conjugated 

polymers it is not a widely available technique. In contrast, UV-Vis is prevalent 

throughout polymer science and has been demonstrated to obtain the Tg of conjugated 

polymers with the propensity to form photo-physical aggregates upon thermal annealing, 

including DPP-based polymers.29,30 Despite the effectiveness of this technique for 

semicrystalline systems, it was not capable of determining the Tg for predominantly 

amorphous systems. Oscillatory shear rheometry, utilizing a vacuum molded puck, 

requires only 10 mg of material and is a facile method of measuring semiconducting 

polymer Tg.
31,32 Impressively, this method has been used to characterize the Tg of 32 

semiconducting polymers and develop a relationship to further predict Tg based on the 

chemical structure of interest. Unfortunately, given the nature of the measurement it 

cannot be applied to thin films.   

Although these techniques have been able to locate these weak thermal 

transitions, many reports disagree on the phenomenon governing their existence.  For 

instance, utilizing modified DMA and AC-chip calorimetry, Zhang et al. reported the 

backbone Tg of DPP-polymers to generally reside between -10°C and 65°C, depending on 

the backbone structure and sidechain content.23,24 Additionally, a higher transition 

temperature was observed, although not thoroughly discussed, near 150°C. More 

recently, using AC-chip calorimetry, Luo et al. observed a similar backbone Tg for DPP-T 

at 23°C as well as another transition at 118°C which was prescribed as the relaxation 

response of the rigid amorphous fraction.28 In contrast, other works using modified DMA 

have shown similar thermal transitions but were attributed to either an aggregate 
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transition or left undefined.25–27 Sugiyama et al. utilized UV-Vis to obtain elevated 

transitions (from 90°C to 160°C) for a series of DPP-based polymers with varying side 

chains. These transitions were described as the Tg of the polymer and were observed to 

decrease with increasing side chain content.29,30 Although this trend agrees with the 

findings from Zhang et al, the prescribed Tg by UV-Vis is more than 100°C greater, 

despite their comparable chemical structures. It is currently unclear as to the structural 

phenomenon which governs both these low and high thermal transitions, and thus glass 

transition temperature remains a subject of much debate. The topic of glass transition 

phenomenon is a focus of this dissertation but particularly within Chapter V, whereby in-

situ spectroscopic ellipsometry and an array of thermal characterizations are utilized to 

understand these phenomena and their impact on semiconducting polymer performance. 

Briefly, the temperature dependence of a few conjugated systems (namely 

polyfluorenes, P3ATs, and poly[N-9’-heptadecanyl-2,7-carbazole-alt-5,5-(4’, 7’-di-2-

thienyl-2’,1’,3’-benzothiadiazole)] (PCDTBT)) have been explored with spectroscopic 

ellipsometry, but this has primarily been through the analysis of raw ellipsometry data 

rather than modeling.36–41 In the former case, the inflection of the raw data (psi or delta) 

can signal a Tg response, but no other information is obtained. In contrast, ellipsometry 

modeling can provide the thickness, optical profile, and anisotropic temperature 

dependence of films at device relevant thickness. However, this remains a significant 

challenge for conjugated polymers as their strong UV-Vis absorption and anisotropic 

nature obfuscate the data.38,42 This challenge is overcome in the work presented in 

Chapter V of this dissertation.
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1.3 Mechanical analysis of thin films 

1.3.1 Background 

Due to their sub-100nm thickness, semiconducting polymers possess unique 

challenges in understanding their mechanical performance. At this size scale, properties 

may differ significantly from bulk, resulting from geometric confinement and interfacial 

influences. Thus, it is imperative that the mechanical properties of these polymers are 

assessed at device relevant thicknesses to ensure an accurate representation of their 

performance. However, due to this challenging size scale, semiconducting polymers 

cannot be measured under traditional metrologies such as DMA and bulk tensile testing. 

Many techniques, from industrially recognized nanoindentation to recent tensile 

methodologies of free-standing films, have been developed throughout the last few 

decades to overcome these challenges and providing an understanding of thin film 

mechanics (Figure 1.3). These techniques can be broken down into three classifications 

based on the utilization of solid substrates, liquid substrates, or free-standing films. 

1.3.2 Thin film mechanical analysis on solid substrates 

In the production of polymeric films, a polymeric solution is cast (drop-casting, 

spin casting, shear coating, etc.)  onto a solid substrate, achieving a range of thicknesses 

from the nm to um scale.43 Removing such a film from the substrate is not a simple task 

and thus the mechanics of many polymer films have been studied atop a solid substrate, 

such as silicon.44–49 In nanoindentation based techniques, a probing tip characterizes the 

mechanical response of a film by applying a vertical force throughout the depth of the 

film.50–55  The modulus of many semiconducting polymers has been studied in this 

manner.56–59 However, careful consideration should be given to the tip geometry and 
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penetration depth, both which can alter the observed mechanical properties.60  Buckling 

metrology, created by Stafford et al. in 2004, is a facile technique where a film is 

laminated onto a pre-strained PDMS substrate.49,61–64   Upon release of this strain a 

compressive force is applied to the film resulting in periodic buckles/wrinkles, which can 

be used to determine modulus and yield stress. Additionally, the film on elastomer may 

be stretched followed by observation with optical microscopy to obtain the crack-onset-

strain of the polymer film. This has been applied to many semiconducting polymers, with 

notable contributions from Lipomi et al., O’Connor et al., Delongchamp et al., and Bao et 

al.47,65–71 Most recently, the temperature dependent mechanical properties of P3HT 

laminated onto PDMS have been measure utilizing conventional DMA.72 Despite the 

facile nature of such measurements, utilizing solid substrates, the influence of these 

substrates should be taken into account when characterizing mechanical performance. 
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Figure 1.3 A roadmap showing the development of thin-film mechanical testing 

techniques. Three categories are divided based on the type of substrates: black color for 

solid substrate, blue for liquid substrate, and red for free-standing films. Capillary 

wrinkling. (Reproduced with permission.73 2007, American Association for the 

Advancement of Science.) The uniaxial tensile tester for ultrathin film. (Reproduced with 

permission.74 2018, American Chemical Society.) Pseudo-free standing tensile test. 

(Reproduced with permission.75 2018, John Wiley and Sons.) Tensile tester for ultrathin 

free-standing films. (Reproduced with permission.76 2019, American Chemical Society.) 
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1.3.3 Thin film mechanical analysis on liquid substrates 

In contrast to solid substrates, which may restrict chain mobility (hard substrates) 

or promote elevated ductility through force delocalization (soft substrates), liquid 

substrates offer potential to provide a neutral non-restrictive interface for mechanical 

investigation. In 2007, Russel et al. developed a wrinkling technique, analogous to the 

previously described buckling metrology by Stafford, whereby a film is suspended across 

a liquid support and a droplet of water is placed on the film.73   The force of the droplet 

results in wrinkling of the film which can be used to extract the film’s mechanical 

response, such as modulus. Beyond wrinkling based techniques, a liquid support, such as 

water, offers the means to perform a conventional tensile analysis of thin films. This was 

first demonstrated by Kim et al., in 2013, where gold films were floated onto a water bath 

and their complete stress-strain profiles were obtained.77 This technique was expanded to 

polymer films, by Crosby et al., where polystyrene was first investigated followed by 

polycarbonate and polymer nanocomposites.74,78–80  In 2015, this technique was first 

adopted by Kim et al. to explore the mechanical properties of the semiconducting 

polymer P3HT of varying regioregularity.81 Lipomi et al. further utilized this film-on-

water technique and compared the observed mechanical properties of  

P3HT to that obtained from buckling metrology.47 The methods provided qualitatively 

similar trends when comparing P3HT films of increasing molecular weight. However, the 

modulus was substantially higher for buckling metrology while crack-onset-strain was 

reduced. These differences were attributed to the differing modes of applied load, tensile 

vs compression, as well as the strain rate and processing. However, these findings are 

somewhat incongruent in relation to previous work by O’connor et al. where the modulus 
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of P3HT was determined to be 252 MPa which is analogous to that reported through 

tensile analysis.71 Lastly, our own group has used this method extensively to elucidate a 

myriad of mechanical phenomenon within semiconducting polymers.23,82–87  

1.3.4 Thin film mechanical analysis on free-standing films 

Despite the success of liquid substrates to analyze the mechanical properties of 

thin films, there remain some concerns, such as plasticization, over potential polymer-

liquid interactions. Thus, there is a drive to develop methods to analyze thin film 

mechanics in a free-standing (two air interfaces) environment. This has been 

accomplished in several ways. First, nanobubble inflation was developed by Mckenna et 

al. in 2005. utilizing a polymer film laminated across a porous substrate.88–93 A back 

pressure is applied, forming bubbles which are subsequently analyzed using AFM, 

enabling the viscoelastic properties of the film to be investigated. Second, a camphor-

enabled transfer method was developed by Wang et al. in 2018. The camphor layer 

enables transfer of the film onto a hollow substrate. The camphor is then sublimed at 

elevated temperature and the film is characterized via DMA.94 Third, water-assisted 

transfer of thin films into a free-standing environment has been reported recently within 

the Crosby,76 Okamura,95 and Gu83,86 research groups. Currently, such methods have 

allowed the mechanical properties of polystyrene films, as thin as 19 nm, to be 

characterized. However, to date, only the Gu research group has investigated the free-

standing tensile mechanics of semiconducting polymers. These works are presented in 

Chapter III and IV of this dissertation. 
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1.4 Thin film confinement 

(Adapted from “Zhang, S.; Galuska, L. A.; Gu, X. Water‐assisted Mechanical Testing of 

Polymeric Thin‐films. J. Polym. Sci. 2021, No. April, pol.20210281.”) 

1.4.1 Background 

The primary challenge of polymeric thin films extends from their ability to differ 

from bulk properties, most notably, the glass transition temperature (Tg) has been studied 

extensively in literature.96–105 This area of research is generally known as confinement 

and has attracted significant attention for nearly three decades. Confinement consists of 

two primary phenomena: 1) the interfacial effect and 2) geometric restriction, also known 

as the finite size effect (Figure 1.4). As the film thickness diminishes, the interfacial 

contribution grows rapidly. In terms of thin films, there are generally two distinct 

interfaces, namely, the substrate-polymer interface and the polymer-air interface (free 

surface), which typically supply a restraining and a mobilizing effect, respectively. The 

ultimate contribution of these two interfaces lies in the strength of the interfacial 

interaction and the distance this interaction pervades throughout the thickness of the 

polymer film. Hence a strong interaction with an immobile substrate (silicon) will in turn 

restrict polymer dynamics and increase the Tg, while the opposite is true for a strong 

interaction with the polymer-air interface or a relatively mobile substrate. A prime 

example of this is the thickness dependence Tg for PS and poly(methyl methacrylate) 

(PMMA) films supported by silicon. As early as 1994, the Tg of silicon supported PS has 

been shown to decrease with reducing thickness by as much as 40 °C at 10 nm, attributed 

to the free surface.96,106 In contrast, PMMA has the potential to form hydrogen bonds 

with the native oxide surface resulting in strong substrate-polymer interaction, 
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overcoming that of the free surface, which increases the Tg with decreasing thickness.97 

Fluorescent labeling, originally demonstrated by Ellison and Torkelson in 2003, has 

proved to be an exemplary method for establishing the interfacial influence on Tg 

throughout the depth of a film and well demonstrates the potential competing effects 

between a silicon substrate and free surface.98 For example, a 36 nm PS film with a 12 

nm labeled layer at the substrate, middle or free surface demonstrated a gradient in Tg -Tg 

(bulk) from -4, -5, to -14 K, respectively. However, Tg -Tg (bulk) for a 14 nm labeled free 

surface of a 270 nm film was observed to be -32 K while labeling at the substrate surface 

resulted in Tg (bulk). This indicates that the 36 nm film was under the influence of both 

interfaces, each with a distinct competing length scale of influence. Similar studies have 

further assessed the Tg gradient from free-standing films containing two free surfaces, as 

well as polymer-polymer interfaces of both a hard and soft nature relative to 

polystyrene.104,107,108 Thus, the interface has a profound role over the glass transition 

phenomena of confined polymers. 

The finite size effect occurs when the thickness of the film becomes smaller than 

the end-to-end distance of the polymer chain resulting in a loss of conformational 

freedom in the out-of-the-plane direction of the film. As such, confined films are 

compressed throughout the in-plane direction and exhibit a loss of interchain 

entanglements.109 This loss of interchain entanglements has been observed to not 

significantly contribute to the reduction of the thin-film Tg with reducing thickness.110 In 

the case of free-standing films, the reduction in Tg has been shown to be molecular 

weight dependent, with high molecular weight polystyrene exhibiting a stronger 

reduction in Tg and at progressively greater thicknesses.99,100,107,111–113 However, this 
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reduction in Tg does not correlate to the end-to-end distance of the polymer and has 

further been observed by ellipsometry to only contribute approximately 10% to 20% of 

the total glass transition response.102,114 Thus, the finite size effect does not significantly 

contribute to the reduction in Tg of confined films.

 

Figure 1.4 Illustration of thin-film confinement, namely, (a) the interfacial effect and (b) 

the finite-size effect where thickness (h) becomes smaller than Ree. 

1.4.2 Influence of confinement on thermomechanical properties 

When considering the characterization techniques from Figure 1.3, it is vital to 

understand how the interface may influence the apparent thermomechanical properties of 

the polymer system. These interfaces can be divided into hard/soft substrates, liquid 

media (water), and air. We first summarized the findings from the literature and compare 

the measured Tg reduction of confined polystyrene films in Figure 1.5(a). The reduction 

in Tg for hard substrates is due to the influence of the single free surface and results in the 
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smallest reduction upon confinement. Soft substrates are represented by PDMS as this is 

the predominant elastomeric substrate for buckling metrology and supported tensile 

measurements. Recently, Gagnon and Roth demonstrated the influence of the base to 

crosslinker ratio of PDMS substrates on the Tg of polystyrene using fluorescence 

labeling.108 In this report, a 10−15 nm thick pyrene-labeled probe layer was used to 

characterize the influential distance of PDMS on the Tg of a bulk (>500 nm) polystyrene 

film. The PDMS substrate was observed to substantially reduce the Tg of PS at a length 

scale of 65-90 nm with a higher base to crosslinker ratio of 17:1, demonstrating the most 

significant influence. For example, there was a dramatic 50-degree reduction in Tg 50 nm 

from the interface of the 17:1 PDMS. It is important to note that these measurements do 

not include a free surface air layer and as such measurements such as buckling metrology 

which are influenced by both the PDMS interface and the free surface, may be subjected 

to a more rapid decay in Tg. Previously, the Priestley group has determined the influence 

of water on polystyrene nanoparticles in an aqueous solution using modulated differential 

scanning calorimetry.101 The Tg dependence on the characteristic size of the polystyrene 

nanoparticles was observed to parallel that of free-standing films. This observation is 

perhaps not surprising as plasticization is not expected given the hydrophobicity of 

polystyrene and that water is highly mobile, with an estimated Tg of -108°C.115 Thus, the 

water film interface may be considered as a free surface given the film of interest is not 

hydrophilic. Lastly, free-standing polystyrene films have demonstrated significant 

reductions in Tg with reducing thickness as previously described. What is interesting, 

however, is the overlap of Tg reduction for free-standing films with that of PDMS 9:1 and 

water measurements. Given the direct link between Tg and the modulus of the material, 



 

5 

this indicates that the mechanical properties obtained from techniques utilizing these 

interfaces are likely to be similar. 

    In the past 15 years, significant strides have been made in the mechanical 

characterization of confined polymeric films. Figure 1.5(b) compares the normalized 

modulus of polystyrene films obtained from buckling metrology, film-on-water, and free-

standing tensile tests. Measurements on silicon via nanoindentation were not included as 

this technique undergoes a different confinement phenomenon, dependent on indentation 

depth and tip geometry.60 Three critical thicknesses are observed at which the modulus 

begins to decay. The first, which occurs near 25 nm, includes polystyrene films measured 

by all three techniques (PDMS 10:1) and with molecular weights ranging from 114 to 

2062 kDa. This behavior agrees with the expectation that these interfaces provide a 

similar reduction in the film Tg. Additionally, the end-to-end distance of these polymers 

ranges from 22 nm to 94 nm, which given the similar decay in modulus, implies that the 

reduction in modulus of confined films is unrelated to the finite size effect, but primarily 

dependent on the interfacial phenomenon and thus film Tg. Given this, we have plotted 

the difference between the measurement temperature and Tg of a 25 nm film overlayed 

with the dynamic mechanical analysis of bulk polystyrene obtained from the literature 

(Figure 1.5(c)).118 Thus, an expected modulus can be extracted for these 25 nm films 

from each technique based on the difference from the measurement conditions and the 

film Tg. Interestingly, this would suggest a 10% reduction in modulus which agrees well 

with the 5-10% reduction observed experimentally and further supports the importance of 

the interfacial influence on Tg. However, upon further confinement, the modulus decays 

more rapidly than what is expected from the influence of Tg alone. Given that the  
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Figure 1.5 A comparison of the confining interface on polystyrene thermomechanical 

properties with reducing thickness. a) Reduction in Tg from the bulk state relative to 

substrate stiffness.101,106,108,112 b) Normalized moduli obtained from buckling metrology, 

film-on-water, and free-standing tensile tests, demonstrating a reduction in modulus 

occurring at ~25 nm for film-on-water, FS, and 10:1 PDMS while increasing base to 

crosslinker to 20:1 shifts the reduction to higher thickness dependent on polymer bulk Tg. 
76,80,86,116,117 c) Hypothetical moduli of 25 nm PS based on the normalized modulus from 

DMA in respect to the difference in measurement temperature (25°C) and thin-film Tg. 

polymer at the mobile interface may be regarded as melt-like, the interfacial modulus is 

expected to be significantly reduced resulting in a reduction of load bear chains. Thus, the 

load bearing thickness is reduced based on the thickness of the mobile layer and may be 

attributed to the rapid decay in modulus below 25 nm. The second critical thickness lies 

just above 60 nm and occurs for the 990 kDa film measured with PDMS 20:1. Given the 

molecular weight range for measurements performed on PDMS 10:1, this difference is 

evidently related to the base to crosslinker ratio of the PDMS substrate. Interestingly, this 

difference was not highlighted in the original publication.117 However, this observation is 

supported by the previous Tg reduction observed for PDMS 17:1, and this is expected to 

be more severe at the buckling metrology ratio of 20:1 as well as the presence of the free 

surface. Considering the 25 nm film measured on PDMS 20:1 was reported to have an 

approximate 75% reduction in modulus relative to the bulk, compared to DMA, this 

would imply a T-Tg close to zero. The third critical thickness lies above 100 nm and 
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occurs for the 1.2 kDa polystyrene measured with PDMS 20:1. This increase in the 

critical thickness was attributed to the small quench depth into the bulk glass, where the 

1.2 kDa polystyrene was reported to have a bulk Tg of 21.3 ± 3.2 °C. The influence of 

quench depth on thin-film modulus was previously reported for a series of methacrylate 

polymers of varying Tg.
119 Confinement effects were observed to shift towards greater 

film thicknesses as the quench depth from the bulk state decreased. Interestingly, it was 

also observed that the reduction in modulus of poly(n-propyl methacrylate) was not 

correlated with thin-film Tg which did not deviate from the bulk. These findings stress the 

importance of understanding the potential influence of interfacial phenomenon on the 

polymer’s apparent mechanical performance and highlight the need for additional 

investigation into confined film mechanics and potential dependence on chemical 

structure. This topic is a focus of Chapter III and IV within this dissertation.
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1.5 Current trends in the thermomechanics of semiconducting polymers 

1.5.1 Background 

Given their heterogenous chemical structure, thickness dependence, poor 

molecular weight control, and semicrystalline morphology, understanding the 

thermomechanical properties of semiconducting polymers has been a significant 

challenge within the field. Regardless, significant progress has been made within the last 

decade, leading to the following general guidelines. 1) High backbone rigidity, associated 

with fused aromatic rings, restricts conformational freedom along the backbone 

increasing Tg and modulus. 2) Flexible sidechains plasticize the conjugated backbone 

resulting in reduced Tg and modulus, as well as increased ductility, with increasing 

sidechain content. 3) Sufficient molecular weight is necessary to achieve both high 

ductility and electrical performance. 4) High crystallinity is not necessary for superior 

charge transport and is detrimental to mechanical performance (soft and ductile). 5)  

Confinement can both decrease and raise conjugated polymer Tg depending on the 

competition between interfacial influence and morphology. These topics are briefly 

described below. 

1.5.2 Backbone structure 

Inherent to semiconducting polymers is their conjugated backbone, which 

provides charge transport, but also restricts the conformational freedom of the system. In 

2016, Roth et al. assessed a library of 51 semiconducting polymers and studied their 

mechanical property using the film-on-elastomer technique.68 Semiconducting polymers 

with increasing number of fused rings exhibited elevated modulus and low crack-onset-

strain. This agrees with more recent work, by Zhang et al., where the number of fused 
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and isolated thiophene rings were shown to substantially influence the thermomechanics 

of a DPP-based polymer.23  Altering the chemical structure from an isolated thiophene to 

fused thienothiophene and then dithienothiophene resulted in an increase in Tg from -

11°C to 3.5°C and 22°C, respectively. In turn, modulus increased from 173 MPa to 480 

MPa and crack-onset-strain decreased from 53% to 3%. These changes were attributed to 

the incorporation of high Tg moieties within the backbone as well as reduced content of 

plasticizing sidechains. In contrast, semiconducting polymers incorporating flexible 

conjugation break spacers (CBS) within the backbone, exhibit the opposite effect. For 

example, Savagatrup et al. found that incorporation of methylene units (3 carbons long) 

within the backbone decreased the modulus of a fully conjugated DPP-based polymer 

from 315 MPa to 174 MPa.120 However, crack-onset-strain decreased from 3.5% to 3.0% 

which was attributed to tighter crystalline packing. Galuska et al. demonstrated 

incorporation of methylene-based CBS to greatly decrease the Tg of an NDI-based 

polymer from 100C to below room temperature.87 At the same time,  backbone rigidity 

was significantly reduced from 521 to 36Å resulting in a low entanglement molecular 

weight of 15 kDa and high ductility. This work will be discussed fully in Chapter II of 

this dissertation.  

1.5.3 Sidechain structure 

Alkyl sidechains are prevalent throughout semiconducting polymers for their 

solubilizing power and morphological control. More recently, their critical influence on 

thermomechanics has come into view. For example, polythiophene, without sidechains, 

possesses a Tg of 120°C while incorporation of butyl sidechain plasticizes the backbone, 

reducing Tg to ~ 40°C.121,122 This trend continues, with diminishing returns, as sidechain 
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length increases. There are two competing affects with increased sidechain length. 1) As 

sidechain length increases the content of internal plasticizer increases thus enhancing 

backbone dynamics and lowering the Tg.
123 2)  Sidechain Tg increases from below -100°C 

for a butyl chain to -40°C for a dodecyl chain. Thus, the plasticization capability per 

methylene unit is reduced as sidechain length increases. This trend also occurs for D-A 

polymers, where sidechain content has been linked as a controlling parameter of 

backbone Tg.
124 This influence is vital to understand, as sidechain content for such 

systems can range from 20-70% and thus be a facile method of tuning thermomechanical 

performance. The structure of the sidechain also plays a role, namely, flexibility and 

branching position.30,125 In 2018, Sugiyama et al. compared the influence of linear alkyl, 

branched alkyl, and linear ethylene oxide sidechains on the thermomechanics of a DPP-

based polymer.30 For polymers containing the same total number of atoms, 16 (carbon + 

oxygen),  in the side chain, the Tg was observed to be lowest for the ethylene oxide 

sidechain (~95°C), termed EO5, followed by the branched (~134°C)  and linear alkyl 

(~155°C) sidechains. Subsequently, the EO5 sidechain demonstrated the lowest modulus, 

as measured by buckling metrology, as well as high ductility. This improvement on the 

thermomechanics imparted by the ethylene oxide sidechains was attributed to their 

greater flexibility and hence plasticization potential. However, it is important to note a 

discrepancy between the Tg and modulus reported. Given that EO5 side chain had an 

elevated Tg of ~95°C, the polymer should lie deep within the glassy state and thus the 

reported modulus of ~50MPa is unlikely. Potential reasonings for this could include 

interactions by the PDMS substrate during buckling metrology or that the reported 

backbone Tg is originating from another phenomena, such as the Tg of a rigid amorphous 
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fraction. Although the influence of the sidechain is most related to Tg and hence the 

modulus of the material, ductility is also influenced.  Balar et al. observed that the 

sidechain Tg may act as a brittle to ductile transition for many semiconducting polymers, 

above which, the polymers behave in a ductile manner.26 Such brittle-ductile transitions 

are common in conventional polymers and have been linked to secondary relaxations of 

the polymer.126,127  

1.5.4 Molecular weight 

Molecular weight is a key parameter governing the connectivity of polymeric 

systems. It is this connectivity which allows for load displacement as well as charge 

transport to occur across large length scales and subsequently impact nearly every aspect 

of performance.13,128,129 The impact of molecular weight on the properties of P3HT has 

been studied extensively. For example, as Mn increases from 20 to 90 kDa, bulk strain at 

failure shifts from 10% to 300%.130 The same trend was observed for P3HT measured by 

the film-on-water technique in the thin-film state.47 This can be attributed to increased 

entanglement density in the amorphous state and sufficient tie-chain concentration 

bridging crystalline domains. The role of tie-chains has been assessed in more detail by 

Gu et al., whereby varying molecular weights of P3HT were blended and assessed on 

their mechano-electrical behavior.131 In the absence of sufficient tie-chain concentration, 

brittle failure occurred as chains were unable to delocalize the applied force through 

conformational reorganization as evidenced by the lack of orientation obtained from UV-

vis. For D-A systems, Balar et al., demonstrated that increasing molecular weight of both 

pure and blended systems resulted in increased crack-onset-strain as well as cohesive 

fracture energy, attributed to enhanced load distribution offered by chain entanglement.132 
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In 2020, Pei et al. demonstrated the influence of molecular weight on a DPP-based 

polymer. Modulus was observed to decrease at elevated Mn, attributed to disruption of 

crystalline packing, while crack-onset-strain increased. Charge mobility also increased 

with molecular weight, due to increasing connectivity despite reduced crystalline size. 

Thus, molecular weight is a key parameter in our understanding of semiconducting 

polymer thermomechanics. 

1.5.5 Crystalline morphology 

Most semiconducting polymers are semicrystalline in nature, with a range of 

crystalline orientations and packing distances dictated by their structure and processing. 

Previously, the drive within the field was to produce highly crystalline polymers with the 

hope of improving charge mobility. A great example of this is the development of 

poly(2,5-bis(3-alkylthiophen-2-yl) thieno[3,2-b]thiophene) (PBTTT), which exhibits 

large crystallite size and improved charge transport over P3HT.133 However, high 

crystallinity effectively robs amorphous domains of entanglements, thus limiting the 

ductility of the system. This was demonstrated by O’Connor et al., via film-on-elastomer 

method, where PBTTT exhibited a high modulus of 1.8 GPa and low crack-onset-strain 

below 2.5%.71 In contrast P3HT failed above 150% strain. Our recent work also 

demonstrated the impact of crystallinity on thermomechanics. Upon incorporation of 

hydrogen bonding urea moieties into the sidechain, a DPP-based polymer exhibited a 

48% increase in crystallinity and in turn an approximate decrease in strain at failure by 

50%.134 Amide functionalization resulted in a drop in crystallinity and 100% 

improvement in ductility. This work is fully discussed in Chapter 4 of this dissertation. 

Additionally, Qian et al. demonstrated the importance of crystallinity on mechanical 
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performance even in highly flexible systems.82 Cold crystallization was found to occur at 

room temperature for an NDI-based polymer containing a flexible CBS along its 

backbone. Measurement of the mechanical performance within 15 minutes of spin 

coating resulted in low modulus (~200 MPa) and high ductility (40% strain at failure). 

Within 24 hours, embrittlement occurred (less than 5% strain at failure) and modulus 

grew by ~ 250%. 

Low crystalline polymers, such as IDT-BT,135 have demonstrated excellent charge 

mobility due to planar chemical structures and sufficient tie-chains bridging small 

crystalline domains.136 Furthermore, this finding suggests that high mechano-electrical 

performance may now be achieved in unison. For example, Zheng et al. compared 

mechano-electrical performance of IDT-BT to a more crystalline DPPTT polymer.137 

Despite an elevated modulus of 745 MPa, IDT-BT also demonstrated 2.4 times increase 

in strain at failure while exhibiting a high charge mobility of 1.8 cm2 V−1 s−1. Beyond the 

direct impact of crystallinity on mechanical performance, the interaction of crystalline 

and amorphous domains may lead to the formation of a rigid amorphous fraction (RAF) 

with reduced conformational freedom and an elevated Tg.
138,139 Currently, only a couple 

works have identified the existence of elevated thermal transitions, associated with the 

RAF, within P3HT and DPP-based polymers, but the identity and influence has yet to be 

fully elucidated on the optoelectronic and mechanical performance of semiconducting 

polymers. 28,140 Chapter V of this dissertation will focus on identifying the RAF and its 

role on semiconducting polymers. 
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1.5.6 Confinement 

Unlike conventional glassy systems, of which confinement has primarily been 

studied, as discussed in section 1.4, semiconducting polymers are semicrystalline and 

possess a myriad of potential competing phenomenon. Thus, the thermomechanics may 

be stiffened or softened depending on the competing mechanisms of influence. For 

example, in 2006, Campoy-Quiles et al. explored the thickness dependent thermal 

transitions of two polyfluorene polymers using temperature dependent ellipsometry and 

discovered 3 regimes of influence.40 1) Above 159 nm, PFO possessed a Tg equivalent to 

the bulk state. 2) Between 60 nm and 159 nm the Tg was greater than Tg,bulk (18°C greater 

at 70 nm). 3) The Tg decreased 5°C below Tg,bulk at 18 nm in thickness. The crystallization 

temperature followed the same trend. Similar phenomenon was observed with PCDTBT, 

by Wang et al., which demonstrated an initial Tg reduction with decreasing thickness 

down to 40 nm.36 Below 40 nm the Tg plateaued at a value 20°C below Tg,bulk. This was 

attributed to favorable π-π stacking at the substrate interface restricting chain mobility 

and limiting further reductions in Tg. Most recently, thermal transitions of DPPT, DPPTT, 

and DPPTTT were assessed through AC-chip calorimetry.28 Three glass transitions were 

observed for each polymer, representative of the sidechain, backbone, and RAF. The 

thickness dependence of these transitions was assessed for DPPTTT from bulk polymer 

to 33 nm films. All three separate transitions were observed to decrease with reducing 

thickness. This is attributed to increased free volume provided at the air-film interface as 

well as a reduction in crystallinity which may loosen the segmental restrictions imposed 

on the RAF.  It is also important to recognize that confinement is not just related to 

thickness, but rather any geometric restriction of a polymer, for instance, a 
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semiconducting polymer orientated into nanoconfined fibers within a soft elastomer. In 

2017, Xu et al., investigated the influence of nanoconfinement of a DPP-based polymer 

within a polystyrene-block-poly(ethylene-ran- butylene)-block-polystyrene (SEBS) 

matrix.141 The DPP-polymer formed nanofibers within the SEBS matrix, which were 

confirmed by AC-chip calorimetry to have a reduced Tg relative to 135 nm and 35 nm 

thick films. This resulted in a reduction in modulus as well as substantially improved 

ductility. In 2018, Zhang et al. explored the thickness dependent mechanical properties of 

P3HT and DPP-TVT using the film-on-water method.142 Modulus remained constant for 

P3HT from 20 nm to 100 nm, but decreased for DPP-TVT. Additionally, crack-onset-

strain decreased for both films with decreasing thickness. 
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CHAPTER II – IMPACT OF BACKBONE RIGIDITY ON THERMOMECHANICS 

(Adapted from “Galuska, L. A.; McNutt, W. W.; Qian, Z.; Zhang, S.; Weller, D. W.; 

Dhakal, S.; King, E. R.; Morgan, S. E.; Azoulay, J. D.; Mei, J.; Gu, X. Impact of 

Backbone Rigidity on the Thermomechanical Properties of Semiconducting Polymers 

with Conjugation Break Spacers. Macromolecules 2020, 53, 6032–6042.”) 

2.1 Introduction 

A main attribute of organic semiconductors is the potential to produce inherently 

soft and ductile electronics for emerging applications in technology such as wearable and 

implantable devices.65,141,10,143 Such applications require an active material with high 

charge transport and mechanical compliance similar to biological tissues. Conjugated 

polymers (CPs) have seen vast improvements in charge transport performance in the last 

three decades144, this improvement has driven recent research interest towards the 

investigation of mechanical performance which is still in its infancy.   

Despite the high heterogeneity of many CPs, the structural components can be 

separated into two regions of interest, namely, side chains which offer enhanced 

solubility and a conjugated backbone which promotes charge transport. Side-chain 

engineering offers a reliable route for tuning the mechanical properties through moderate 

influence over backbone chain dynamics. Increasing side chain length promotes 

plasticization of the backbone resulting in a reduction in the glass transition temperature 

(Tg) and subsequently the elastic modulus, which has been previously demonstrated with 

poly(3-alkylthiophenes) (P3ATs).145,67 More recently, Sugiyama et al. investigated the 

influence of side-chain length, branching, and chemical structure on a 

diketopyrrolopyrrole (DPP) based donor-acceptor (D-A) polymer, concluding that 
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increased length and flexibility of the side-chain will result in reduced Tg and increased 

ductility.30 

Backbone engineering provides a more direct control over chain flexibility which 

is a key contributing factor to backbone Tg as well as the propensity of chains to entangle 

which governs ductility. Solution scattering is the principal route to quantitatively assess 

chain flexibility, but has primarily been limited to more conventional CPs such as 

P3ATs146,147,148,polyfluorene (PF)149, poly(p-phenylene vinylene) (PPV)150, and 

poly(thieno[3,4‐b]‐thiophene‐co‐benzodithiophene) PTB7151. The general consensus is 

that D-A CPs containing higher content of fused rings will have greater rigidity due to an 

increase in the rotational energy barrier thus reducing conformational freedom.152 

Additionally the dihedral angle between different backbone building blocks also affects 

the chain conformation as the Milner group pointed out.153 This is evident in the 

comparison of P3HT and fused PF which exhibit a persistence length of approximately 3 

nm148 and 7 nm149 respectively. Previous research by Roth et al. explored a broad library 

of 51 low-bandgap polymers of varying architecture, demonstrating that a higher content 

of fused rings results in increased stiffness as well as likelihood of fracture.68 A similar 

trend was observed in our recent publication where we examined the effect of isolated 

and fused thiophene content on the thermomechanics of DPP-based polymer.154 It was 

discovered that increasing thiophene content exhibited an anti-plasticization effect 

yielding an increase in elastic modulus and reduced ductility.  

Recently, conjugation break spacers (CBS) were introduced to the field of organic 

electronics to disentangle the effect of intra- and intermolecular transport.155,156,157,158 For 

randomly incorporated CBS at small concentration, the charge mobility was found to be 
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largely maintained relative to the parent poly(2,5-bis(3-tetradecylthiophen-2-

yl)thieno[3,2-b] thiophene) (PBTTT) polymer.155 This is attributed to long range 

percolation of conjugated units via a robust π-π stacked network. Although no 

mechanical properties were considered, this study has sparked interest in the CP 

community for utilizing flexible CBS to reduce backbone rigidity and enhance 

mechanical performance without compromising charge mobility. The first mechanical 

study of such systems was performed by Savagatrup et al. in 2016, in which the effect of 

CBS concentration on a DPP-based polymer was investigated.120 A reduction in elastic 

modulus was found upon increasing CBS content. Despite the supposed increase in 

flexibility offered by incorporation of CBS the strain at failure was observed to be 

surprisingly low, below 15% strain, regardless of CBS content. This was justified through 

the solid-state packing, where alkyl packing distance and full width half max (FWHM) 

decreased with increasing CBS, indicating that morphology and not structure alone are 

responsible for the deformation mechanics within these systems. However, it should be 

noted that the molecular weight of the DPP polymer used in this study was generally low 

(e.g. Mn of 12.5 kDa for fully incorporated CBS) which may also be a significant factor 

in the poor ductility. Also, in 2016, Zhao et al. investigated the influence of CBS length 

upon incorporation into the monomer repeat unit itself where previously only random 

copolymers have been reported.157 Although, the thermomechanics of these systems were 

not considered, a surprisingly high charge mobility was maintained for blend systems 

containing as little as 2% fully conjugated DPP within a matrix of CBS based polymer. 

For pure CBS polymer, electrical properties are detrimentally affected as conjugation is 

effectively broken at longer length scales. With further increase of CBS length, the 
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electrical properties continue to decrease as the concentration of π-π stacked units are 

effectively diluted and thus weaken intermolecular charge transport. Many more 

investigations on the utilization of CBS have been reported, including: promotion of 

solubility and melt processability156,158,159,160, healable semiconductors161, and semi-

random copolymers.162,163 However, there remains a fundamental gap in knowledge for 

these systems, namely a lack of quantitative information regarding the influence of CBS 

on chain rigidity, propensity to entangle, and ultimately their mechanical property.  

Here, we investigate a series of naphthalene diimide (NDI) based polymers as the 

first n-type polymer to be incorporated with CBS of varying length to ascertain the role 

of backbone flexibility on thermomechanics as well as morphology. Our findings provide 

a quantitative verification that increased backbone flexibility results in a softening effect 

expressed through a reduction in Tg and elastic modulus. An extremely high ductility, 

upwards of 400% strain for pseudo-freestanding film, is observed at multiple CBS 

lengths and determined to be directly proportional to the number of entanglements in the 

system given by oscillatory melt shear rheology and molecular weight dependent 

mechanical analysis using our unique film on water tensile tester. Given the profound 

ductility, a high degree of alignment was observed and characterized through an in-depth 

morphological analysis, including grazing incidence wide angle X-ray scattering 

(GIWAXS), transmission WAXS, polarized UV-Vis, and atomic force microscopy 

(AFM). This work sheds light on the important role of backbone rigidity for designing 

flexible and stretchable conjugated polymer.
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2.2 Experimental 

2.2.1 Materials and processing 

Six PNDI-Cx polymers were synthesized with CBS units incorporated into each 

repeat unit. The synthesis was performed as previously described by McNutt et al.164 For 

GPC analysis, the polymers were dissolved by shaking in 1,2,4-trichlorobenzene (TCB) 

at a concentration of 1-2 mg/mL for 2 hrs at 160°C through use of an Agilent PL-SP 

260VS sample preparation system, the samples were then filtered through a 2 µm 

stainless steel filter into the 2 mL glass GPC vials and ran in the instrument at 160°C 

using TCB as an eluent. The high temp (HT)-GPC utilized was an Agilent PL-GPC-220 

system, this system is equipped with 3 pLGel Olexis (13 µm particle size) in series in 

addition to a differential refractive index (RI) detector, a dual angle (15° and 90°) light 

scattering (LS) detector, and a viscometer (VS) detector. The chromatograms were 

worked up from the RI signal utilizing a narrow standard polystyrene calibration (14 

points, ranging from 162 g/mol to 3,242,000 g/mol). The SEC curves are shown in Figure 

S10. 

2.2.2 Film preparation 

PNDI-Cx polymers were dissolved in chlorobenzene at 80 ˚C at a concentration 

of approximately 25 mg/ml. PNDI-C0 was prepared at 10 mg/ml under identical 

conditions. Poly(sodium 4-styrenesulfonate) (PSS) was obtained from Sigma Aldrich at a 

molecular weight of 70 kDa in 30% by volume aqueous solution. PSS was first diluted to 

3 wt% in aqueous solution and spun cast onto plasma treated silicon wafer at 4000 rpm 

for 2 minutes. PNDI-Cx solution was then cast at 2000 rpm for 1 minute forming the 

composite film.  
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2.2.3 Solution small angle neutron scattering (SANS) 

SANS was performed at both the National Institute of Science and Technology 

(NGB 30 m SANS) and Oak Ridge National Laboratory (EQSANS). A wavelength of 10 

Å was used for two sample-detector distances of 1 and 8 m which was combined for 

coverage of a wide q vector range.  Solution was prepared in deuterated chlorobenzene at 

5 mg/ml. Each sample was exposed at both 25 and 85 ˚C with an exposure time of 5 and 

30 minutes for sample to detector distances of 1 and 8 m respectively. Data reduction was 

performed through Wavemetrics Igor. Finally, SasView software was used to fit the 

scattering data to the flexible cylinder model165 to calculate the chain rigidity. 

2.2.4 Differential scanning calorimetry (DSC) 

DSC was performed with a Mettler Toledo DSC 3+ at heating and cooling rates 

of 30 ˚C/min.  

2.2.5 Pseudo-free-standing tensile test 

Thin film tensile tests were performed on a water surface through the pseudo-free-

standing tensile tester, as described in our previous publication.166 Briefly speaking, the 

composite films were patterned into a dog-bone geometry using a laser cutter. Post 

patterning, the composite film was floated on top of water before being further 

unidirectionally pulled at a strain rate of 5 × 10−4 s−1 until the film fractures. Generally, 

five independent samples were measured for each conjugated polymer to provide 

statistically averaged mechanical properties. The elastic modulus was obtained from the 

slope of the linear fit of the stress–strain curve within the first 0.5% strain.
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2.2.6 Oscillatory melt-shear rheometry 

Linear rheological measurements of PNDI-C4 to C7 were performed with strain-

controlled rheometer Advanced Rheometric Expansion System (ARES-LS) from TA 

Instruments under dry nitrogen protection. The sample was molded into a 0.5 mm thick 

bubble-free disk with 8 mm in diameter under vacuum at 30 °C above the relevant 

melting temperature. The sample was loaded between 8-mm aluminum disposable 

parallel plates and heated above the melting temperature to ensure good contacts between 

sample and plates. The dynamic frequency sweep between 100 to 0.1 rad/s were 

performed in a wide temperature range: 150 °C to 70 °C for C4, 80 °C to 30 °C for C5, 

and 100 °C to 30 °C for C6 and C7, after the linear viscoelastic strain range was 

determined with strain sweep measurements. 

2.2.7 Grazing incidence wide angle X-ray scattering (GIWAXS) 

GIWAXS was performed on beamline 11–3 at the Stanford Synchrotron 

Radiation Lightsource. Data was collected at a sample to detector distance of ~ 300 mm 

under a helium environment with an incident beam energy of 12.7 keV and an incidence 

angle of 0.12°. Diffraction analysis was performed using Nika software package within 

Wavemetrics Igor, in combination with WAXS tools.167 

2.2.8 Transmission wide angle X-ray scattering (WAXS) 

Transmission WAXS was performed using a Xenocs Xeuss 2.0 SAXS/WAXS lab 

source instrument. Free-standing films were exposed for 2.5 hours with an incident beam 

energy of 8.05 keV and a beam geometry of 1.2 x 1.2 mm. The sample to detector 

distance was approximately 157 mm. Free-standing films were obtained by lifting post 

tensile drawn films from the pseudo free-standing tensile tester’s water bath using a steel 
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washer with an inner diameter of 3.85 mm. The films were allowed to dry under vacuum 

at room temperature overnight prior to the obtained scattering. Film thickness was 

obtained by interferometry and AFM for normalization of the scattering intensity. 

2.2.9 Transmission UV-Vis 

UV–Vis–NIR transmission spectra were performed with an Agilent Cary 5000 

with a specified operating wavelength range of 300 – 1100 nm. Polarized measurements 

were achieved with a Harrick Glan-Taylor polarizer at 0˚ and 90˚. For tensile drawn 

samples, measurement was conducted on glass slides after collection and subsequent 

drying. 

2.2.10 Atomic force microscopy (AFM) 

AFM images were acquired on an Asylum Research Cypher S operating in AC 

mode in air. The samples were collected post tensile strain onto bare silicon wafer. 

2.3 Results and discussion 

2.3.1 The impact of CBS on the chain rigidity characterized by solution small angle 

neutron scattering.  

A series of NDI-based conjugated polymers with CBS directly incorporated into 

each repeat unit were utilized to systematically evaluate the effect of CBS length on 

backbone flexibility (Figure 2.1(a)). Random incorporation of CBS masks its inherent 

influence over both electrical and thermomechanical performance due to two factors: 1) 

While CBS concentration can be relatively maintained, its placement within the polymer 

structure is unclear and may provide varying effects at the chain end or centrally located 

along the backbone. This becomes particularly important for low molecular weight 

polymer systems where it’s feasible to consider that only one CBS may be incorporated 
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into the polymer chain. 2) Packing morphology is greatly affected by structure 

consistency and upon random CBS insertion, disruption of the morphology is likely to 

occur and act as defects towards crystallization.168,169,170 Therefore, the properties 

obtained from such systems may be dominated by the morphology induced from random 

addition rather than the CBS itself. Thus, this work opted to investigate 100% 

incorporation of the CBS to elucidate the effect of backbone flexibility on the 

thermomechanical properties. The synthesized polymers are listed in Table 2.1. The 

synthesis of these polymers is described in our recent 2019 and 2020 publications.21,164 

C1 and C2 analogues are omitted due to difficulty in synthesis. The C1 analogue suffers 

from rapid decomposition of C1 linked thiophene and as such has not been studied in 

previous publications.  The general procedure for C2 analogues can be found in a 2016 

paper by Zhao et al., but was neglected due to the challenges in synthesis.157 

The CBS length was varied from PNDI-C0 (fully conjugated) to PNDI-C7 with 

the purpose of demonstrating the effect of increasing backbone flexibility on the 

thermomechanics. Despite the notion that CBS offers improved flexibility for conjugated 

systems, there is currently no quantitative experimental evidence of this in the literature. 

In order to investigate the polymer chain conformation, solution small angle neutron 

scattering (SANS) was conducted for each polymer (2D scattering profiles are available 

in Figure A.1 in Appendix A). A 5 mg/ml polymer solution in deuterated chlorobenzene 

was used to provide a strong coherent scattering signal while also being sufficiently 

dilute to obtain non-interacting polymer chains and thus elucidating the form factor 

(Figure 2.1(b)). Temperature was also controlled at both 25 ˚C and 85 ˚C to consider 

variable solvent interactions as well as potential aggregation of conjugated polymer,  
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Figure 2.1 (a) PNDI-Cx polymers under investigation. (b) Illustration of solution SANS 

upon insertion of CBS. (c) 1D scattering profile obtained at 25 ˚C in deuterated 

chlorobenzene. (d) Kuhn length dependence on CBS length as fitted using the flexible 

cylinder model in SasView software. 

especially for fully conjugated PNDI-C0. The scattering data was fitted to the flexible 

cylinder model in SasView171 software which enabled the calculation of the chain rigidity 

through the Kuhn length (Lk) (Figures 2.1(c-d), Figure A.2 and Table A.1). The Lk was 

shown to dramatically diminish upon insertion of CBS. Take PNDI-C3 for example, the 

backbone rigidity reduced from 521 Å (for fully conjugated) to 85 Å at 25 ˚C. This 

suggests that introducing flexible linkers into the polymer backbone turned the worm-like 

semirigid chain into nearly flexible. Upon further increasing the CBS length, the Lk 

continued to reduce indicative of increased flexibility, thus providing the first 
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experimental evidence that incorporation of CBS does indeed increase the backbone 

flexibility within conjugated systems.  For PNDI-C5 and PNDI-C6, both of their Lk is 

around 50 Å, indicating they are now as flexible as P3HT.148  

At room temperature we observed a considerable decrease in the Lk when going 

from PNDI-C0 to PNDI-C3. Considering the strong intermolecular interactions 

associated with conjugated polymers, we evaluated these systems at elevated 

temperatures to verify our findings. It was discovered that the Lk of PNDI-C0 greatly 

decreased at 85 °C, indicating a strong conformation shift with temperature. Aggregation 

typically results in enlarged low Q vector scattering intensity which greatly diminishes at 

high temperature.148,172 Thus, aggregation effects can be ruled out as the low Q vector 

scattering intensity remains consistent between the two temperatures and all polymers 

measured (Figure A.2(b-c)). However, it was found that the Lk was still much larger (196 

Å) than that that observed in PNDI-Cx polymers which remained consistent with the 

initial 25 °C experimental results. This independence of temperature indicates that CBS 

containing PNDI-Cx polymers are highly soluble and interact strongly with the solvent at 

all measured conditions.  

2.3.2 Thermomechanical properties  

An in-depth thermomechanical analysis was performed to ascertain the impact of 

chain flexibility, provided by the CBS, on Tg, entanglement molecular weight (Me), 

elastic modulus, and crack-onset strain (COS) for PNDI-Cx thin films. Such parameters 

ultimately govern the softness and ductility that can be achieved for intrinsically 

stretchable electronics. The glass transition temperature dictates the physical state of the 

conjugated polymer, be it in a viscoelastic or glassy state, and exerts a profound impact 
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on the elastic modulus. Me corresponds to the molecular weight at which entanglements 

are observed within the melt, while the molecular weight of the conjugated polymer with 

respect to the Me determines the degree of interchain entanglements in their solid state 

and thus affects the failure behavior of the polymeric film, namely COS. COS 

corresponds to the strain at which a crack appears and begins to propagate throughout the 

film. This is generally monitored by optical microscopy for film-on-elastomer methods or 

by force decay, measured by a load cell, in our tensile measurements. 

In literature, differential scanning calorimetry (DSC) has shown to be unreliable 

for the characterization of glass transition phenomena associated with conjugated 

polymer. This is due to high backbone rigidity, semi-crystalline nature, and high side 

chain content which ultimately results in a low backbone Δcp that is nearly imperceptible 

when using conventional DSC.173,124 In the case of PNDI-C0, physical aging was used in 

our previous publication to elucidate the Tg through the associated enthalpy overshoot 

and further verified with a modified DMA technique.173,174 The resulting values obtained 

for PNDI-C0 were 101 and 131 ˚C respectively. In contrast, the enhanced backbone 

flexibility of PNDI-Cx polymers containing CBS provide a strong Tg signal from 

conventional DSC. Glass transition temperature for PNDI-Cx was studied with DSC at a 

heating/cooling rate of 30 ˚C/min, the thermograms are shown in Figure A.3.  Figure 

2.2(a) reveals a clear reduction in both Tg and melting temperature (Tm) with increasing 

CBS length. This demonstrates a strong dependence of backbone flexibility to influence 

chain dynamics and crystalline packing. The most dramatic change occurs upon 

introduction of the CBS unit, from PNDI-C0 to PNDI-C3, where backbone flexibility is 

dramatically enhanced due to the break in conjugation (e.g. Tg reduced from 102 ˚C to 
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around 20 ˚C). While addition of CBS with greater length provides diminishing 

improvement in flexibility and Tg as chain dynamics are already quite mobile. 

From the thermal analysis we hypothesized that a reduction in the elastic modulus 

would manifest with increasing CBS length due to greater chain dynamics as expressed 

by the reduction in Tg. This was verified through the use of the pseudo-free-standing 

tensile tester which as described in our previous publications enables the mechanical 

properties of an ultrathin film to be directly obtained through stress-strain analysis while 

supported by a smooth water surface.154,166,175,176,177  Prior to characterization, each 

polymer film was annealed under a nitrogen atmosphere for two days at either the 

operating temperature of the tensile tester (25 ˚C) or 30 ˚C below each polymer’s 

respective Tm, noted as “PA” for post-annealing. The rationale for this is two-fold: 1) The 

thermal properties of the PNDI-Cx polymers, namely Tg < Toperating < Tm, allow for 

isothermal crystallization to take place at room temperature which may yield time-

dependent mechanics as the morphology is in a state of flux. 2) The increased flexibility 

of these systems yields relatively slow crystallization rates as compared to the fully 

conjugated PNDI-C0, whose crystallization cannot be impeded even when cooling from 

the melt at rates of more than 10,000 K/s.173 Thus, the annealing protocol was designed to 

achieve equilibrated morphologies for deriving structure-property relationships without 

the obfuscation of time dependence. Figure 2.2(b) shows representative curves for the 

tensile analysis for annealed PNDI-Cx films (see Figure A.4 for raw curves) where a 

clear trend in elastic modulus is given by the diminishing slope in the linear elastic 

regime thus confirming our hypothesis. For fully conjugated PNDI-C0 the elastic 

modulus is 881 MPa post annealing, while, the PNDI-Cx polymers with flexible linker 
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range from 664 MPa (PNDI-C3) down to 213 MPa (PNDI-C7). However, for PNDI-Cx 

films annealed at room temperature the trend in elastic modulus is not as clear, which 

may be due to different crystallinity in the films as a result of different crystallization 

rates. A summary of the tensile data from both regimes is given in Table 2.1.  

 

Figure 2.2 Influence of chain flexibility on thermomechanical and rheological properties. 

(a) Elastic modulus, backbone Tg, and Tm for all examined PNDI-Cx polymers. Thermal 

data was obtained from DSC and Tg was verified through physical aging. (b) 

Comparison of stress-strain curves obtained from the pseudo-free-standing tensile test 

post a two-day annealing at an undercooling of ~ 30 ˚C. PNDI-C0 was annealed for 8 

hours at 200 ˚C. Shaded red area indicates region of interest relative to insert. (c) Van 

Gurp-Palmen-plots of PNDI-C4 - C7. PNDI-C4 of 144 kDa Mw was used. (d) Molecular 

weight dependent tensile test of PNDI-C4 post two-day equilibrating at room 

temperature in nitrogen atmosphere. 
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Table 2.1 Physical and mechanical properties of NDI-Cx polymers 

  M
n
 (kDa) M

w
 (kDa) PDI Me (kDa) Thickness (nm) Modulus (Mpa) STDEV COS STDEV 

PNDI-C0 

PA 42.2 104.7 2.5 --- 90 652 24 0.02 < 0.01 
PNDI-C0 157.5 313.4 2.0 --- 97 691 38 0.69 0.05 

PNDI-C0 

PA 157.5 313.4 2.0 --- 115 881 26 0.65 0.11 
PNDI-C3 33.2 53.9 1.6 --- 83 293 3 0.83 0.53 
PNDI-C3 

PA 33.2 53.9 1.6 --- 135 664 19 0.04 0.01 
PNDI-C4 4.73 9.6 2.0 --- 67 386 25 < 0.02 NA 
PNDI-C4 10.5 17.3 1.6 --- 71 364 6 0.03 0.01 
PNDI-C4 14.6 24.6 1.7 --- 82 320 8 0.04 0.01 
PNDI-C4 34.1 63.8 1.9 --- 94 312 16 0.43 0.18 
PNDI-C4 61.3 144.3 2.4 15.9 78 338 11 4.04 0.27 
PNDI-C4 

PA 61.3 144.3 2.4 15.9 66 585 25 1.10 0.55 
PNDI-C5 15.3 46.5 3.0 15.9 83 335 10 0.06 0.01 
PNDI-C6 16.7 48.0 2.9 14.2 99 309 3 0.16 0.02 
PNDI-C7 19.0 62.3 3.3 14.8 79 213 7 1.80 0.41 

PA: post annealing at 30 ˚C below the respective melting temperature (PA occurs at R.T. for PNDI-C5, C6, C7 and is thus not listed) 

 

Apart from the elastic modulus difference in PNDI polymers, we also studied 

their COS. The COS for the polymers covers a wide range from below 5% strain to above 

400% in the case of high molecular weight PNDI-C4 annealed at 25 ˚C. COS is often 

found to be proportional to the number of intermolecular entanglements in a polymer 

system.178,179,180 As the number of entanglements increase, the distribution of load 

bearing chains becomes more uniform minimizing the influence of inherent defects and 

ultimately providing increased elasticity. The entanglement behavior for conjugated 

polymer can be measured using melt reheology.181 Due to limited material supply, the 

sample was molded into disks 8 mm in diameter and 0.5 mm in thickness under vacuum 

for oscillatory melt shear rheology.182,183,181,184 The rheological measurements were 

successful for PNDI-C4 to C7 and the associated master curves are given in Figure A.5, 
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which demonstrate the viscoelastic response of these polymers within the melt state. Van 

Gurp-Palmen-plots (vGP-plot), an alternate mathematical representation of the data, were 

constructed to elucidate the entanglement characteristics, namely the Me and the degree 

of entanglement (Figure 2.2(c)).185,186,187  

The entanglement plateau modulus (GN) was obtained from the norm of complex 

modulus corresponding to the minimum phase angle of the vGP-plot. GN is shown to be 

weakly dependent on CBS length with values ranging indiscriminately from 19-23 kPa. 

This also implies similar  Me through the equation:188 

                𝐺𝑁 =
𝜌𝑅𝑇

𝑀𝑒
                                          eq1 

which is in the range of 14-16 kDa. Additionally, the position of the minimum in respect 

to the phase angle describes the molecular weight of the system where higher molecular 

weight polymer is expressed through a lower phase angle. Considering the relatively 

consistent Me, the phase angle will be directly related to the number of entanglements 

within the system and therefore greatest ductility should be found at the minimum phase 

angle. This was found to be the case as 144 kDa PNDI-C4 possesses the lowest phase 

angle followed by PNDI-C7, PNDI-C6, and PNDI-C5 which corresponds well to their 

relative COS of 400%, 180%, 16%, and 6%.  

To illustrate the important role of entanglements on the COS for conjugated 

polymers, we performed molecular weight dependent mechanical analysis on PNDI-C4 

(Figure 2.2(d) and Figure A.6) with weight average molecular weight (Mw) ranging 

from 9.6 kDa (below Me) to 144.3 kDa (well above Me). Samples with Mw of 

approximately 65 kDa (~4 times that of Me) were shown to be relatively ductile with 

above 40% strain at failure, but not to the extent of 144 kDa Mw which could tolerate 
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strains above 400%, a record high value for deformable electronics. This transition is 

justified given that multiple entanglements are generally required for high ductility. 

Likewise, the influence of molecular weight on fully conjugated PNDI-C0 was briefly 

studied with a low molecular weight batch of 104.7 kDa Mw (Figure A.4(b)). A drastic 

reduction in COS from 65% to 2% was observed, indicating a significant loss of 

entanglements consistent with the above analysis on PNDI-C4. 

Here we provide rational design guidelines for engineering highly deformable 

materials by enhancing the number of entanglements. This can be achieved via two 

distinct approaches: 1) Reduce the Me while maintaining the molecular weight. 2) 

Increase the molecular weight while fixing the entanglement molecular weight. The 

second approach has limitations in that high molecular weight D-A CPs can be hard to 

obtain as they eventually become insoluble.  Regardless, we highlight the importance of 

scaling the Me with the Mw of the polymer to obtain your desired mechanical properties. 

This parameter has generally been overlooked; however, it can be exceedingly useful for 

the rational design of highly deformable electronic materials and thus should warrant 

careful consideration.  

2.3.3 Morphology for PNDI-Cx polymers 

Next, grazing incidence wide angle X-ray scattering (GIWAXS) was used to 

study the film crystalline morphology (Figure 2.3 and Table A.2). PNDI-C0 has 

predominantly face-on morphology with strong π-π stacking as well as in-plane (100) 

and (001) scattering peaks corresponding to the alkyl and backbone respectively, 

consistent with literature.189,190 Upon addition of CBS we observed a shift from the face-

on to edge-on morphology as well as a significant loss of π-π stacking. Additionally, the 
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in-plane q vector of the (100) peak was shown to increase from 0.258 to 0.337 Å-1 

indicating a more closely packed alkyl system and the (001) peak was shown to decrease 

from 0.470 to 0.332 Å-1 indicative of increasing CBS length which provides the contrast 

to elucidate the (001) peak. This trend continues until a CBS length of C6 is reached at 

which point the alkyl and backbone scattering become indistinguishable as their 

scattering occurs at the same q vector.  

 

Figure 2.3 (a) 2D GIWAXS profiles of as cast PNDI-Cx films. PNDI-C0 and PNDI-C4 

are of 313 and 144 kDa Mw respectively. (b) Schematic diagram of the shifting solid-

state morphology upon addition of CBS. Face-on PNDI-C0 with strong π-π stacking 

transforms to predominantly edge-on PNDI-Cx with disordered π-π stacking and closer 

alkyl packing. (c) 1D in-plane line cut profile. 

2.3.4 Deformation mechanism for CPs with CBS and tensile alignment of polymer 

backbone.  

X-ray scattering techniques were extensively used to determine the degree of alignment 

in the crystalline region for PNDI-Cx. GIWAXS was performed on tensile strained 

PNDI-C0, C3, C4, and C7 to study the effect of tensile alignment on these ductile 
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systems (Figure 2.4(a), Figures A.7-A.8 and Table A.3). The d-spacing of (100) and 

(001) were largely maintained upon strain and a shift in the orientation of these scattering 

peaks was evident through comparison of perpendicular and parallel exposures to the 

strain direction. This suggests the lattice of the crystalline domain is maintained while the 

orientation of the crystallite changes upon being stretched. High molecular weight PNDI-

C4 showed the most dramatic alignment, evident in Figure 2.4(b), where an increase in 

the (100) intensity occurred with increasing strain along with a reduction in the (001) 

intensity for exposure parallel to strain. The opposite trend occurs for exposure 

perpendicular to strain where the (001) scattering is the majority of the detected signal. 

Such scattering is indicative of a highly aligned system.  

Unfortunately, in the grazing incidence geometry, the illuminated volume as well 

as the beam intensity was not well accounted for, thus preventing highly accurate 

normalization and quantitative understanding of the alignment. To quantify the degree of 

alignment we transitioned towards ex-situ transmission WAXS which provides enhanced 

elucidation of the in-plane morphology which encompasses the (100) and (001) peaks of 

interest. The transmission 2D profiles are given in Figure 2.4(c) and were achieved for 

free standing films with thickness ranging from 192 to 120 nm depending on extent of 

strain. Through circular integration of the scattering signal, (Figure 2.5(a-b)) the peak 

area was determined to increase with strain up to 150% upon which the area decays 

towards 300% strain. This corresponds to a crystallinity enhancement in the early stage of 

the stretching (up to 150%) process, then the crystallinity drops which is potentially due 

to a breakup of the crystallites from the mechanical stress imposed on the film. 
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Figure 2.4 X-ray characterization for deformed 144.3 kDa Mw PNDI-C4 polymer. (a) 2D 

GIWAXS profile of PNDI-C4 under tensile strain for both parallel and perpendicular 

exposures relative to strain direction. (b) 1D in-plane line cut scattering profile. (c) 2D 

transmission WAXS profiles of free-standing thin film (192-119 nm thickness) PNDI-C4 

under ex-situ tensile strain. (d) Diagram showing an increase in orientation 

corresponding to transmission WAXS at 0, 50 and 300% strain. 

The FWMH of (001) peak was determined to decrease with increasing strain (Table A.4-

A.5). Together the increase in area and reduction in FWHM imply an increased backbone 

contribution and a greater long-range order pervading throughout the system. Pole figure 

analysis was performed for both (100) and (001) scattering peaks to assess the 

contribution of scattering at each azimuthal angle and analyzed using Walker/Wagner 

alignment factor methodology to quantitatively determine the degree of tensile induced 

alignment (Figure 2.5(c-d)).191 We note a high degree of alignment upwards of 0.3 and -
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0.5 for (100) and (001) regimes respectively which plateaus post 150% strain; this is in 

agreement with both observed area and FWHM trends. A value of 1 or -1 represents a 

perfectly aligned system orientated in the horizontal and vertical directions respectively 

and agrees with (100) and (001) orientation direction. For plotting purposes, the absolute 

value of the alignment factor was taken, as the direction of orientation is inconsequential 

for quantitative confirmation of alignment.  

While the X-ray technique discussed above only probes the crystalline regions, 

the alignment of amorphous domains must also be considered.192 To confirm the highly 

aligned system of PNDI-C4 we then performed polarized UV-Vis (Figure 2.5(e-f)) to 

study the chain alignment in both amorphous and crystalline regions as well as atomic 

force microscopy (AFM) (Figure A.9) for topographical investigation. Polarized UV-Vis 

is unique for conjugated polymers as the transition dipole moment (π-π*) lies parallel to 

the backbone thus enabling elucidation of alignment through comparison of parallel and 

perpendicular absorption intensities, also known as the dichroic ratio.193 This is 

demonstrated in Figure 2.5(e) where the parallel to strain absorption is normalized for 

each strain and we note the perpendicular to strain absorption diminishes with increasing 

strain. This correlates to a linearly increasing dichroic ratio up to a value of 3.35 in the 

case of 300% strain. Although more qualitative, AFM does show an aligned morphology 

at 300% strain. Considering the high amorphous content in the PNDI-C4 system, it stands 

to reason that at relatively low strains the relaxation of the surface would prevent 

significant visual alignment.  
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Figure 2.5 Alignment analysis of 144.3 kDa Mw PNDI-C4 under tensile strain. (a) 1D 

circle gathering plot obtained from transmission WAXS and (b) fitted peak area. (c) Pole 

figure analysis of 100 and 001 peaks at q vectors of 0.305 and 0.366 Å-1 respectively and 

(d) resulting alignment factor analysis. (e) Polarized UV-Vis parallel and perpendicular 

to strain normalized by the absorption in the parallel to strain direction and (f) the 

corresponding dichroic ratio. 

Based on the X-ray scattering and polarized UV-Vis result, the deformation of the 

PNDI-C4 polymer can be described as follows (Shown in Figure 2.4(d)): 1) At low 

degree of strain, the mobile amorphous domains accommodate the applied stress by 

reorganizing in the strain direction. 2) Upon additional strain, amorphous segments 

unravel from a coil-like state and begin to become restricted by rigid crystallites. Force is 

then transferred into the crystalline units which initiates their alignment. Both crystalline 

and amorphous domains continue to align up to 150% strain in a near linear fashion. 3) 

Further deformation of the polymer leads to a plateau in crystalline alignment and 

relative degree of crystallinity (RDOC) followed by a breakdown of crystallites. Such 

disruption of the crystallites eases the physical restriction placed on the amorphous chains 
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which continue to align to the final strain of 300% due to significant interchain 

entanglements. 

2.3.5 The important role of backbone rigidity in deformable electronics 

Taken together, the following reasons are responsible for the very high crack on-

set strain value, up to 400%, for PNDI-Cx polymers.  

1) The highly flexible CP backbone results in a substantially lower Tg.  The lower 

Tg allows the polymer to have a lower modulus and places the sample into the 

viscoelastic state. Within this state, chains are highly mobile and may accommodate 

stress through conformational reorganization. This significantly reduces the stress in the 

film which lowers the tendency for crack propagation near defect sites, thus promoting 

ductility.  

2) The reduced backbone rigidity lowers the Me and allows the polymer chains to 

entangle more easily relative to stiffer polymers at similar molecular weight. An increase 

in the number of entanglements leads to a more uniform load distribution throughout the 

semiconductor which deters crack propagation. Entanglements then undergo chain 

pullout to accommodate stress which promotes ductility. This deformation mechanism is 

further enhanced by the significant chain mobility in the system which acts as lubricant 

towards deformation. 

Thus, for engineering highly deformable CPs, the backbone rigidity should be an 

important parameter to consider. 

2.4 Conclusion 

In summary, a suite of characterization methodologies was performed on PNDI-

Cx polymers to provide a holistic perspective into the role of backbone flexibility on thin 
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film thermomechanics and morphology. For the first time, backbone flexibility was 

quantitatively shown to significantly reduce upon addition of CBS into the conjugated 

backbone. Such increase in flexibility was evident through the Tg, Tm and elastic modulus 

which all demonstrated a reduction with increasing CBS length. A high ductility was 

observed for high molecular weight PNDI-C4 which was rationalized through the large 

number of entanglements expressed by oscillating melt-shear rheology. The Me was 

discovered to be weakly dependent on CBS length and therefore ductility was directly 

proportional to the molecular weight. In-depth morphological analysis was conducted 

indicating strong in-plane scattering which was exploited to evaluate the degree of tensile 

alignment for PNDI-C4. Currently, we are exploring the effect of chain alignment on 

their electrical properties and the possibility of coalignment with a fully conjugated tie-

chain.  
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CHAPTER III – DEVLOPING A FREE-STANDING TENSILE METHOD TO STUDY 

ULTRATHIN-FILM CONFINEMENT AND INTERFACIAL INFLUENCE 

(Adapted from “Galuska, L. A.; Muckley, E. S.; Cao, Z.; Ehlenberg, D. F.; Qian, Z.; 

Zhang, S.; Rondeau-Gagné, S.; Phan, M. D.; Ankner, J. F.; Ivanov, I. N.; Gu, X. SMART 

Transfer Method to Directly Compare the Mechanical Response of Water-Supported and 

Free-Standing Ultrathin Polymeric Films. Nat. Commun. 2021, 12, 2347.”) 

3.1 Introduction 

The future of coatings, membranes, and organic electronics (thin film transistors, 

photovoltaics, sensors, and bioelectronics) relies on a thorough understanding of polymer 

thin film structure and mechanical response. Mechanical characterization of sub-100 nm 

films has been an ongoing challenge throughout the field and has gained tremendous 

interest with the growing prospects of organic electronics which, at the device scale, 

possess an active layer of 100-nm or less.141,9,194,13,195  To complicate matters, the 

properties of such nm-thin polymer films tend to deviate from their bulk properties due to 

an increasing contribution of the polymer interface196,197. This accompanies a phenomena 

known as the finite size effect which describes the geometrical constraints that occur 

when the thickness of a polymer film is of the same length scale as the dimensions of an 

individual polymer coil, characterized by its polymer chain end-to-end distance 

(Ree).
111,109 A prime example of such a thickness dependent property is the glass transition 

phenomena in polystyrene (PS).96,198,98,106 For instance, reductions in the glass transition 

temperature (Tg) as large as 10 and 80 ˚C have been reported for supported and free-

standing (FS) 30-nm PS films.96,114 More recently, the reduction in Tg with film thickness 

has been correlated to a decrease in film elastic modulus (E) which has not only 
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invigorated interest in thin film mechanics but also fundamental investigations 

surrounding Tg phenomena.116,199,80,142  

  Nanoindentation200,56 and buckling techniques116,71 have been used to measure 

the mechanical properties of ultrathin films deposited on silicon wafer or 

poly(dimethylsiloxane), respectively. However, the intrinsic properties of the film may be 

obscured by the underlying substrate due to sample-substrate interactions as well as a low 

signal to noise ratio. More recently, the pseudo-free-standing tensile test, referred to as 

film-on-water tensile test (FOW), has been used extensively in the study of both 

conventional and conjugated polymers (CPs). The FOW technique utilizes water as a 

nearly frictionless thin film support allowing the acquisition of complete stress-strain 

profiles.80,142,77,201,23 However, there remains some concerns that the water support may 

influence such measurements, for instance water acting as plasticizer. Hence there is a 

need for mechanical characterization without the supporting substrate while maintaining 

the ability to analyze a wide range of polymer films with stiff (glassy) and soft (rubbery) 

characteristics. 

Currently there are three primary methods for the mechanical characterization of 

ultrathin (sub-100 nm) free-standing films. These include nanobubble inflation88,92,89, 

camphor-enabled transfer94, Tensile Tester for Ultrathin Freestanding Films (TUFF)76 

technique, and a more recent guide frame technique.95 Nanobubble inflation is performed 

by placing a thin film across an etched silicon nitride substrate with defined holes. 

Applied pressure forms nanobubbles while atomic force microscopy monitors the 

thermoviscoelastic response of the film. Creep compliance as a function of time and 

temperature has been measured for films as thin as 3-nm (polycarbonate) revealing 
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reductions in Tg by over 120 ˚C.93 The main drawback for nanobubble inflation is that the 

length scale of the measurement (micron hole diameter) prevents observation of large 

scale deformation which is of particular interest within the growing field of deformable 

electronics. Camphor-enabled transfer is a uniaxial tensile test whereby a composite film 

is fabricated utilizing camphor as a sacrificial substrate. At elevated temperatures, the 

camphor sublimes leaving the intact thin film behind. This technique has primarily been 

used to study the mechanics of graphene but polycarbonate films as thin as 100-nm have 

been successfully measured. The TUFF method is an extension of the FOW tensile test, 

whereby a film floating on water is connected to a support frame and translated vertically 

into air. The film is subsequently laser etched into a dog-bone geometry and mechanical 

properties measured using uniaxial tensile testing. Currently, moduli of ~ 30-nm PS films 

can be measured by this technique. The guide frame technique relies on transfer of the 

film to a wax paper substrate, evaporation of water, followed by pick up with a 

polyethylene terephthalate guide frame with supports. The frame is then connected to a 

tensile stage and the supports are melted prior to testing. This technique was utilized to 

study PS films with thickness ranging from 45–4319 nm and a wide variety of gauge 

dimensions, thus providing insight in how film geometries alter the apparent mechanical 

properties observed. The advantages and disadvantages of each measurement technique 

are summarized in Table B.1.  

Here we present an innovative shear motion assisted robust transfer (SMART) 

process as a reliable technique to measure FS mechanics for both stiff glassy and soft 

viscoelastic polymers. We then compare the influence of water and air interfaces on the 

mechanics of ultrathin films (Figure 3.1(a)) characterized by both FOW and FS 
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techniques. The mechanical properties of three FS polymers, PS, poly(3-hexylthiophene) 

(P3HT), and 5-dialkyl-3,6-di(thiophen-2-yl)-2,5-dihydro-pyrrolo[3,4-c]pyrrole-1,4-dione 

(DPP)-containing polymer incorporating a linear thieno[3,2-b]thiophene donor (PDPP-

TT), were measured and compared to results from the FOW test to assess the influence of 

water. We observed minor differences in modulus, while yield stress (maximum strength) 

and strain at failure were slightly elevated for the FOW method which is attributed to a 

force dissipating mechanism provided by the capillary forces of the water. Independent 

measurements using quartz crystal microbalance (QCM) and neutron reflectometry (NR) 

demonstrated water uptake within PS and P3HT films to be as high as 9.79% and 9.13% 

by volume respectively. This uptake in water supports that the mechanical properties of 

these hydrophobic polymer films are influenced by water to a minor extent, validating 

previous mechanical analysis using the FOW technique. 

3.2 Experimental 

3.2.1 Materials 

Polystyrene was obtained from Polymer Source with weight-average molecular 

weights/dispersity of 183 kDa/1.06 (low molecular weight) and 2062 kDa/2.9 (high 

molecular weight). The weight-average molecular weight for 2062 kDA was 

characterized by GPC using trichlorobenzene as the eluent at 160 °C, polystyrene for 

calibration, viscometer, and light scattering as the detectors (Figure B.15). P3HT and 

PSS were obtained from Sigma-Aldrich with weight-average molecular 

weights/dispersity of 54 kDa/2.74, and 70 kDa respectively. PS was annealed under 

vacuum to remove solvent impurities, while the other samples were used as received 

without additional purification or GPC measurement. PDPP-TT, was synthesized 
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following previously established procedures.202 The weight-average molecular weight 

was determined to be 184 kDa with a dispersity of 3.62 via characterization by GPC as 

described above for 2062 kDa PS. 

3.2.2 Dog-bone film preparation 

The composite films were fabricated by first spin casting 3 wt% PSS in aqueous 

solution onto plasma treated silicon wafer at 4000 rpm for 1 minute. The polymers of 

interest were then spun cast from their respective solutions at 2000 rpm for 2 minutes. 

Concentrations are as follows, 183 kDa PS: 25, 20, 15, 10, and 7.5 mg/ml solution in 

toluene. 2062 kDa PS: 15, 13, 10, 7.5, 5, and 3.5 mg/ml solution in toluene. P3HT: 25 

and 20 mg/mL solution in chlorobenzene. DPP-TT: 10 mg/ml solution in chlorobenzene. 

Unless stated within the discussion, all samples were measured as cast without 

annealing. Some samples were annealed in a vacuum oven at 115 ˚C for 1-hour and 

allowed to naturally cool to room temperature while under vacuum. 

Once the composite films were fabricated, they were then laser etched using a 

Ytterbium 20 W laser with a wavelength of 1064-nm. The dog-bone gauge length and 

width were etched to either 8x2-mm and 4x2-mm respectively with a 3.25-mm wide 

support on each side of the gauge. Microfibers connecting the dog-bone to the side 

supports were then laser etched. Samples were then separated into individual dog-bones 

for testing.  

3.2.3 Thickness measurement and film uniformity 

After creating the composite film, a representative portion was floated on water, 

removing the PSS layer, and collected on fresh silicon. Film thickness was determined 

using atomic force microscopy for all polymer materials. Additionally, a F20-UVX 
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interferometer was used to measure the thickness of PS films, utilizing a probing 

wavelength from 325-1700 nm, refractive index of 1.5865, and a spot size of 1.5 mm in 

diameter. 

Film uniformity is assessed in Figure B.16. To assess the uniformity of the 

thinnest 19 nm film, a fresh 3.5 mg/ml solution of polystyrene in toluene was spun cast 

onto a 4x4 cm wafer with PSS layer. The film was divided into 9 1x1 cm squares as 

demonstrated below where each PS film was floated on water, removing the PSS layer, 

and collected on fresh silicon. Both AFM and interferometry were used to assess 

thickness throughout each coordinate. Three measurements were performed at different 

locations within each 1x1 cm coordinate. Additionally, NR was performed on 19 nm PS 

film without PSS verifying that spin coating on a 5x5 cm wafer provides a uniform 

thickness. 

3.2.4 Free-standing tensile test 

Each sample was connected to a motorized x-stage using a vacuum pen for easy 

sample handling. DI-water droplets were then placed at each corner of the film to 

dissolve the PSS underlayer and lift the film from the silicon surface. Once lifted the 

linear stage and load cell PDMS clamps were attached to the pads at each end of the dog-

bone film. An approximate shear speed of 0.15 mm/s was then applied with the 

motorized x-stage while monitoring the water meniscus across the film. Generally, 

residual water on the film was minimal at this shear speed and resulted in a pristine free-

standing film. A tweezer was then used to remove the outer film supports which was 

facilitated by the laser etched microfibers. The film was then left in air to dry and 

equilibrate prior to tensile testing. During the tensile test, each film was elongated with an 
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applied strain rate of 5*10-4 s-1 while simultaneous measurement of the force was 

conducted at a frequency of 10 Hz. The force-displacement data was then converted into 

the representative stress-strain plots. 

The pseudo-free-standing tensile test is similar to that reported here and is 

described in great detail in our previous publications.142,23 However, in this report laser 

etching was utilized as the primary means of dog-bone patterning rather than oxygen 

plasma etching. The laser etching process provides equivalent mechanical properties to 

films prepared by oxygen plasma etching, as shown in Figure B.17, despite differences 

in edge appearance. 

The correction factor for the 4 mm dog-bones was determined by dividing the 

modulus of the 8 mm films measured on water to that of the 4 mm films of similar 

thickness. An average correction of 1.314 with standard deviation of 0.056 was 

determined. For the thinnest films, only the annealed measurements were compared to 

discount the influence of processing conditions. This correction factor was then 

multiplied by the gauge length of 4 mm to yield an apparent gauge length of 5.256 mm. 

This apparent gauge length corrects the strain values of the 4 mm films and in turn 

provides an accurate comparison of modulus and strain at failure for the 8 mm films. 

Yield stress is not influenced by this correction but rather the strain at which yielding 

occurs.  

3.2.5 Quartz crystal microbalance 

P3HT and PS films of 100 nm thickness were deposited on Au-coated 5 MHz Au-

coated quartz crystal microbalance (QCM) crystals by spin-coating at 2000 RPM for 30 

seconds. QCM measurements were carried out by tracking frequency shift and change in 
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peak width of the first 9 off crystal harmonics using a SARK-110 vector impedance 

analyzer controlled using custom software written in Python. Gravimetric/viscoelastic 

response of films was measured while the film was transferred from air and submerged in 

Milli-Q water, and then transferred back to air. Values of Δf and ΔD were calculated by 

fitting QCM conductance peaks to a Lorentz distribution and extracting position and 

width. 203,204  

3.2.6 Neutron reflectometry 

NR measurements were performed on the Liquids Reflectometer (LIQREF), BL-

4B, at the Spallation Neutron Source (SNS) in Oak Ridge National Laboratory (ORNL) 

with a two dimensional position-sensitive 3He detector.205 The reflected intensity was 

measured as a function of the momentum transfer Q = 4π sinθ/λ, where θ and λ are the 

incident angle and wavelength of the neutron beam, respectively. A 6.8-Å bandwidth, 

selected from a wavelength range of 5.95-15.68-Å, is used in conjunction with 

measurement angles of θ = 0.60, 0.75, 1.1, and 1.62 to span a Q range of 0.008 to 0.060-

Å-1. The footprint of the beam was 35x20 mm2, smaller than the 50x50 mm2 dimension 

of the films and was kept constant by increasing the beam-defining slit openings 

proportional to the neutron angle of incidence. PS or P3HT films were floated onto the 

meniscus of a DI-water Langmuir trough through the release of a PSS layer, identical to 

the process in the free-standing tensile test. A small scratch was made along each edge of 

the square film and DI-water droplets were placed at each corner to allow a gentle release 

from the silicon substrate as the PSS layer dissolved. Once fully lifted, the floated sample 

(still on silicon) was deposited into the Langmuir trough, which was then sealed to 

minimize air vibration and water evaporation. The entire system was supported by the 
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antivibration table (Accurion Halcyonics, MD, U.S.A.). Each sample was exposed to the 

room temperature water surface for 1 hour during the alignment procedure and 

subsequently scanned with a Q-vector range from 0.008 Å-1 to 0.060 Å-1. Data reduction 

and fitting was performed through the online reflectivity modeling software provided by 

BL-4B.206  

3.3 Results and discussion 

3.3.1 SMART (shear motion assisted robust transfer) to obtain free-standing 

ultrathin films 

The making of FS films for tensile measurements usually involves the transfer 

from a supporting substrate (silicon, glass) to the tensile stage. This is difficult because 

the films are fragile and cannot easily be lifted off the supporting substrate. This remains 

true even for films supported by a water surface. If a 2 x 8 mm rectangular polymer film 

undergoes a vertical lift, the surface tension of water (~ 73 mN/m) results in an 

approximate downward/inward force of 1.5 mN, primarily along the perimeter of the 

film, causing local stress, bending, fracture, and ultimately rupture of the film. This effect 

is exacerbated in thin or brittle films which have a tendency to fracture as seen with 60-

nm PS (Movie B.1) and 300-nm graphene oxide films.94 

Figure 3.1(b) and Movie B.2 demonstrate the SMART process used to obtain FS 

films. This approach is simple and includes the following steps. A laser etched composite 

film (polymer of interest with outer microfiber support and poly(sodium 4- 

styrenesulfonate) (PSS) water soluble sacrificial layer and silicon substrate) is attached to 
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Figure 3.1 Use of shear motion assisted robust transfer (SMART) method to obtain 

ultrathin films. a) Illustration of the FOW and FS tensile tests. b) SMART process and 

representative force applied to the film for obtaining a free-standing dog-bone for tensile 

analysis. c) The three polymers investigated within this study and representative free-

standing films with a dog-bone gauge of 8 x 2 mm. From top-down: support removal 

from 19-nm high molecular weight PS, 80-nm P3HT prior to strain, DPP-TT prior to 

strain. d) Representative stress-strain profiles for a 67-nm 2062 kDa PS film from both 

FS and FOW techniques. 
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a motorized stage which provides precise continuous shear speeds along the in-plane 

direction. Water droplets are placed at the corners of the silicon substrate which then 

propagate throughout and dissolve the PSS sacrificial layer lifting the polymer thin film 

to a floating position. A linear stage and load cell are then attached to opposite ends of 

the film at which time a shear of 0.15 mm/s is applied to the silicon substrate parallel to 

the lateral dimension of the film, which is held stationary. At this speed, minimal lag 

exists between the water layer and the silicon substrate, which allows the removal of 

water from under the film while only forming a small mobile meniscus which exerts 

minimal force on the film. Water-film contact angle, and subsequently, the force exerted 

on the film, can be further reduced by adding ethanol to the water solution. Once a free-

standing film is obtained, the laser etched microfiber supports (example optical images 

are shown in Figure B.1-2) are removed prior to mechanical analysis of the dog-bone 

patterned film. The temporary supports help minimize wrinkling near the edges of the 

film as shown in supporting Movie B.2.  

The force exerted on the polymer thin film was monitored throughout the 

SMART process by the attached load cell and is generally less than 3 mN. The shear 

process distributes this force more uniformly across the film and utilizing sacrificial side 

supports maintains the geometry of the dog-bone. Upon removal of the side supports an 

approximate 0.5 mN of force is estimated to have been applied to the final dog-bone-

shaped film. A restoring force is then applied to the film to remove any residual stress 

prior to measurement. For PS films we demonstrate the potential of this technique to 

transfer films as thin as 19-nm (Movie B.3). Successful measurement of the thinnest 

films is further dependent upon removing defects which may initiate failure during 
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transfer or tensile testing. A facile method to mitigate such defects is to shorten the gauge 

length thereby reducing the available area for defects during film formation as well as the 

length of travel during the SMART process. Dog-bones with a gauge length of 4-mm 

(Movie B.3), as compared to longer gauge length of 8-mm (Movie B.2), were shown to 

provide a more efficient transfer thus enabling increased data fidelity and successful 

transfer of the thinnest 19-nm films (success rate ~ 80%). 

Here we demonstrate successful transfer and measurement of mechanical 

properties for a broad range of polymer films, including PS films (as thin as 19 ± 1.5-nm) 

as well as the viscoelastic CPs P3HT and PDPP-TT, as thin as 80 ± 3 and 75 ± 2-nm 

respectively (Figure 3.1(c)). Thus, this method can be applied to a broad range of thin 

film materials. 

3.3.2 Free-standing thin film mechanics 

Here we discuss the thin film mechanics of rigid glassy and soft viscoelastic 

polymers, focusing on confinement and interfacial effects. PS, a glassy polymer with 

high Tg, possesses fundamental interest as it has been reported that sub-100 nm FS PS 

films, in excess of 350 kDa, exhibit a sharp reduction in Tg, the severity of which 

increases with molecular weight. Sub-350 kDa PS features a more gradual Tg decay as 

seen with substrate supported measurements.106,107,207  The molecular weight dependent 

Tg for FS PS is consistent with the finite size effect. In contrast, PS films with silicon 

support are independent of molecular weight, and thus reductions in the Tg with reducing 

thickness more accurately represent the influence of the free surface mobile layer. The 

origins of the molecular weight dependence for FS Tg are not yet understood, and attracts 

significant attention.208 In this report, we first explore the effect of PS molecular weight ( 
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183 and 2062 kDa) and gauge length (8 mm and 4 mm) on thin film mechanics, using 

both FOW and FS techniques. Figure 3.1(d) shows representative stress-strain profiles 

for a 67-nm film measured with both techniques in the 4 mm gauge length dog-bone 

sample geometry. Particular attention is paid to 2062 kDa PS in hopes of observing 

mechanical properties with increased sensitivity towards the sample-interface (air and 

water) given the range of viable thicknesses below the polymer’s large Ree of ~ 94-nm.  

Tensile tests of 2062 kDa PS were performed for a series of films with thickness 

from 155 to 19-nm, exhibiting yielding and plastic deformation behavior (Figure 3.2(a), 

Figure B.3-B.5). Large scale deformation of a 19-nm thick PS film was monitored by 

optical microscopy, demonstrating wrinkling and then shear deformation zones post 

yielding (Movie B.3 and Figure B.6). To the best of our knowledge, this measurement is 

the thinnest free-standing PS film to undergo tensile testing, an approximate 40% 

reduction in thickness from the previous record of 30-nm.76  

Regardless of molecular weight, a near equivalent modulus was observed between 

the FS and FOW techniques at all film thicknesses (Figure 3.2(b), Figures B.3(b) and 

B.7(a)), indicating that polymer-water and polymer-air interfaces have similar effects on 

the thin film’s mechanical properties. This observation is consistent with measurements 

of PS nanoparticles in aqueous solution, which have demonstrated equivalent Tg 

reductions to those of sub-350 kDa FS films.101 Both techniques, in the 8 mm gauge 

length dog-bone sample geometry, demonstrate a reduction in modulus lower than the 

bulk value for sub 40-nm thin films, consistent with a previous study using buckling 

metrology.116  
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Films were subjected to vacuum thermal annealing at 115 ˚C for one hour to 

eliminate residual stress. Post annealing, the modulus of 8 mm sub-40 nm PS films 

increased to the bulk value of ~ 3 GPa, excluding FS 19-nm PS which remained just 

under the bulk E. This increase in modulus upon annealing indicates that the previously 

observed reduction originates from a process driven phenomenon, unrelated to Tg.
209 We 

attribute this effect to residual stress from rapid evaporation of solvent during spin 

casting which results in radially aligned polymer chains, thus reducing the number of 

loadbearing chains in the tensile direction and lowering the apparent E.110,69 Upon 

annealing above the bulk Tg, the polymer chains relax isotropically leading to reduced 

orientation and an increased number of load bearing chains. PS films exceeding 40-nm in 

thickness, excluding 153-nm, were not annealed as bulk modulus was maintained. This 

implies a critical thickness for PS films at which residual stress begins to influence the 

apparent E. Previous mechanical analysis of as cast ~ 220-nm PS films also demonstrated 

identical modulus to films annealed at 115 ˚C for 15 hours.80 We note that 4 mm thin 

films do not demonstrate a strong dependence on annealing which may be due to the 

reduced size scale limiting the influence of anisotropy, further investigation is warranted.  

From a Tg perspective, the increase in E, post annealing, for 183 kDa PS is 

expected as at 38-nm in thickness, the anticipated Tg from literature is near 80 ˚C112, 

sufficiently above the measuring temperature of 25 ˚C, and thus should express bulk-like 

behavior.  In contrast, the bulk modulus of the 19-nm 2062 kDa FS PS film is particularly 

interesting given that at such high confinement (21% of Ree) the Tg is expected to lie 

below room temperature106 where the film would reside within the rubbery regime and 
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modulus should exhibit a considerable reduction.210 That is not the case here, and thus 

points to an alternative Tg phenomenon.  

 

Figure 3.2 Comparison of 2062 kDa PS FS and FOW mechanical properties with 

reducing film thickness. Gauge length is 4 mm. a) Representative stress vs strain profiles 

of FS PS from 155 nm to 19 nm. b) Elastic modulus thickness dependence of both FS and 

FOW PS films. Insert represents the loss of inter-entanglements upon confinement at 

thicknesses below the end-to-end distance of a polymer chain. c) Yield stress thickness 

dependence of both FS and FOW PS films. d) Strain at failure thickness dependence of 

both FS and FOW PS films. “PA” corresponds to samples characterized post vacuum 

annealing at 115 ˚C for 1 hr. Error bars represent the standard deviation of the 

characterized mechanical properties. 

Here we seek to explain why the modulus of the 19-nm FS PS film maintained its 

high value despite heavy confinement. Seminal work by Forrest et al. utilized Brillouin 

light scattering to investigate the high frequency mechanics of FS 767 kDa and 2240 kDa 
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PS films as thin as 29-nm which surprisingly demonstrated bulk-like properties.211 This 

finding is congruent with more recent Tg investigations of FS PS by Connie Roth where 

ellipsometry covering a wider temperature range revealed two Tg’s.114,102 The lower Tg, 

approximately 20 ˚C for 30-nm films of 934 kDa PS, was found to be molecular weight 

dependent, consistent with previous Tg measurements of high molecular weight FS 

PS112,113, while the higher Tg, approximately 85 ˚C, was observed to be molecular weight 

independent, consistent with both supported PS and sub-350 kDa FS PS films.106 The 

high Tg fraction, independent of molecular weight, was determined to contribute up to 

90% of the thermal expansion, making it the dominant transition. This observation is 

consistent with work by O’Connel et al. using nanobubble inflation which demonstrated a 

similar trend in Tg, approximately 80 ˚C and  60 ˚C for 994 kDa PS films with 

thicknesses of 30-nm and 20-nm respectively, as well as an independence of molecular 

weight.89 Considering these works, the measurement temperature (~ 25 ˚C) for our 19-nm 

FS PS films lies significantly within the glassy state and is thus congruent with our 

mechanical analysis demonstrating high modulus and molecular weight independence. 

Furthermore, there is a discrepancy between the enhanced local dynamics observed with 

FS films and large-scale chain motion which has been shown to express bulk-like 

behavior. McKenna et al. have reported rubbery stiffening, as well as glassy stiffening, of 

thin PS films at reduced thicknesses despite reductions in the thin film Tg.
88,89 This 

indicates that long range and local chain dynamics respond differently when confined and 

may potentially obfuscate the expected mechanical response from Tg alone.  Hole 

formation, an indicator of large-scale chain mobility, has also been shown to occur near 

the bulk Tg for FS PS films , regardless of the apparent Tg reduction occurring in such thin 
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films.212,213 Considering that tensile deformation also represents large-scale chain motion,  

it is possible that FS films experiencing tensile deformation, as within this work, may 

similarly be negligibly affected by the apparent thin film Tg as in hole formation. Ediger 

et al., measured the molecular motion of FS PS films, greater than 14-nm thick, which 

were seen to possess a bulk-like interior with a maximum mobile layer thickness of 7-nm 

at elevated temperatures near the bulk Tg. Experiments performed below ~ 80 ˚C 

demonstrated a mobile layer thickness of less than 1-nm. This finding was conjectured to 

support the resistance of thin films toward hole formation.214 In regards to the current 

study, this suggests that the mobile layer contributes less than 5.3% of the polymer 

volume for a 19-nm thin film and thus would minimally impact modulus in most 

instances. Although bulk-like modulus is observed, we note a 10 % average reduction in 

modulus for confined 19 nm films relative to the unconfined state (Figure 3.2(b)), 

congruent with the above discussion. Previously, a reduction of modulus for 136.5 kDa 

PS was observed near a thickness of 25 nm and was correlated to the Ree of 25 nm.80 

Since the reduction in modulus in this work also occurs near this thickness despite a 

greater Ree of 94 nm, we hypothesize that such reduction is due to the mobile interface 

and not geometric constraints associated with confinement below the Ree. Lastly, the bulk 

modulus observed in this report agrees with previous results from FOW and TUFF 

measurements despite heavy confinement.201,76 Thus, we conclude that the thickness 

dependent modulus values seen in FS PS films are 1) independent of molecular weight, 

2) independent of conformational restrictions associated with confinement below the Ree 

of a polymer chain, and 3) primarily dictated by the polymer-surface interface, as is the 

case for supported thin film Tg measurements. 
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Beyond the modulus of 2062 kDa PS, a near linear reduction in yield stress was 

observed throughout the confined films regardless of the technique employed (Figure 

3.2(c) and Figure B.3(c)). For the 8 mm films, the yield stress and strain at failure were 

reduced relative to the FOW technique (Figure B.3-B.4). We believe this is due to 

potential defects along the transferred films, which upon reducing the gauge to 4 mm was 

mitigated (Figure B.5). For 183 kDa PS, average strain at failure was observed to be 

greater in the FOW measurements, while yield stress did not show a strong trend (Figure 

B.7-B.8). It is important to note that although modulus does not correlate to the polymer 

Ree, yield stress and strain at failure are marked by a clear transition to lower and higher 

values, respectively, upon confinement (Figure 3.2(d)). The 19 nm films demonstrate a 

difference of 43% in the yield stress and the 30 nm films demonstrate a 160% difference 

in strain at failure relative to the unconfined films. Additionally, confined FOW 

measurements have an average increase in yield stress and strain at failure by 4.3% and 

3%, respectively. The difference in strain at failure does not include the 19 nm films 

which show disagreement between the two techniques. This difference may be associated 

with a loss of inter-entanglements resulting in the reduced strain at failure for the free-

standing film, while in the case of FOW measurements this is mitigated by the water 

interface. We note significant wrinkle formation within the FS films under tensile strain 

relative to the FOW measurements (Figure B.9). This may indicate that the surface 

tension of water is sufficient to retard strain localization in thin films resulting in a more 

uniform deformation, similar to films stretched on an elastomeric substrate, and thus 

deter crack propagation. Although small, these results support the concept of a force 

dissipating mechanism provided by the water interface resulting in elevated yield stress 



 

58 

and strain at failure for confined films. This makes conceptual sense as the polymer-water 

interface begins to play a greater role at reduced thicknesses but may be overcome by the 

loss of inter-entanglements when significantly confined. Both the trend in modulus and 

strain at failure are in agreement with that reported by the Crosby group using their TUFF 

technique.76 However, we note that a distinguishing feature between these data sets is the 

low strain at failure exhibited from the TUFF technique thereby limiting the observable 

deformation of 151.5 kDa PS to the onset of the yielding regime (< 2.5% strain); while in 

the SMART process, strain at failure upwards of 15% strain (85 nm 183 kDa) is 

observed, surpassing the yielding point and fully within the plastic deformation zone. 

Considering that these techniques, as well as the PS materials used, are fundamentally 

similar, it is important to ascertain the cause for such variations in ductility. We propose 

two potential origins for the low ductility found through the TUFF technique. 1) PS films 

were annealed at 170 ˚C for 25 minutes which may result in hole formation as previously 

shown for 71-nm PS on Krytox oil after annealing at 160 °C.215 To further explore this 

possibility, we annealed ~ 40-nm PS on both mica and silicon substrates at 170 ˚C for 25 

minutes resulting in partial de-wetting of the PS film (Figure B.10). 2) Previous 

measurements by our group using the FOW technique, have shown the strain at failure 

for PS to decrease at elevated strain-rates.142 Considering that the strain-rate used through 

the TUFF methodology is sixteen times greater than the strain rate of 5*10-4 s-1 used in 

the current study, this may be a significant causative factor in the relatively low strain at 

failure. Regardless, the enhanced ductility from the FOW measurements may be due to a 

force dissipating mechanism provided by the water interface.  If this is the case, then it is 

expected that similar phenomena may occur in other hydrophobic polymer thin films. 
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Mechanical analysis was performed on a more challenging ductile polymer, 

P3HT, the benchmark CP. P3HT is a soft viscoelastic polymer which has a bulk Tg near 

room temperature122 and consequently a relatively low modulus of 100-350 MPa, 

depending on measurement technique, sample crystallinity, regioregularity, and 

molecular weight.142,216,81,72 As such, this polymer represents a significant challenge as 

the forces applied during any transfer process may lead to irreversible deformation and 

thus alter the measured mechanical properties. In this study we investigated the 

mechanics of 105-nm and 80-nm thick P3HT films, which to our knowledge is the first 

sub-100-nm FS mechanical analysis for any CP reported to-date. All measurements were 

performed without annealing given that the sub-room temperature Tg of P3HT should 

limit anisotropy from spin coating. Figure 3.3(a) and Figure B.11(a) show the stress-

strain profiles for 80-nm and 105-nm films respectively under both FOW and FS 

techniques. From these curves it is readily apparent that the yield stress and strain at 

failure are lower for the FS measurement while the difference in modulus is less 

noticeable with a value ~ 6% greater (Figure 3.3(b-c)). These values track the trends 

seen in the PS films, although more significantly, and support the notion of water 

providing a mitigating mechanism towards crack propagation. As stated previously, it is 

possible, given the viscoelastic characteristics of P3HT, that some form of plastic 

deformation throughout the SMART process may lead to a reduction in yield stress or 

strain at failure. This is not believed to be the case given that a significant reduction in 

apparent modulus would also be expected, while we note a ~ 6% increase in FS 

compared to FOW, from 309-332 MPa and 310-326 MPa for 80 and 105-nm 

respectively. However, this difference could imply a slight plasticization effect from the 
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water which may explain the decreasing differences in mechanical properties at the 

greater thickness of 105-nm (i.e., lower Δ modulus, Δ strain at failure, and Δ yield stress 

between FS and FOW). Considering the hydrophobic nature of P3HT, this would seem 

unlikely at first glance.217 Thus, we will also discuss the diffusion of water into such 

polymer films in a later section.  

 

Figure 3.3 Comparison of 25 kDa P3HT FS and FOW mechanical properties at ~105 and 

~80 nm using the 8 mm gauge geometry. a) Representative stress vs strain profiles of 80 

nm P3HT for both FOW and FS tensile test. Insert is an optical comparison of a FS and 

FOW P3HT at failure. b) Modulus and c) Strain at failure of P3HT in both FOW and FS 

measurements. Error bars represent the standard deviation of the characterized 

mechanical properties. 

Preliminary mechanics of PDPP-TT, a high-performance donor-acceptor (DA) 

CP, was also investigated at 75-nm in thickness for both methods (Figure B.11(b)). 

PDPP-TT possesses a variety of chemical functional groups (Figure 3.1(c)), different 

than PS or P3HT, which may lead to altered mechanical performance depending on 

interactions at the interface. Of most concern, is the carbonyl group which may form 

hydrogen bonds with water and potentially plasticize the film. However, similar modulus 

was observed between the two techniques and strain at failure was found to be slightly 

greater in the FOW measurements. Further investigation is necessary to confirm this, but 

preliminary results parallel our previous analysis on PS and P3HT polymers, where 
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modulus was observed to change less significantly than COS or YS. Thus, both methods 

are viable, particularly for modulus measurement, for DA polymers which often possess 

carbonyl functionalities. However, this is not to suggest that this would be the case 

regardless of composition, as side chain content and concentration of such functional 

groups differ considerably among synthesized CP’s, such as hydrophilic functionality for 

bioelectronic applications. 

3.3.3 Characterizing the presence of water 

To ascertain the presence of water in these hydrophobic films (PS and P3HT), we 

utilized QCM and NR. QCM is a technique which can provide a qualitative 

understanding of both mass uptake and energy dissipation (change in stiffness) 

throughout the depth of a film with particular sensitivity towards the interface.218,203 This 

is accomplished through tracking the response of multiple crystal harmonics (n) whereby 

low n harmonics correspond to regions closer to the film-water interface of interest and 

higher n harmonics probe the film-substrate interface. The QCM measurement was 

conducted with each film submerged in water, using the initial air response as a reference 

(Figure 3.4(a-b)).  Figure 3.4(c) shows an immediate reduction in the normalized 

frequency shift (Δf/n) of 100-nm PS upon submersion. This shift corresponds to a gain in 

mass from the water which primarily occurs at the film-water interface given that the 

lowest harmonic n = 3 has the largest frequency shift. Furthermore, the full width half 

max (FWHM), which is a measure of the normalized energy dissipation (ΔD/n), was 

found to increase towards the film-water interface, signaling a softening or plasticization 

effect from the water (Figure 3.4(d)). Throughout the experiment, there was a slow gain 

in mass and continuous softening of the film throughout its thickness. Upon drying, ΔD/n 
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returns to the initial reference value, indicative of the reversibility of the transition. P3HT 

(100-nm) shows a rapid response and stabilization in water (Figure 3.4(e-f)). Most 

significant mass gain and softening occur near the film-water interface (indicated by 

lower n), suggesting a diffusion-limited process. Response is not reversible at low 

harmonics (3rd harmonic trace does not return to Δf/n=0 after removal from water), 

suggesting possible morphological or structural change during the interaction with water. 

QCM results confirm the presence of water within the bulk PS and P3HT films and 

indicates that water softens these hydrophobic films to some extent and does so primarily 

at the film-water interface. This may explain the 6% difference in modulus observed for 

P3HT FS and FOW measurements. In contrast, the value of modulus of PS thin film is 

relatively stable, even when strongly confined, and thus we consider the following 

possibilities. 1) Water may be penetrating through the film via pinhole defects originating 

through sample preparation. Given a small enough number of defects, the mechanical 

properties may not be influenced despite detection by QCM. 2) The softening effect 

shown by QCM may be small, and thus not influence the large modulus of PS. For 

example, an approximate reduction of 20 MPa was observed for the modulus of P3HT, 

but for PS this same reduction would be indistinguishable given the typical modulus of 3 

GPa and uncertainty of ~ 100 MPa. Thus, glassy hydrophobic thin films with high 

modulus may be less influenced by diffusion of water. To investigate further, 90 nm and 

70 nm PS films, 183 kDa and 2062 kDa respectively, were exposed to water for 48-hours 

prior to tensile measurement. Modulus and yield stress did not deviate significantly from 

the standard measurement, while strain at failure significantly increased in both cases 

(Figure B.12).  Although enhanced ductility is often a side effect of plasticization, the 
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small influence on modulus and yield stress suggests some other mechanism may be at 

work. This coincides well with the QCM response at 24 hours, where water uptake 

doubles but the energy dissipation (softening) remains relatively stable compared to the 

initial response upon submersion. Thus, the increase in water content at extended times 

and the subsequently greater ductility indicates that water mitigates crack propagation. In 

this respect, we chose to further explore NR which has high sensitivity with nanometer 

resolution in the film thickness direction, to quantify the uptake of water. 

 

Figure 3.4 Quartz crystal microbalance analysis of PS and P3HT films submerged in DI-

water. a) Illustration of film (pink) on the quartz sensor submerged in water. b) 

Representative response of QCM coated with P3HT during transfer from air to water. 

FWHM corresponds to full width at half the maximum intensity. c-d) Normalized 

frequency shift and change in energy dissipation of ~ 100-nm PS submerged in water for 

20+ hours. e-f) Normalized frequency shift and change in energy dissipation of ~ 100-nm 

P3HT submerged in water for ~ 40 minutes. 

To more accurately match the environmental conditions of our FOW tensile test, 

NR measurements were performed at room temperature with a 5x5 cm film floated onto a 
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water trough, thus mimicking the water-sample and sample-air interfaces present in the 

FOW test (Figure 3.5(a-c)). Figure 3.5(d) shows the NR results and best fits for PS with 

thickness ranging from 118 nm to 39-nm. Each film was interpreted using a two-layer 

model, layer 1 adjacent to the water interface (sublayer) and layer 2 adjacent to the air 

interface (top layer). This two-layer model was supported by the previous QCM analysis, 

which demonstrated the film-water interface to have the most significant response while 

higher n harmonics revealed a more gradual response. The thickness, scattering length 

density (SLD), and roughness of the layers were systematically varied and optimized 

until the sum of the χ2-values for all the data points was minimized (Table B.2 for fitting 

results).206 The thickness of the films were determined by h = 2π/ ΔQ, where ΔQ is the 

wave vector difference between fringes. The obtained SLD profile is provided in Figure 

3.5(e) and directly describes the water uptake within the films given the following 

equation: 

              EQ 1                SLDfilm = SLDPS * (1-x) + SLDH2O * x                                   

where x represents the volume fraction of water within the film, and the 

calculated values for SLDPS and SLDH2O are 1.42*10-6/Å2 and -0.56*10-6/Å2, respectively. 

Reflectivity data of the dry films (Figure B.13) demonstrated a reduction in SLD with 

thickness from 1.42*10-6/Å2 to 1.33*10-6/Å2, which was attributed to the growing 

contribution of the mobile interface. We observe a reduction in the SLDfilm with 

decreasing thickness, from 1.321*10-6/Å2 to 1.146*10-6/Å2 for the 118 nm and 39 nm 

films respectively. These values correspond to an increase in the volume fraction of 

water, present in the top layer, from 5.04% to 9.79%, a significant amount given the 
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hydrophobicity of PS. This is in contrast to previous work on deuterated PS where no 

water uptake was observed.219 The primary difference between these measurements and  

 

Figure 3.5 Monitoring water uptake within PS and P3HT thin films via neutron liquid 

reflectometry. a) Sample loading with (1) spun cast composite film with PSS underlayer, 

(2) removal of film edge, (3) floating of film, (4) transfer into trough. b) Illustration of NR 

experiment with film floating on water surface. c)  Photograph of a 5x5 cm P3HT film of 

36-nm in thickness anchored within the DI-water trough. d) Reflectivity vs. wave vector 

for PS films of varying thickness. e) PS SLD profile in Z-direction. Insert is of PS water 

uptake dependence on thickness. f) Reflectivity vs. wave vector for P3HT films of varying 

thickness. g) P3HT SLD profile in Z-direction. Insert is of P3HT water uptake 

dependence on thickness. The shaded regions corresponding to the sublayer and top 

layer represent the layers 1 and 2 depicted in Figure 6. 

those reported by Tanaka and co-workers are the environmental conditions at the 

interface of the polymer. The previous work was performed with deuterated PS supported 

by quartz substrate, meaning that there is both an air-polymer and polymer-quartz 

interface. In the current work, the polystyrene film is directly floated on water where two 
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mobile interfaces exist, air-polymer and polymer-water. This may facilitate water uptake 

given the potential for enhanced dynamics exhibited by both interfaces. Additionally, the 

uptake in water for PS is also supported by the previously discussed QCM results.   The 

water-film interface or sublayer is more complex, as an increase in SLD is observed 

(0.361 to 0.552*10-6/Å2) with reducing thickness. We attribute this to a reduction in 

roughness with decreasing film thickness (Table B.2), as greater roughness will raise the 

apparent water concentration across the film interface leading to the lower SLD. Time-

dependent measurements were also conducted with the same PS films after a 4-hour 

exposure to water. No significant changes were observed in the thicknesses of the films, 

and SLDfilm exhibited a marginal reduction (Figure B.14). This stability supports the 

QCM findings, indicating that the diffusion of water into PS films is relatively slow after 

the initial exposure to the surface.  

Similarly, P3HT was also studied using NR with film thicknesses from 109 to 36-

nm (Figure 3.5(f-g)). The results are comparable to those of PS. We observe a reduction 

of the SLDfilm from 0.622 to 0.558*10-6/Å2 with decreasing thickness which corresponds 

to water volume fractions of 1.24 and 9.13%, respectively. Thus, from QCM and NR, we 

were able to confirm that water does penetrate these hydrophobic films and that 

plasticization, and its effect on modulus, is relatively small at the film thicknesses used in 

our mechanical measurements. This fact is illustrated in Figure 3.6 where water 

primarily resides near the rough film-water interface but also diffuses throughout the film 

with a decreasing gradient. We hypothesize that the water primarily lies within voids 

throughout the film but does not significantly swell adjacent polymer chains, given the 

slight influence on modulus as previously observed. However, the presence of water 
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within these films, especially the increased volume fraction observed at low thicknesses, 

supports the claim that water is responsible for the elevated COS and YS found 

throughout our FOW tensile measurements.  

 

Figure 3.6 Illustration of water residing within a representative hydrophobic film, with 

the majority of water present at the relatively rough polymer-water interface. Layer 1 

depicts decreasing water content with increasing distance from the film-water interface 

followed by a reduced water content in layer 2. “Wet” and “dry” polymer chains are 

depicted on the right, illustrating that the water resides within pre-existing voids 

throughout the film and does not swell the polymer chains. 

3.4 Conclusion 

In this work we have introduced the SMART method to measure FS thin-film 

mechanics. First, the influence of confinement on FS PS thin films was explored. Despite 

heavy confinement, only the thinnest FS PS film of 19 nm demonstrated a reduction in 

modulus (10%). Our results indicate that film modulus is dependent upon a mobile 

interface rather than geometric confinement below Ree. This is in contrast with previous 

reports of high molecular weight 20 nm FS PS films exhibiting sub-room temperature Tg.  

However, yield stress and strain at failure show a transition to lower and higher values, 

respectively, when confined below the Ree. Second, the difference between FS and FOW 

mechanics was then explored for three polymer systems (PS, P3HT, and PDPP-TT) 

representing both stiff glassy and soft viscoelastic materials. Modulus and yield stress did 
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not differ considerably between the two measurements, while strain at failure were 

consistently greater for the FOW measurements. This difference increased with both 

softer polymer films (P3HT) as well as increased water exposure time (PS). Despite the 

hydrophobic nature of these films, water content as high as 9.79% by volume was 

observed with a primary contribution occurring at the film-water interface. Upon tensile 

strain, the water interface provides force delocalization resulting in elevated yield stress 

and strain at failure.  This SMART technique provides a new means of studying the 

mechanics of thin films and 2D materials inaccessible to existing techniques. 
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CHAPTER IV – ROLE OF HYDROGEN BOND STRENGTH ON 

THERMOMECHANICS AND MORPHOLOGY 

(Adapted from “Galuska, L. A.; Ocheje, M. U.; Ahmad, Z. C.; Rondeau-Gagné, S.; Gu, 

X. Elucidating the Role of Hydrogen Bonds for Improved Mechanical Properties in a 

High-Performance Semiconducting Polymer. Chem. Mater. 2022, 

acs.chemmater.1c04055.”) 

4.1 Introduction 

Electronics are getting more interconnected and integrated to everyday objects 

through flexible and conformable devices in order to grow an expansive quantity of data, 

the interest and need for mechanically robust materials has been steadily 

increasing.13,48,220–224 As improved mechanical properties result in devices with increased 

lifetimes, new materials are currently being developed to confer emerging electronics 

with the ability to be incorporated into (and onto) more complex topographies. Among 

the different electroactive materials that can be used to fabricate and develop 

stretchable/flexible electronics, organic π-conjugated polymers are particularly 

promising. Compared to their inorganic counterparts, these organic semiconductors have 

the advantage of possessing superior thermomechanical properties that can easily be 

modified and enhanced even further.225–228 Recent π-conjugated polymers have also been 

shown to possess good charge transport and the possibility of being deposited in solution, 

opening new avenues for the large-scale manufacturing of soft electronics.  

Many strategies have been implemented by researchers to develop 

semiconducting polymers capable of accommodating large strains and with favorable 

thermomechanical properties.229–231 One popular method is to blend the semiconducting 
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material with soft and stretchable elastomers. Many recent examples focus on this 

physical blending with poly(dimethylsiloxane) (PDMS), styrene-ethylene-butadiene-

styrene (SEBS), polyethylene (PE), or butyl rubber (BR) to control and improve the 

thermomechanical properties of rigid semicrystalline semiconducting polymers, 

principally occurring through a nanoconfinement of the conjugated polymer chains in a 

soft matrix.85,141,195,232–234 This method is straightforward, but comes with the inherent 

disadvantage of introducing insulating material into the active layer of an electronic 

device.  

To circumvent this drawback, strategies for the synthesis of intrinsically 

stretchable conjugated polymers through precise molecular engineering have been 

explored in the recent literature.87,235–237 Performed through the insertion of bulky soft 

side chains or through the utilization of conjugation breaking units, the molecular design 

of π-conjugated polymers is an effective approach to generate materials with increased 

amorphous content, reduced crystallinity and improved resistance to mechanical failure 

all while maintaining good charge transport properties. One particularly promising 

approach to generate intrinsically stretchable semiconducting polymers with new 

properties is through the utilization of dynamic supramolecular interactions. Non-

covalent interactions, either inserted on the polymer’s side chains or backbone, have been 

shown to significantly impact the polymer solid-state morphology and to help tensile 

strain dissipation and chain alignment upon strain. Among the different types of 

noncovalent interactions used in semicrystalline conjugated polymers, hydrogen bonds 

have been especially investigated. For example, Oh et al. implemented a backbone 

engineering approach by synthesizing and incorporating a pyridine dicarboxamide 
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(PDCA) moiety as a conjugation-break spacer into DPP-based polymers.238 Although the 

charge mobility decreased slightly with increasing incorporation of these non-conjugated 

segments, the novel polymers still exhibited high stretchability as well as high 

conductivity, achieving a hole mobility of greater than 0.1 cm2V-1s-1 while being 

stretched to 100% elongation and demonstrated their viability in fully functional, fully-

stretchable devices. In a similar manner, Gasperini et al. expanded on this work by 

instead using the PDCA unit in side-chain engineered DPP polymers.239 Through 

extensive characterizations, they showed that the location and the amount of hydrogen-

bonding units in conjugated polymers have an important influence on the thermal and 

mechanical properties. Finally, hydrogen bonding has been shown to lead to particularly 

impressive charge transport values in organic field-effect transistors (OFETs).240,241  

Although the use of hydrogen bonds to dissipate tensile strain is a strategy that 

has been employed to great effect, some challenges remain to fully unveil and predict 

their influence on the optoelectronic and thermomechanical properties of high-

performance semiconducting polymers. First, only a relatively low content of hydrogen-

bonding moieties (typically between 10-20 mol%) can be typically incorporated in 

semiconducting polymers through side chain engineering to avoid a drastic reduction of 

the polymer solubility, which makes a direct observation and quantification of the effect 

of these hydrogen bonds on the thermomechanical properties rather challenging. 

Moreover, most techniques used to evaluate the thermomechanical properties of 

conjugated polymers in ultrathin films rely on support (elastomer or water), which can 

influence the formation of intermolecular hydrogen bonds. Finally, the effect of moisture 

on these materials in the solid-state is still not well known and difficult to control.  
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Herein, an in-depth characterization of semiconducting polymers incorporating 

urea and amide moieties allowing for intermolecular hydrogen bonding is performed to 

fully unravel the impact of hydrogen bonds on the optoelectronic and thermomechanical 

properties of semicrystalline π-conjugated polymers. A careful investigation of the effect 

of water molecules on hydrogen-bond functionalized DPP-based conjugated polymers is 

also performed by using a shear motion-assisted robust transfer method for fabricating 

free-standing ultrathin films, thus allowing for the direct observation and quantification 

of the effect of water on the mechanical properties of intermolecularly hydrogen-bonded 

films. Our work suggests that hydrogen bonding strength alone is not a good indicator of 

mechanical performance. The resulting influence on crystalline packing plays a 

significant role in performance and may out way any benefit provided via energy 

dissipation of hydrogen bonds.  

4.2 Experimental 

4.2.1 Materials 

DPP-TVT based polymers were synthesized as previously described.242  Nuclear 

magnetic resonance (NMR) spectra were recorded on a Bruker 300 MHz with variable 

temperature controller and are available in Figures C.10-C.12. Spectra for polymers 

were obtained in deuterated 1,1,2,2-tetrachlotoethane (TCE-d2) at 120°C. High 

temperature GPC at 160°C, with trichlorobenzene as the eluent, was utilized to obtain the 

molecular weight and distribution of the polymers. Poly(sodium 4-styrenesulfonic acid) 

(PSS) was obtained from Sigma-Aldrich at a molecular weight of 75 kDa in 18% by 

volume aqueous solution and diluted to 3% for spin casting.
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4.2.2 Film preparation 

All polymers were dissolved at 7 mg/ml in chlorobenzene at 80 °C overnight. For 

all measurements, the polymer solution was spun cast at 2000 rpm for a minimum of 2 

minutes onto plasma treated silicon wafer.  

4.2.3 Pseudo-free-standing tensile test 

Uniaxial tensile tests were performed on top of a supporting water bath as 

described in our previous publication.142 Composite films were first created by spin 

coating the polymer solution onto a sacrificial PSS layer. The PSS layer was formed by 

spin coating at 4000 rpm for 2 min. The composite films were then laser etched into 

dogbone geometries with a gauge width of 2 mm and length of 8 mm. Individually, the 

dogbones were dipped into water, dissolving the PSS sacrificial layer, and subsequently 

attached to a linear stage and load cell. A strain rate of 5*10-4s-1 was then applied until 

the film broke. Force data was collected at a frequency of 10 Hz. 

4.2.4 Free-standing tensile test 

Uniaxial tensile tests were performed in air via the SMART technique as 

described in our previous publication.86 A composite film is laser etched into a dogbone 

geometry (4 mm long, 2 mm wide) with an outer film support connected by etched 

microfibers. The composite film is then loaded onto a motorized stage at which water is 

deposited at the parameter of the film causing the PSS layer to dissolve and lift the film 

of interest. The film is then connected to the linear stage and load cell followed by 

translation of the motorized stage at 0.15 mm/s. This enables the film to be sheared from 

the water surface and into an air environment. The side supports are then removed, and 
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the film is ready for the tensile measurement. This was performed at the same strain rate 

as previously described. 

4.2.5 Ellipsometry characterization 

Ellipsometry was performed with a M-2000® UI Ellipsometer from J.A. 

Woollam. Dry films were measured from 55°-75° at increments of 5°. Each angle was 

scanned for 2 seconds with a wavelength range from 245-1700 nm. To assist in the model 

development each film was spun cast onto a thermal oxide layer of ~500 nm to provide 

interference enhancement for increased sensitivity to absorbing films.38,243 The oxide 

layer was measured prior to spin coating to ensure an accurate thickness of each layer. 

The data was modeled in CompleteEase software package. The samples were initially 

modeled using an anisotropic B-spline to establish a reference model. The B-spline was 

then converted to a series of gaussian oscillators (Gen-Osc) to minimize the number of 

variables required to fit the data and thus obtain an accurate assessment of the film 

optical constants and thickness. In the case of the composite films for tensile testing, the 

PSS layer was first measured followed by the composite film. The PSS layer was 

modeled using an isotropic Gen-Osc model. Thus, the model for the composite film uses 

known thickness from the PSS layer and allows for facile calculation of the thickness of 

the active polymer layer. 

The in-situ film swelling experiments were performed at 23°C using a 500μL 

variable temperature liquid cell at a fixed incidence beam angle of 70°. The modeled 

wavelength range was reduced to 245-1100 nm due to the absorption of water in the 

infrared regime. Given this reduced spectral range, each film was spun cast onto a 

thermal oxide layer of known thickness for the swelling measurement. The films were 



 

75 

exposed to de-ionized water for a period of 24 hours and measured every 2 seconds. The 

H2O Pribil (temperature library) material file provided in the CompleteEase software 

package was used to model the ambient environment. Less than 20 parameters were 

allowed to vary with time to appropriately model the data yielding excellent fidelity.  

Temperature dependent ellipsometry measurements were performed using a 

Linkam heat cell at an incidence angle of 70° while under a nitrogen atmosphere. Unlike 

the swelling measurements, the full spectral range (245-1700 nm) is assessable with the 

heat cell to increase model fidelity. Each polymer was heated to 300°C to remove thermal 

history from spin coating and subsequently cooled to -25°C at a rate of 5°C/min. The data 

was fitted with the previously described GEN-Osc models along with a material file of 

the silicon substrate and thermal oxide layer with known optical constants across the 

temperature profile. The oxide thickness was held constant. This helps to ensure accurate 

modeling of the film of interest as the optical constants of the substrate and interference 

oxide layer were already accounted for. The Tg was obtained from the cooling ramp 

based on the change in slope of the thickness dependence on temperature.  

4.2.6 Grazing incidence wide angle X-ray scattering (GIWAXS) 

GIWAXS was performed using a Xenocs Xeuss 2.0 SAXS/WAXS lab source 

instrument. All samples were exposed under vacuum for 2 hours with an incident beam 

energy of 8.05 keV, an incident angle of 0.2°and a beam geometry of 0.8 × 1.2 mm. The 

sample-to-detector distance was approximately 154 mm as determined by fitting a silver 

behenate standard. The 1D data and peak fitting were processed using Nika and WAXS 

tools software packages within Igor Pro from Wavemetrics. 
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The rDoC was determined as previously described from literature. 244,245 The 

(200) scattering peaks were fitted to determine the Q vector from each polymer sample. 

A pole figure analysis was then performed using the WAXS tools software package 

within Igor Pro to determine the integrated intensity across all crystalline orientations. 

Each pole figure was centered at the fitted Q vector of the representative sample with an 

analysis width of 0.2 Å-1. Background scattering was then subtracted and the intensity 

across each azimuthal angle (χ) was normalized by thickness, exposure time, and beam 

path length. A geometric correction, sin(χ)I(χ), was then applied to obtain the relative 

orientation of the crystallite followed by integration of the area below each curve.  

4.2.7 Strain dependent charge transport measurements 

Conjugated polymer semiconductors were processed through transfer printing 

according to the method described by Bao and co-workers.9 First, the polymer inks were 

spun cast onto octadecyltrimethoxysilane (OTMS)-modified silicon wafers41 and 

annealed at 150°C for 10 minutes in a nitrogen filled glovebox with <0.5 ppm of both O2 

and H2O. Next, the annealed films were transferred onto a rectangular slab of 

poly(dimethylsiloxane) (PDMS) elastomer (base: crosslinker ratio = 20:1 w/w, 

crosslinked overnight at 70 oC in an oven). Each transferred film was stretched to a 

particular strain between 0-75% and subsequently transferred back to a p+-doped 300 nm 

SiO2 OTMS-modified wafer. Following film transfer, 50 nm of top contact Au source 

and drain electrodes were evaporated onto the wafers through a stencil shadow mask with 

100 μm channel length and 1000 μm channel width oriented both parallel and 

perpendicular to the strain direction. The completed devices were then brought into the 

glovebox for testing with a Keithley 4200-SCS analyzer. Mobility calculations were 
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performed in the saturation regime through linear fitting of the square root of drain 

current vs gate voltage, and inputting into the equation μsat = 2L/CW (δ(ID)1/2/δVG)2. 

4.3 Results and Discussion 

4.3.1 Mechanical analysis via supporting mediums 

Here we discuss the thin film mechanics of four DPP-TVT based polymers 

(Figure 4.1 and Table 4.1). The polymers consist of DPP-TVT copolymer and three 

statistical copolymers with either linear alkyl, amide, or urea moieties incorporated at 10 

mol% ratio in the sidechains. Detailed synthesis of those four polymers can be found in 

the supporting information. These alterations to the DPP-TVT parent polymer have three 

primary modes of influence, namely 1) Interfacial interaction with supporting medium, 2) 

morphological changes and particularly to the crystalline domain and 3) chain dynamics 

or the glass transition phenomena, all of which dictate mechanical performance.  

 

Figure 4.1 Chemical structures of DPP-TVT based conjugated polymers investigated in 

this study. 
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We note that there are several factors that should be carefully evaluated to 

compare the mechanical property of hydrogen-bonded conjugated polymers. Firstly, 

when dealing with ultra-thin films it is paramount to understand how the measurement 

process dictates the observed mechanical properties. The supporting interface may either 

stiffen or soften a polymer film depending on their interaction.246 As this work relies on 

water as a support, increased hydrogen bonding may result in plasticization at the film-

water interface and lead to a reduced modulus. However, this is unexpected for the 

measurement as the concentration of hydrogen bonding moieties is limited to 10 mol% 

incorporation and the contact time with water is less than 5 minutes. Secondly, statistical 

copolymers are likely to have reduced modulus as random incorporation disrupts the 

crystalline packing behavior resulting in increased amorphous content.81,247,248The 

intermolecular interactions of hydrogen bonding may further disrupt or promote the 

packing behavior, as previously observed for amide and urea incorporation, 

respectively.59,240 Lastly, hydrogen bonding is expected to increase the glass transition 

temperature (Tg), reducing the conformational freedom of the system, resulting in 

increased modulus.  Additionally, H-bonding offers additional routes for energy 

dissipation which may increase ductility. 
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Table 4.1 Polymer material and mechanical properties 

Polymer Mn(kDa) Đ E (MPa) SAFb COSc 

Branched 29.0 3.1 380.7(21.9)
a 0.10(0.03)  N/A 

Linear 31.4 4.2 416.7(5.4) 0.09(0.01) 0.25 

Amide 35.7 2.1 357.4(18.5) 0.22(0.02) 0.5 

Urea 31.3 1.8 371.6(7.4) 0.05(0.01) 0.5 

a Standard deviation from a minimum of four individual tensile measurements. b Abbreviation for strain at failure. c 

Abbreviation for crack onset strain.  

The film-on-water tensile test was first used to assess the mechanics of these 

polymers in the thin film state. This technique can be found in our recent review 

article.246 Figure 4.2(a) shows representative stress-strain profiles for each polymer 

under an applied strain rate of 5*10-4s-1. All polymers demonstrate similar elastic 

modulus with a trend in average modulus as follows: DPP-Linear > DPP-Branched > 

DPP-Urea > DPP-Amide > (Figure 4.2(b)). The increased modulus for DPP-Linear over 

the branched counterpart was expected given the reduced side chain content which acts as 

an internal plasticizer.24  Interestingly, DPP-Amide and DPP-Urea demonstrated a lower 

modulus than DPP-Linear despite their ability to form hydrogen bonds which would 

result in an increased Tg.  This implies that either the influence of water or their 

crystalline structure may be responsible for the reduced modulus.  In terms of DPP-

Amide and DPP-Urea, their modulus agrees with the expected trend in hydrogen bond 

strength. The strength of hydrogen bonding can be quantified by the hydrogen bonding 

cohesion parameter which is 25.5 (J/cm3)1/2 and 34.2 (J/cm3)1/2for amide and urea 

moieties respectively.249 The difference in ductility of these films was pronounced 
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(Figure 4.2(c)). DPP-Amide demonstrated the highest strain at failure of 22% followed 

by DPP-Branched at 10%, DPP-Urea at 5%, and DPP-Linear at 3%.  This was quite 

interesting as DPP-Urea exhibited poor ductility despite having the greatest hydrogen 

bonding strength.  

One question that emerges is the influence of water on the previous film-on-water 

tensile test, as increased hydrogen bonding moieties may result in plasticization by the 

water support. In our previous work DPP-Amide was observed to have a lower modulus 

than DPP-TVT attributed to reduced crystallinity as a result of intermolecular hydrogen 

bonds.59 Verification of such hydrogen bonds was performed via FTIR and NMR 

analysis.242 The same trend in modulus was observed for both the film-on-water 

technique and nanoindentation. This indicates plasticization by water is not the reason for 

the reduced modulus in the statistical copolymers relative to DPP-Branched.  

To explore this further, we performed two additional thin film tensile 

measurements to preferentially exclude or exacerbate the interaction of the hydrogen 

bonds with the supporting media. First, tensile measurements using the film-on-elastomer 

method were used to assess the ductility of each polymer (Figure 4.2(d)). In this method 

the potential energy dissipation provided by the hydrogen bonds should be fully available 

resulting in extended ductility. Like the film-on-water measurement, the crack onset 

strain (COS) was greatest for DPP-Amide, with an even greater value of ~ 50% strain. In 

contrast to the film-on-water measurement, DPP-Urea exhibited increased ductility, like 

that of DPP-Amide, which was attributed to the energy dissipation provided by the urea 

moieties. Second, we kept each polymer film on water for a period of 24 hours prior to  
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Figure 4.2 Thin film mechanical properties as measured by the film-on-water and film -

on -elastomer techniques. (a) Representative stress-strain plots of DPP-TVT-based 

polymers. Insert is an illustration of the film on water tensile measurement. (b) Modulus 

of each polymer measured in the standard film-on-water process. (c) Strain at failure of 

each polymer measured in the standard film-on-water process. (d) Representative optical 

images of the three statistical copolymers strained via the film on elastomer technique. 

The dashed red outline indicates the crack onset strain for each polymer. Scale bar is 25 

microns. Error bars represent the standard deviation of the data from a minimum of four 

consecutive measurements. 

tensile testing (Figure C.1(a)). All the polymers exhibited a reduction in modulus, and 

this was most dramatic in the case of DPP-Amide films (Figure C.1(b)). DPP-Amide 

exhibits a 34% reduction in modulus while DPP-Urea, DPP-Branched, and DPP-Linear 
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exhibit a 23%, 20%, and 28% reduction respectively. Despite the reduction in modulus, 

DPP-Amide exhibits near identical strain at failure relative to the conventional film-on-

water method (Figure C.1(c)). Given that the hydrogen bonds are likely disrupted by the 

presence of the water, as evidenced by the reduced modulus, it is unlikely that energy 

dissipation via hydrogen bond disassociation is solely responsible for the high ductility of 

DPP-Amide. Rather, we surmise that the full impact of these hydrogen bonds lies within 

the initial film formation through disruption of the crystalline morphology and promotion 

of amorphous entanglements. In contrast, DPP-Urea exhibited both low and high ductility 

depending on the measurement condition. This indicates two competing mechanisms 

which dictate its mechanical performance, that is, energy dissipation via hydrogen 

bonding (increasing ductility) and potentially high crystallinity (reducing ductility). In the 

case of the film-on-water measurement, hydrogen bonds were disrupted resulting in 

crystallinity dictating the films ductility.  

To further elucidate the mechanism by which hydrogen bonding influences the 

mechanics, we explored the free-standing mechanics, followed by the swelling behavior, 

morphology characterization with an emphasis on the crystalline packing, glass transition 

temperature, and strain dependent charge transport.  

4.3.2 Free-standing Measurements 

To assess the water molecule’s potential influence on the mechanical properties 

we performed fully free-standing tensile measurements of DPP-Amide. The general 

exposure time during the film-on-water method is approximately 5 minutes, where the 

water could impact thin film mechanics.  The free-standing films (in air) were obtained 

via the shear motion assisted robust transfer method (SMART) outlined in our previous 
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publication.86 DPP-Amide, 80 nm in thickness, was successfully transferred and 

measured using the SMART technique (Figure 4.3(a) and Movie C.1). DPP-Urea was 

also attempted but failed due to its brittle nature and limited thickness (Movie C.2). 

Figure 3b shows the representative stress-strain profile of DPP-Amide obtained from the 

free-standing tensile tests relative to the film-on-water and post 24-hour measurements. 

The modulus was observed to be identical for the free-standing and film-on-water 

methods (Figure 4.3(c)) while the strain at failure was reduced. Such a trend was 

previously observed for free-standing polystyrene films and attributed to a crack 

mitigation mechanism provided by the water interface.76,86 
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Figure 4.3 Free-standing tensile measurement and comparison with the film on water 

techniques. (a) Optical image of a free-standing (in air) DPP-Amide 80nm film with side 

supports being re-moved prior to the tensile measurement. (b) Representative stress-

strain plots comparing the three tensile measurements for DPP-Amide. (c) Modulus 

comparison of DPP-Amide films measured in the free-standing environment, film on 

water, and after prolonged exposure to water. Error bars represent the standard 

deviation of the data from a minimum of four consecutive measurements.
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4.3.3 Swelling Measurement 

The swelling of polymer films was assessed over a 24-hour period using in situ 

ellipsometry in an aqueous environment (Figure 4.4(a)). In this experiment, we spin 

coated conjugated polymers onto silicon substates with a 500nm silicon dioxide layer and 

sealed the film in a liquid cell filled with deionized water and monitored film thickness 

change continuously. Ellipsometry uses two components of polarized light, Ψ and Δ, to 

obtain high sensitivity to film thickness and optical constants. Ψ is the ratio of the 

amplitude change of the polarized light while Δ is the phase difference. Representative 

raw data for Ψ is shown in Figure 4.4(b) for DPP-Amide. There is a slight red shift of 

the data from 0 to 24 hours which indicates a small increase in thickness. The raw Ψ and 

Δ data were successfully fitted using an anisotropic model consisting of a series of 

gaussian oscillators to appropriately model the data with low mean square error (MSE) 

and statistically unique thickness (Figures C.2(a)).42 The modeled thickness profiles for 

each polymer film are shown in Figure C.2(b). We observed a notable difference in 

swelling behavior with increased hydrogen bond strength (Figure 4.4(c)). DPP-Branched 

exhibited low swelling over 24 hours and had the slowest initial swelling rate. This 

indicates that the interaction between DPP-Branched, and water was relatively limited. 

Linear DPP has an accelerated swelling rate and plateaus with a swelling of 2.8%. Such 

an increase in the swelling behavior can be attributed to the relative increase of carbonyl 

functionality as the side chain content is reduced from the branched to linear motif. DPP-

Amide exhibited the highest swelling of 3.5% and demonstrated a high initial swelling 

rate. In contrast, DPP-Urea has the most rapid initial swelling, but plateaus in less than 1 

hour. The initial rapid swelling by DPP-Urea is attributed to the stronger hydrogen bond  
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Figure 4.4 Thin film swelling as measured by ellipsometry in an aqueous environment. 

(a) Illustration of the liquid cell measurement to monitor film water uptake. (b) 

Comparison of the raw Psi data for DPP-Amide upon initial water contact and after 24 

hours. The insert demonstrates the red shift of the Psi peak at ~ 530 nm indicating a 

small increase in thickness. (c) Percent swelling occurring in each film throughout 24 

hours of exposure to a water environment at room temperature. 
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interaction of urea moieties with water. It has been observed that upon addition of water, 

urea dimers are destroyed due to the preferential association between urea and water.250 

Given that our tensile measurement requires approximately five minutes of exposure of 

the film to water, DPP-Urea would exhibit over half of its swelling in this time. Thus, 

such a rapid initial swelling may result in plasticization leading to the reduced modulus 

exhibited by DPP-Urea in the film-on-water tensile test. The plateau in the swelling of 

DPP-Urea indicates that there are no more urea moieties assessable to the water. This 

seems counterintuitive as we would generally expect a greater degree of swelling to occur 

given the increase in hydrogen bonding functionality. However, the inclusion of urea 

moieties has been known to promote crystallization in DPP-based polymers which would 

decrease the available urea moieties for plasticization as the penetration of water into 

such crystalline regions may be diffusion limited.240 This hypothesis agrees with our 

mechanical property observations in that DPP-Amide shows not only greater ductility 

than DPP-Urea but also a more dramatic reduction in modulus upon extended exposure to 

water, both of which may be attributed to reduced crystallinity. Additionally, we were 

able to extract the thin film optical constants throughout the swelling process (Figure 

C.2(c)).  There is negligible change to the absorption profile of these polymers even after 

24 hours of exposure to water. This indicates that plasticization of water does not 

significantly influence the conjugated polymer backbone but lies solely on the side chain 

as is expected. It is also worth noting, all the polymers studied here consisted mostly of 

branched alkyl sidechains, thus rendering a hydrophobic film.  Thus, all the films showed 

limited swelling which is in agreement with previous neutron reflectivity data for thin 

film floated on a water surface.86 
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4.3.4 Influence of hydrogen bonding on morphology and dynamics 

The crystalline packing of each polymer film was assessed through grazing 

incidence wide angle X-ray scattering (GIWAXS). All polymers exhibited similar alkyl 

and π-π scattering peaks with D-spacings on the order of 22Å and 3.6Å, respectively 

(Figure C.3-C.4 and Table C.1-C.2). This is not unexpected as the only difference lies 

in the statistically incorporated side chain moieties at 10% concentration. What does 

change however is the orientation of the crystalline packing and the relative degree of 

crystallinity (rDoC). The crystalline orientation is primarily edge-on for DPP-Branched, 

DPP-Linear, and DPP-Urea, while DPP-Amide exhibits a more isotropic orientation.  To 

further assess the packing behavior, we performed a pole figure analysis of the (200) 

scattering peaks to obtain the rDoC of each polymer.244,245 The rDoC is highly related to 

the mechanical performance of the films whereby a higher rDoC would be expected to 

yield a higher modulus and reduced ductility. Relative to pure DPP-Branched, with an 

assigned rDoC of 1, DPP-Linear and DPP-Urea observed an increase in the rDoC to 1.18 

and 1.48 respectively. In contrast, DPP-Amide demonstrated a reduction in the rDoC to a 

value of 0.95 (Figure 4.5). The trend in rDoC strongly matches the ductility of these 

polymers. For example, DPP-Amide and DPP-Branched exhibited the highest ductility’s 

yet have the lowest rDoC values. The trend in modulus matched that of the rDoC for all 

the polymers expect DPP-Urea which exhibited the highest rDoC yet possessed a reduced 

modulus relative to DPP-Branched and DPP-Linear. This further confirms the 

plasticization of DPP-Urea by water molecules.   

We further asses the crystalline packing of each film by exposure to water for 24 

hours followed by GIWAXS measurement in the dry state (Figure C.3-C.4 and Table 
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C.1-C.2). The purpose was to determine if there was any influence of the water on the 

crystalline nature of these films. We observed an increase in the rDoC of these films 

which decreased with increasing hydrogen bond strength. DPP-Urea exhibited the only 

reduction in rDoC. The change in rDoC was attributed to plasticization by water over the 

24 hr exposure period. This further supports the previous trends in mechanics and 

swelling behavior.  

 

Figure 4.5 Relative degree of crystallinity and glass transition temperature of each 

polymer measured by GIWAXS and temperature dependent ellipsometry respectively. 

Glass transition temperature is a primary parameter which governs conjugated 

polymer mechanical performance. As Tg increases modulus increases resulting from the 

restriction of chain dynamics, which, may in turn also reduce the ductility of the 

system.23,24,30,87 Here an increase in Tg is expected with increasing hydrogen bond 

strength. We elucidated the Tg of these polymers through temperature dependent 

ellipsometry, whereby a discontinuity in the thermal expansion (thickness), as the films 

are heated at a constant rate, is indicative of the Tg (Figure 4.5 and Figure C.5).41,96,124 

The polymers observed a clear trend in Tg as follows: DPP-Urea > DPP-Amide > DPP-

Linear > DPP-Branched.  It is important to note, that the change in Tg for the polymers is 
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relatively low compared to the rDoC and thus we conclude that the crystalline packing 

dominated the observed mechanical performance and in particular the strain at failure. 

4.3.5 Strain Dependent Charge Transport  

OFET devices were fabricated to assess the charge transport dependence on strain 

(Figures 4.6 and C.6-C.9). At 0% strain the charge mobility was 0.148, 0.199, and 

0.0154 cm2/Vs for DPP-Linear, DPP-Amide, and DPP-Urea respectively. The charge 

mobility was further assessed parallel and perpendicular to the strain direction up to 75% 

strain. DPP-Urea demonstrated the greatest reduction in charge transport upon applied 

strain, with a 94% reduction in charge mobility at 25% strain in the parallel 

configuration. Regarding the previous FOE measurements this is quite interesting as the 

COS for DPP-Urea was equivalent to that of DPP-Amide. This indicates that the charge 

pathways were easily broken upon applied strain in DPP-Urea, prior to visible crack 

formation. In contrast, the charge transport of DPP-Amide decayed only 14% at 25 % 

strain. Considering the typical maximal strain experienced by human skin is 33%, amide 

functionalization may be a suitable synthetic strategy to achieve the tolerable strain for 

wearable devices while maintaining charge transport.  These results indicate that the 

greater hydrogen bonding strength of the urea moiety was not advantageous as an energy 

dissipation mechanism, but rather detrimental due to the promotion of crystallite 

formation.  
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Figure 4.6 Strain dependence on the normalized mobility of the statis-tical copolymers in 

the parallel to strain direction. Error bars represent the standard deviation of the data 

from a minimum of four consecutive measurements. 

4.4 Conclusion 

In summary, three DPP-TVT based statistical copolymers (with 10% linear alkyl 

side chain, amide functional sidechains, and urea functional sidechains) were assessed 

relative to DPP-TVT with branched sidechains to elucidate the role of hydrogen bonding 

on thin film mechanics. Amide and urea moieties demonstrated strikingly different 

effects, with amide functionalization yielding the highest ductility while urea 

functionalization resulted in embrittlement of the polymer. This is attributed to the 

diverging influence on crystalline packing. Amide functionalization disrupts crystallite 

orientation resulting in a highly beneficial response to tensile deformation, while urea 

incorporation results in directed crystallization and an inability to accommodate stress. 

This was further assessed by characterization of the polymer swelling behavior, whereby, 

DPP-Amide exhibited the greatest swelling of 3.5% after prolonged exposure, indicating 

the greater availability of amide moieties for interaction with water resulting from the 

disruption of crystalline packing. In contrast DPP-Urea possessed an initially rapid 
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swelling behavior, but quickly plateaued due to the greater crystallinity. We further 

validated our film-on-water measurements by performing a free-standing tensile 

characterization of DPP-Amide, using our SMART technique, which exhibited identical 

modulus to the film-on-water technique. This indicates that the polymers must be 

exposed for prolonged periods in water (e.g., tens of hours) for water plasticization effect 

to occur. To conclude, hydrogen bond moieties offer a novel route to improve conjugated 

polymer mechanical performance (DPP-Amide), but the intermolecular interactions must 

be carefully appraised as they may also be detrimental to device performance (DPP-

Urea). Expanding from this work, we envision that both mechanical and electrical 

performance will continue to be improved through the further optimization of the side 

chain structure and positioning of hydrogen bonding moieties. For instance, placement of 

amide moieties at increasing distance from the backbone may provide enhanced 

hydrogen bonding interaction with continued control over crystallization. 
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CHAPTER V – A GENERAL RELATIONSHIP BETWEEN THE RIGID 

AMORPHOUS FRACTION AND OPTOLECTRONIC PERFORMANCE OF 

CONJUGATED POLYMERS 

5.1 Introduction 

The morphological landscape of conjugated polymers is intricate, containing 

varying length scales of crystalline order, chain conformation, and domain connectivity 

by which the optoelectronic and mechanical performance are governed. Previously, 

obtaining high crystallinity was the principal driving force for enhancing charge mobility, 

such as the progression from poly(3- hexylthiophene) (P3HT) to poly(2,5-bis(3-

alkylthiophen-2-yl) thieno[3,2-b]thiophene) (PBTTT).133 However, the dawn of high-

performing donor-acceptor polymers, such as indacenodithiophene copolymer with 

benzothiadiazole (IDT-BT) with low crystallinity, has resulted in a paradigm shift.135,251 

(In either case, the nanoscopic crystalline domains for all conjugated polymers typically 

possess high paracrystalline disorder, limiting long-range charge transport.136,252
 Tie-

chains bridge ordered domains by traversing a sea of amorphous chains providing a 

pathway for long-range charge transport.131,136,253 Thus charge transport for conjugated 

polymeric thin films rely on the conformational stability of the tie-chain as it traverses the 

amorphous domain to serve as a charge highway, as outlined by Salleo et al.  

It is well documented that nearly all semicrystalline polymers possess two 

amorphous domains which exhibit distinct conformational freedom, chain dynamics, and 

thus greatly impact material performance.138,139,254,255 They are termed mobile amorphous 

fraction (MAF) and rigid amorphous fraction (RAF) respectively. The MAF corresponds 

to the traditional amorphous domain while the RAF corresponds to domains that consist 
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of amorphous chains which interact strongly with the crystalline segments of the polymer 

(Figure 5.1(a)). Such interactions result in slower chain dynamics, as reflected by an 

elevated thermal transition (TRAF), which typically lies between that of the MAF glass 

transition temperature (Tg) and the melting temperature (Tm) of the crystallites. The RAF 

enhances amorphous-crystalline interactions and provides connectivity throughout the 

polymer.256,257  Tie-chains by their definition are part of the RAF and as such have 

reduced chain dynamics and conformational freedom near interacting crystallites. Thus, 

tie chains and the RAF are prevalent in donor-acceptor polymers due to their strong 

tendency towards rapid crystallization rates because of their rigid backbone, and 

subsequently high paracrystalline disorder of π-π stacked units.82  

The existence of the RAF within semiconducting polymers was first identified in 

poly(3-alkylthiophenes) through temperature modulated differential scanning calorimetry 

(TMDSC), Flash DSC, and most recently AC chip calorimetry.28,140,258,259 Specifically, 

TRAF of P3HT was observed at 55°C for TMDSC, between 40°C and 180°C for Flash 

DSC utilizing an aging protocol, and 81°C for AC chip calorimetry. However, the 

discovery of RAF within donor-acceptor semiconducting polymers remains notoriously 

challenging due to weak transition signal.87,140,259 To the best of our knowledge, only Luo 

et al. has reported RAF relaxation for donor-acceptor polymers. Using AC chip 

calorimetry, PDPPT-C2C10C12 was determined to have a TRAF of 118°C.28 Other 

techniques, such as modified DMA23–27, and an aging protocol with UV-Vis29,30 have 

been utilized to obtain similar elevated thermal transitions for donor-acceptor polymers 

but there is little agreement within the literature as to what these transitions represent. 

Modified DMA has demonstrated transitions at 175°C for PDPPTT-C2C8C10,27 200-
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220°C for N2200,27 129°C for PDPP2T-C2C8C10 and PDPPTT-C2C8C10,26 and 100°C 

for P3HT26,260. However, these were attributed to either an aggregate transition or left 

undefined.25–27 Sugiyama et al. utilized UV-Vis to obtain thermal transitions (from 90°C 

to 160°C) for a series of DPP-based polymers with varying side chains.30 These 

transitions were described as the general Tg of the polymer. However, this is 

contradictory to others work suggesting DPP-based polymers to possess a backbone Tg 

near/below room temperature.23,24,27,28 Despite these disparities, most of these works 

agree that there is both a low (-10°C to 65°C) and a high transition temperature (100°C+) 

for DPP-based polymers. Although these techniques can provide the position of these 

transitions, there is little information about their morphological landscape, particularly 

the RAF, at device relevant thickness and hence their identity and the role they play in 

device performance is obscured and of great debate.28,140,258,259,261 

Interestingly, a decay in charge transport has been observed for semiconducting 

polymers near these elevated thermal transitions, yet to the best of our knowledge this has 

yet to be linked to the stability of the RAF. For example, the charge mobility of high 

molecular weight P3HT was observed to decay above 120°C despite both increased 

crystallinity and reduced π-π stacking distance with increasing temperature.262 Given that 

charge mobility decayed despite the improved crystalline structure, this reduction was 

attributed to increased backbone torsion within the amorphous domain bridging 

crystallites, evident through blue-shifting of the absorption spectra. Unfortunately, for 

pure donor-acceptor polymers, there is limited literature sources regarding charge 

mobility at such elevated temperatures.263  Isoindigo based polymer and N2200 have 

been observed to maintain their electrical performance up to 220°C and 180°C, 
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respectively.263,264  While charge mobility of PDPP2T-C4C10C10 has been observed to 

decay above 150°C, which lies in between the thermal transitions (118°C to 175°C) 

previously discussed for DPP-based polymers.265 Thus, the RAF may play a pivotal role 

in the optoelectronic performance of semiconducting polymers by governing the 

conformational stability of tie chains, which dictate intercrystalline charge transport.  

5.2 Experimental 

5.2.1 Materials 

Regioregular (Mw 50-70 kDa) and regiorandom (Mw 30-90 kDa) P3HT 

were obtained from Reike Metals. N2200 (Mw 125.1 kDa and Đ 2.3) and PFFBT-

4T (Mw 123.8 kDa and Đ 1.7) were obtained from Ossila. PDPPT (Mw 250.8 kDa 

and Đ 3.3),266 PDPPTT (NA),267 PDPPT-4 (NA),268 NDI-C5 (Mw 60.8 kDa and Đ 

3.1),269 IDT-BT (Mw 295.4 kDa and Đ 2.7),135 and C16CDT-QxMe (Mw 54.3 kDa 

and Đ 1.3)270 were synthesized following previous literature procedures. Chemical 

structures of the semiconducting polymers are shown in Figure D.1. PLLA was obtained 

from Nature Works. 

5.2.2 Film preparation 

All polymers were dissolved in chlorobenzene at 80 °C overnight. Concentrations 

ranged from 5 – 20 mg/ml depending on the polymer and desired thickness. For all 

measurements, the polymer solution was spun cast at 2000 rpm for 2 minutes onto either 

a plasma-treated silicon wafer or a 500 nm thermally grown oxide. 

5.2.3 Multi-sample spectroscopic ellipsometry 

Spectroscopic ellipsometry was performed using an M-2000® UI Ellipsometer 

from J.A. Woollam with a spectral range of 245 nm to 1700 nm. Multi-sample analysis 
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was first employed on as-cast films to establish a reliable model. Each polymer was 

measured on both a silicon substrate, containing a native oxide layer with an assumed 

thickness of 15 Å, and one with a ~500 nm oxide layer. The thickness of the 500 nm 

oxide was assessed independently from the coated polymer films to reduce the number of 

unknowns within each model.  Each measurement was performed at five angles from 

55°-75° at room temperature, with an exposure time of two seconds per angle. The 

polymer film thickness of the two consecutive measurements was ensured to be within a 

difference of 10%. Thus, the optical profiles could be assumed to be equivalent which 

was confirmed by the low MSE and uniqueness of each model. 

Model development was performed within the CompleteEase software package 

using multi-sample analysis. An anisotropic Cauchy model was first used to describe the 

transparent region of the polymer film. This was then converted into a Kramer Kroning 

consistent transparent B-spline using the existing Cauchy data as the initial parameters. 

The anisotropic B-spline was then expanded into the absorbing spectral range using a 

sequential fitting procedure within the software. The in-plane resolution of the B-spline 

was held at 0.05 eV (87 variables), while the out-of-plane resolution was held at 0.3 eV 

(15 variables). This B-spline model was then used as a frame of reference to develop a 

more robust model using a series of gaussian oscillators (Gen-Osc) to describe each 

polymer’s absorption profile. The Gen-Osc model was then optimized to minimize the 

MSE with the fewest variables. 

The temperature measurements were performed with a Linkam heating cell in 

conjunction with the M-2000® UI Ellipsometer at a fixed incidence angle of 70°. All 

measurements were performed under a nitrogen atmosphere with continuous exposure at 
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two-second intervals. To perform a temperature scan of the polymer films, the silicon 

substrate and oxide films' temperature-dependent optical profile was first assessed 

independently. A library of the optical profiles of both silicon and thermal oxide was 

developed and utilized to model the polymer films with known substrate parameters at 

each temperature (Figure D.2). Both the native oxide and ~ 500 nm oxide layer were 

assumed to have a constant thickness throughout the temperature profile. This was 

justified by the low MSE obtained throughout the temperature scan. Each semiconducting 

polymer was first heated above its melt temperature to remove thermal history, followed 

by cooling to -50 °C at a rate of 5 °C/min. The sample was then heated to above its 

melting temperature at a rate of 5 °C/min. This was performed for each polymer cast onto 

both silicon and the 500 nm thermal oxide layer. Using the previously developed Gen-

Osc model, the data from both samples were fitted simultaneously throughout the 

measurement time (Figure D.3). Specifically, the amplitude and energy of the Gaussian 

curves were allowed to vary to provide the best fit for the data. Variables that did not 

lower the MSE of the fit were not used. Unless stated, roughness was neglected 

throughout the modeling due to an insignificant influence on MSE. 

The glass transition for both the mobile and rigid amorphous fractions were 

determined through the step change in the 1st derivative of the thickness and optical data 

obtained from spectroscopic ellipsometry. The melting temperature was determined by 

fitting the peak in the 1st derivative of the data. In general, a locally weighted scatterplot 

smoothing of 0.1 was applied to the data prior to taking the 1st derivative to remove noise 

and ensure an accurate assessment of all transitions.
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5.2.4 Wide angle X-ray scattering (WAXS) 

Both grazing incidence wide angle X-ray scattering (GIWAXS), and temperature 

dependent transmission WAXS were performed using a Xenocs Xeuss 2.0 SAXS/WAXS 

lab source instrument under a vacuum environment. For the GIWAXS measurements, 

samples were subject to two hours of exposure with an incident beam energy of 8.05 

keV, an incident angle of 0.2°and a beam geometry of 0.8 × 1.2 mm. Two consecutive 

measurements were performed using the line eraser feature to remove grid lines between 

detectors. The sample-to-detector distance was ~150 mm as determined by fitting a silver 

behenate standard. The 1D data and peak fitting were processed using Nika and WAXS 

tools software packages within Igor Pro from Wavemetrics. 

For the temperature dependent WAXS measurements, bulk samples were placed 

into a 2 mm wide glass capillary tube and loaded within a Linkam heating cell. The 

samples were first heated above the melt temperature and subsequently cooled to -50 °C. 

The samples were then exposed to X-rays at 10 °C increments with and exposure time of 

5 minutes. Between each measurement the subsequent temperature was allowed to 

equilibrate for 5 minutes. The temperature of the stage was calibrated using a K-type 

thermocouple. All 1D-data and peak fitting were processed as described previously. 

5.2.5 Organic field-effect transistors 

 Device fabrication: N-doped Si wafers with 300nm SiO2 surface dielectric layer 

(capacitance of 11.5nF/cm2) were cut into smaller substrates by a diamond cutter. These 

substrates were washed with soap water, acetone, and isopropanol before cleaning with 

hot piranha solution (98% H2SO4:30% H2O2 = 7:3). This step was used to clean all the 

organic residue and make the surface hydrophilic for octadecyltrichlorosilane (OTS) 
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modification. The substrates were then sonicated in water, acetone, and isopropanol 

sequentially for 5 minutes each. After drying, they were placed in a small petri dish 

surrounding a tiny drop of OTS. The dish was covered and put in a vacuum oven at 

120°C for 3 hours to form an OTS self-assembled layer on the substrate surface. After 

three hours, the SiO2 was fully covered by OTS and became hydrophobic (the contact 

angle with H2O was 105-110°). The OTS modified substrates were rinsed with hexane, 

isopropanol, chloroform and dried by nitrogen gun before transferring into the glovebox 

for spin coating.  

The solutions were spin-coated at 2000RPM for 60s followed by 4000RPM for 

30s to remove excess solution at the edges. The thin films were annealed in an N2 

glovebox at 150°C to remove solvent residue for 30 minutes and allowed to cool down to 

room temperature slowly. Then the substrates were transferred into the evaporation 

chamber for source/drain electrode deposition. Here, a 40 nm Au was thermally 

evaporated through shadow masks on top of the polymer thin film under a high vacuum 

(10-6 mbar) at a small rate (0.1 Å/s) for the first 10nm and higher rate (0.5-0.6 Å/s) for 

the rest. 

Electrical measurements: For P3HT, the devices were measured in a nitrogen 

atmosphere. The substrates were transferred into the Linkam HFS600E-PB4 stage. 

Thermal paste was applied between the substrates and the heating stage to ensure good 

thermal contact. At each temperature step, the devices were kept at equilibrium for 20 

minutes before applying voltage using two Keithley 2450. 

For the rest of the polymers, the devices were measured in ambient atmosphere. 

The substrates were transferred into the Linkam HFS600E-PB4 stage. Thermal paste was 
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also used to make good thermal contact between substrates and the heating block. The 

temperature was increased at 20°C/min and kept constant for 10 minutes before each 

measurement. The electrical characterization was carried out using a Keithley 4200. The 

effective mobility µeff is calculated based on this reference.271 

5.3 Results and discussion 

5.3.1 Variable temperature spectroscopic ellipsometry analysis of PDPPT 

Here, we ascertained the existence of the RAF domain within a broad range of 

semiconducting polymers (Figure D.1) and its subsequent influence on their 

optoelectronic performance, especially regarding to device stability. This was 

accomplished through a holistic array of in situ characterization techniques (Figure 

5.1(a)) whereby, thermal expansion, optical profile, crystallinity, charge transport, and 

chain conformation were all assessed. Each of these techniques indicated the existence of 

the RAF domain and its impact on the morphological stability of the semiconducting 

polymer (representative PDPPT-C2C8C10 in Figure 5.1(b)) and subsequently device 

stability. Four stages of thermal transitions were observed (Figure 5.1(c)) and assigned 

by the onset of the transition obtained by thermal expansion from spectroscopic 

ellipsometry. Stage 1) All chains lie within the glassy state with mobility present only in 

low Tg (e.g. Tg of sidechain around -50°C)23,24 alkyl side chains. Stage 2) MAF 

mobilization occurs once above the backbone Tg of the polymer. Charge mobility 

increases due to temperature activated hopping.272–274 Stage 3) At elevated temperature, 

prior to melting, RAF mobilization occurs leading to significant morphological changes, 

such as a loss of anisotropy and rapid blue-shifting of the absorption spectra. Notably, the 

conformational stability of tie-chains becomes destabilized resulting in a detrimental loss 
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towards charge transport. Stage 4) Melting of crystallites occurs resulting in complete 

isotropy of the system, consisting only of amorphous chains. Notably, several polymers, 

PDPPTT, IDT-BT, and CDT-QxMe, in this work did not exhibit melting behavior before 

polymer degradation at high temperature.  

 

Figure 5.1 a) In-situ characterization techniques to investigate the thermal transitions of 

the three domains within semiconducting polymers: crystalline, rigid amorphous fraction 

(RAF), and mobile amorphous fraction (MAF). Emphasis is on the RAF. The green, blue, 

pink, and red shaded regions represent the polymer’s glassy state, MAF mobilization, 

RAF mobilization, and crystalline melting, respectively. b) Temperature-dependent 

parameters illustrating the thermal transitions of a representative semiconducting 

polymer DPPT-C2C8C10. c) Illustration of each thermal transition’s impact on 

morphology. Red, green, pink, and blue colors correspond to crystalline, glassy, RAF, 

and mobile polymer segments, respectively. 

We employed temperature dependent multi sample spectroscopic ellipsometry 

(SE) to simultaneously illuminate the thermal transitions of donor-acceptor conjugated 

polymers while extracting their temperature dependent optical response with high fidelity 

(Figure 5.2(a-b)). Previously, SE characterization of semiconducting polymer thermal 

transitions was primarily limited to analysis of the raw ellipsometry signals (Ψ and 

Δ).36,40,41 Thus the anisotropy and optical constants were unexplored. This was due to the 
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difficulty in modeling the temperature dependent anisotropic and absorbing nature of 

semiconducting polymers, which this work has now overcome.  In short, temperature 

dependent multi-sample SE measures the ellipsometry signal of an identical 

semiconducting polymer film on two separate substrates whose temperature dependent 

optical profiles were already known. The polymer film from both measurements was 

simultaneously modeled to yield a single optical profile that provided the best fit to the 

data from each measurement. The procedure is discussed in detail in Appendix D (Figure 

D.2-D.3). To the best of our knowledge, SE has not been utilized to observe the RAF of 

any semicrystalline polymer. Thus, to ensure efficacy of the measurement we first 

characterized the RAF transition of PLLA, a commodity polymer with a known Tg for 

MAF and RAF. We observed Tg and TRAF at 63°C and 133°C (Figure D.4), respectively. 

The result agreed with recent findings from literature.138,275  

Here, we first focus our discussion on the SE characterization of a representative 

p-type donor-acceptor semiconducting polymer PDPPT (Figure 5.2). Details on the 

sample preparation and thermal program can be found in supporting information. From 

modeling of the 2nd heating ramp of the SE data, we were able to obtain six parameters to 

verify the Tg response from both MAF and RAF. These were 1) thermal expansion, 2) 

refractive index, 3) anisotropy, 4) wavelength of 0-0 absorption peak, 5) wavelength of 

the π-π* absorption peak, and 6) optical bandgap (Figure 5.2(b-f)).  As the temperature 

increases the rate of thermal expansion increases with each glass transition response.22 

For PDPPT, we observed a modest change in film thickness expansion at 0°C (T1) which 

was previously prescribed as the backbone Tg via DMA.24 Another transition (T2) was 

observed at 41°C and attributed to the thiophene-thiophene bond which exhibits less 
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internal plasticization by the side chain due to its increased separation from the alkyl 

chain. Previously, this bond was demonstrated to be more thermally stable than the 

diketopyrrolopyrrole -thiophene bond through MD simulation.265  Two elevated 

transitions (T3, T4) were observed at 124°C and 181°C followed by melting at 250°C. 

These elevated thermal transitions were attributed to RAF mobilization and their 

vitrification were also observed upon cooling from the melt in a subsequent experiment 

(Figure D.5). Given that two backbone transitions were observed at 0°C and 41°C, it is 

probable that the two RAF transitions were exhibited from the differing conformational 

freedom of these bonds, subjected to crystalline constraint on the RAF. The analysis of 

the optical constants yields a similar conclusion, albeit with somewhat shifted transition 

temperatures due to their differing sensing mechanisms. Values for those transitions are 

listed in Table 5.1.  Both the averaged refractive index and anisotropy (Δn)42 were 

observed to decrease more rapidly upon mobilization of the RAF rather than MAF. This 

indicates that the RAF provides the dominant stabilizing mechanism to the film’s solid-

state morphology. This agreed with the modeled absorption spectra during the 

temperature variable experiments, which observed a broad blue shift of the 0-0 peak upon 

mobilization of the RAF at 94°C and subsequently sharp transitions at 154°C and 187°C. 

Such blue-shifts, along with the reduction in 0-0 intensity, are indicative of increased 

torsional disorder of the polymer backbone.276,277 A blue shift was also observed within 

the π-π* peak which represents the electron delocalization between diketopyrrolopyrrole 

and thiophene units.278 The most prominent blue shift occurred within the mobile RAF 

regime at 137°C. This indicates that upon mobilization of the RAF the length scale of 

electron delocalization becomes rapidly reduced. Additionally, the optical band gap was 
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assessed throughout the temperature profile and resulted in a T4 of 161°C, indicating both 

a reduction in the conjugation length and the planarity of the system.279  

 

Figure 5.2 Temperature dependent spectroscopic ellipsometry (SE) and Wide-angle X-

ray scattering (WAXS) for a representative semiconducting polymer PDPPT. a) 

Illustration of temperature dependent SE utilizing multiple sample analysis. b) SE 

obtained optical constants (2/3 * Ordinary + 1/3 * Extra-ordinary) as a function of 

temperature. c) Thermal expansion profile and 1st derivative. Insert is the chemical 

structure of PDPPT. Vertical line segments indicate each transition. d) Refractive index 

and anisotropy, analyzed at a wavelength of 1000 nm, as a function of temperature. 

Insert is the 1st derivative with arbitrary y-axis. e) Fitted 0-0 and π-π* peak positions as 

a function of temperature. Insert is the 1st derivative with arbitrary y-axis. f) Optical 

bandgap wavelength as a function of temperature. Insert is an expanded view of the 1st 

derivative. h) Relative degree of crystallinity (rDoC) of (100) peak and normalized D-

spacing of (100) alkyl and (010) π-π scattering peaks. 
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Table 5.1 Summary of PDPPT thermal transitions from SE 

  T1 (°C) T2 (°C) T3 (°C) T4 (°C) Tm (°C) 

Thickness -2 41 124 181 250 

Refractive index (n) NA 43 103 & 138 191 251 

Anisotropy (Δn) 4 31 88 & 122 169 250 

0-0 peak 11 NA 94 154 & 187 NA 

π-π* 10 45 137 NA 247 

Bandgap 19 70 118 161 254 

 

5.3.2 Variable temperature wide angle X-ray scattering of PDPPT 

Since the RAF depends on its interaction with the crystalline domain, we 

performed grazing incidence and temperature variable transmission wide-angle X-ray 

scattering (GIWAXS and WAXS) to assess the crystalline packing of PDPPT and other 

polymers (Figure 5.2(g) and Figure D.6-D.7). The relative degree of crystallinity 

(rDoC), calculated based on literature reported method,244 was observed to initially 

increase with temperature, followed by a plateau within the mobile RAF regime and 

subsequent reduction upon onset of melting, near 200°C for PDPPT.  Since rDoC did not 

decay within the prescribed mobile RAF regime from SE, this supports the assertion that 

the transition is indeed from the RAF rather than melting of the crystalline domain. The 

D-spacing of the (100) alkyl peak and (010) π-π peak both increased with temperature 

due to thermal expansion. However, the rate of alkyl expansion decayed within the 

mobile RAF regime, while the rate of expansion of π-π stacked units increased for all 

polymers measured. The rate of expansion in the π-π stacking direction increased most 

rapidly at 138°C for PDPPT, indicated by the 1st derivate in Figure D.6, within the 

mobile RAF regime specified from SE. Given that GIWAXS confirms a predominantly 

edge-on morphology (alkyl lies parallel to thickness) for these polymers (Figure D.7) 
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this has two implications. 1) Neither the crystalline alkyl nor the π-π expansion are a 

major contributor to the rapid rate of thermal expansion (z-axis), prescribed as RAF 

mobilization from SE and thus relaxation of crystallites remains unlikely. 2) The 

expansion of π-π stacking may correlate with weaker intermolecular interaction of the 

RAF with the crystalline domain and thus signal RAF relaxation.  

5.3.3 Variable temperature charge transport of PDPPT 

Given that mobilization of the RAF corresponds to increased backbone torsion as 

well as increased π-π stacking distance, such morphological change is likely to dictate 

charge transport, resulting from increased activation energy to transport charge across a 

mobile RAF (Figure 5.3(a)). Thus, we explored the temperature dependent charge carrier 

mobility for PDPPT (Figure 5.3(b-c)) using organic field-effect transistors (OFET). 

Charge mobility (μeff) and on current (Ion) increased initially, due to thermal activated 

hopping, followed by a plateau at 100°C and subsequent decay at 140°C, coinciding with 

the onset of the mobile RAF regime measured by temperature dependent SE. Threshold 

gate voltage (VT) decreased slowly until 140°C followed by a rapid negative shift with 

increasing temperature, indicative of deepening traps along the polymer backbone, which 

was attributed to RAF mobilization. Interestingly, the decay in charge transport occurred 

between T3 and T4, which may support the claim that T3 is exhibited from the 

diketopyrrolopyrrole - thiophene bond within the RAF while T4 may originate from the 

thiophene - thiophene bond, agreeing with their susceptibility to torsion, as indicated 

through MD simulation.265  
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Figure 5.3 Assessment of the RAF’s influence on charge transport. a) Illustration of 

vitrified RAF, providing an effective bridge for charge delocalization (top) and RAF 

mobilization resulting in a change in backbone conformation and impediment of charge 

transport between two crystalline units (bottom). b) Transfer plots of PDPPT polymer as 

a function of temperature. c) Charge transport characteristics of PDPPT as a function of 

temperature. 

5.3.4 Comparison of TRAF within 10 semiconducting polymers 

Beyond PDPPT, we observed TRAF in all 8 representative semicrystalline polymers 

which we characterized (Figure 5.4 and Figure D.8-D.16). TRAF was observed to 

increase with Tm (Figure D.17), which agrees with literature expectations of the RAF.  

IDT-BT, C16CDT-QxMe, and PDPPTT were not included in this assessment as their 

melting temperature was not observed with either DSC or SE due to degradation 
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temperature lower than melting temperature. However, all three of these polymers 

exhibited an elevated TRAF which is congruent with their expectedly high melt 

temperatures, despite these values being unknown. Unfortunately, it is challenging to 

quantitatively compare TRAF based on chemical structure, due to obfuscation from 

differences in crystallinity, Tm, and molecular weight. However, we can qualitatively 

assert that increased backbone rigidity/planarity is correlated to increasing TRAF. For 

instance, TRAF increased for DPP-based polymers upon increasing backbone rigidity. 

PDPP-C4, with broken conjugation, exhibited a TRAF of 119°C followed by fully 

conjugated PDPPT with a TRAF of 181°C and then PDPPTT, incorporating a rigid 

thienothiophene, with a TRAF of 228°C. Additionally, N2200, IDT-BT, and CDT-QxMe 

all possess high planarity, evident by (001) backbone scattering in literature,87,135,137,270 

and exhibit a TRAF above 220°C. The only flexible polymer which exhibited an elevated 

TRAF was PFFBT-4T, persistence length of 3.4 nm, which we postulate is due to increased 

crystallinity. In contrast, regio-random P3HT and PNDI polymer with nonconjugated 

linker (PNDI-C5) with low crystallinity, did not demonstrate a RAF transition (Figure 

5.5(a)). This was expected given that the RAF forms from the interaction of an imperfect 

crystal with amorphous chains, thus low crystallinity would yield negligible content of 

the RAF.  
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Figure 5.4 Thermal transitions of all polymers characterized by spectroscopic 

ellipsometry, based on thermal expansion. 

To further verify the impact of the RAF on charge transport, we then investigated 

the temperature-dependent charge mobility of four additional polymers with thiophene 

moiety in their backbone, PDPPTT, PDPP2T, PFFBT-4T, and P3HT, (Figure D.18-

D.19). All four polymers exhibited a rapid decay in charge mobility within the mobile 

RAF regime (Figure 5.4 and Figure D.10-D.12). PDPP2T was not characterized by SE. 

In comparison to PDPPT, the charge mobility of PDPPTT decayed above 180°C, 

demonstrating increased thermal stability relative to PDPPT. Analysis of the temperature-

dependent bandgap confirms an increase in T3 and T4 to 158°C and 230° C for PDPPTT 

(Figure 5.5(c)), respectively, indicative of increased backbone stability. Given that the 

diketopyrrolopyrrole -thiophene bond is more susceptible to torsion,265 it is unlikely that 

the loss of the thiophene-thiophene bond, resulted in this increased stability. Rather, we 

postulate that the improved intermolecular interaction of PDPPTT, evident by high 

crystallinity (Figure D.7) and Tm above 300°C,23,280 provides a stronger restricting force  
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Figure 5.5 Comparison of the optoelectronic property of three representative polymers, 

a) amorphous P3HT, b) semicrystalline PFFBT-4T with observable Tm and flexible 

backbone, and c) semicrystalline PDPPTT with unknown Tm and rigid backbone. 

Illustration of each polymers’ morphology (top), followed by the variable temperature 

absorption profile obtained from SE (middle), and the temperature dependence of the 

optical bandgap compared to the variable temperature OFET charge mobility (bottom). 

OFET characterization was not performed for RRa P3HT. 

upon the RAF. This was verified through OFET measurements of PDPP2T, containing an 

additional thiophene-thiophene bond relative to PDPPT, which observed a decay in 

charge mobility above 180°C, analogous to PDPPTT. These findings are in line with 

conventional semicrystalline polymers, which exhibit both an elevated RAF transition 

and greater RAF content with increasing Tm and crystallinity.138,139 PFFBT-4T also 

exhibited elevated thermal stability. Intriguingly, the bandgap of PFFBT-4T increased 

with temperature until ~ 100°C (Figure 5.5(b)), indicating planarization of the backbone 
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with increasing temperature, followed by TRAF at 162°C and a decay in charge mobility at 

200°C. Given the greater rotational freedom along the backbone of PFFBT-4T 

(persistence length of 3.4 nm),281 this exemplifies the crystalline amorphous interaction to 

promote RAF stability. This was confirmed with temperature dependent WAXS (Figure 

D.6) which demonstrated a large increase in rDoC upon heating of PFFBT-4T and thus 

likely improved RAF content as well. This is congruent with our findings for P3HT 

which, despite its generally low charge mobility and backbone flexibility (persistence 

length of 3 nm), exhibited the same trend as PDPPT. Thus, for the five polymers 

measured here, OFET stability was observed to increase with increasing TRAF. Together, 

these findings, not only validate the existence of RAF in donor-acceptor polymers but 

highlight its significance in governing the conformational stability of the system which in 

turn dictates optoelectronic performance. 

5.4 Conclusion 

In summary, the thermal transitions of ten semiconducting polymers of varying 

chemical structure were investigated to elucidate the existence and impact of the rigid 

amorphous fraction on optoelectronic performance.  All the semicrystalline polymers 

studied here, were observed to possess a RAF Tg, as determined through temperature-

dependent multi-sample spectroscopic ellipsometry.  Notably, regiorandom P3HT and 

PNDI-C5 did not exhibit a RAF Tg due to their lack of crystallinity, thus RAF formation 

was hindered. Mobilization of the RAF was demonstrated to be detrimental towards 

charge transport, which was attributed to increased backbone torsion.  Crystalline 

stability, crystallinity, and backbone rigidity were demonstrated as key factors governing 

the thermal stability of the RAF. These findings not only demonstrated the existence of 
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RAF within semiconducting polymers, but their role in governing the conformational 

stability of the system and subsequently optoelectronic performance. 
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CHAPTER VI –  FUTURE DIRECTIONS 

To conclude, this dissertation investigated the structure-property-processing 

relationships of semiconducting polymers to gain insight into their themomechanical 

performance. This was accomplished through four projects, through which, the role of 

backbone rigidity, confinement, hydrogen bonding, and the rigid amorphous fraction 

were all assessed. Additionally, new characterization techniques were developed to 1) 

enable tensile analysis of free-standing ultrathin films and 2) to evaluate weak thermal 

transitions at device relevant thicknesses. However, within the field of semiconducting 

polymers, there remains a vast library of chemical building blocks and phenomenon to 

explore. Some potential directions are outlined below. 

1) Achieving both high electrical and mechanical performance of semiconducting 

polymers remains a challenge. Flexible conjugation break spacers, like that reported in 

Chapter II, may offer a route to achieve a best of both worlds scenario if incorporated 

correctly. For instance, incorporation of flexible CBS at the length scale of the effective 

conjugation length of the polymer would enable improved mechanical performance and 

solubility while maintaining the electrical performance of the pure polymer.  In this 

manner, the CBS moiety may then be tuned to achieve a wide array of mechanical 

attributes, such as elasticity in the case of crosslinked CBS. Although statistical polymers 

of a similar nature have been explored,65,282,283 the length scale of incorporation has yet to 

be investigated thoroughly. 

2) To date, the mechanical performance of only a few ultrathin polymer films 

have been explored under a free-standing environment. The work of Chapter III opens the 

door for many more polymers and phenomenon to be investigated as well as the potential 
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to study 2D materials like graphene. 284–288 For instance, the role of fragility on thin film 

mechanics has yet to be explored. Fragility describes the breadth of the Tg response. A 

high fragility indicates a sharp response and has been linked to more significant 

reductions in Tg from confinement.90,289,290 Thus, conventional polymers, such as, 

poly(vinyl chloride), polycarbonate, polysulfonone, and polystyrene which possess 

known bulk fragilities may offer a facile route of study.289 Additionally, continued 

development of such free-standing techniques would be highly advantageous for multi-

modal characterization platforms (ex. In-situ X-ray, FTIR, UV-Vis) to provide a holistic 

understanding of the deformation mechanisms of semiconducting polymer films.  

3) Our understanding of the thermomechanical phenomena of semiconducting 

polymers is growing rapidly, but this has primarily been limited to hydrophobic systems. 

Thus, polymers for organic electrochemical transistor (OECTs) applications have been 

neglected. Such polymers are engineered to swell in aqueous or biological media, 

enabling volumetric doping and high transconductance.291–296 Considering that OECTs 

are prime candidates for biocompatible applications it is of paramount importance that 

their mechanical performance and doping mechanisms be assessed under biologically 

relevant environments. Such mechanical analysis of polymers for OECT applications has 

yet to occur. The pseudo-free-standing tensile test is a facile method for such 

investigation as the supporting media can be designed utilizing a wide array of electrolyte 

solutions and even various degrees of applied voltage, thus mimicking a myriad of 

biological environments. 

4) Despite a focus of this work being on the Tg and rigid amorphous fraction there 

are many systems which have not been explored. Development of an encompassing Tg 
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library would be highly beneficial for the community towards unraveling such 

phenomenon. For instance, our group has already begun the development of an empirical 

model to predict the glass transition of conjugated polymers by their structure.24  

Continuation of this endeavor towards more complex systems, at device relevant 

thickness, and incorporation of the rigid amorphous fraction’s Tg response would be 

highly advantageous for guiding the semiconducting polymer community. 
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APPENDIX A  

 

Figure A.1 2D images from solution SANS of PNDI-Cx polymers at (a) 25 ˚C and (b) 85 

˚C for sample to detector distances of 1 m and 8 m. 
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Figure A.2 a) 1D scattering profile obtained at 85 ˚C in deuterated chlorobenzene b-c) 

SANS scattering profile at 25 and 85 ˚C with absolute intensity. 
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Figure A.3 DSC thermogram of 2nd heat cycle for polymers C3-C7. 
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Figure A.4 Raw tensile data (a) post two-day isotherm at room temperature under 

nitrogen atmosphere, (b) post two day annealing at 30 ℃ undercooling under nitrogen 

atmosphere (PNDI-C0 was annealed at 200 ℃ for eight hours) 
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Figure A.5 Master curves of PNDI-C4-7 obtained from oscillating melt shear rheology 

 

Figure A.6 Raw PNDI-C4 molecular weight dependent tensile data post two-day 

isotherm at room temperature under nitrogen atmosphere 
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Figure A.7 2D GIWAXS scattering profiles of PNDI-C0, PNDI-C3, PNDI-C4, and PNDI-

C7 under tensile strain for both parallel and perpendicular exposures relative to strain 

direction. 
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Figure A.8 1D in-plane and out of plane GIWAXS scattering profiles of PNDI-C0, PNDI-

C3, PNDI-C4, and PNDI-C7 under tensile strain for both parallel and perpendicular 

exposures relative to strain direction. 



 

124 

 

Figure A.9 Atomic force microscopy of PNDI-C4 under tensile strain 
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Figure A.10 High-temperature size exclusion chromatography of PNDI polymers in 

1,2,4-trichlorobenzene at 160 ˚C. a) SEC curves for all lengths of CBS incorporation. b) 

SEC curves of PNDI-C4 of varying molecular weight. c) SEC curves of PNDI-C0 of two 

molecular weights. All molecular weights shown are weight average molecular weight. 
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Table A.1 SANS fitting parameters and goodness of fitting obtained from SasView 

modeling 

  Contour length (Å) Kuhn length (Å) Radius (Å) Χ2 (Goodness of fitting) 

NDI_C0 (25C) 476 521 14 4 

NDI_C0 (85C) 310 196 12 2 

NDI_C3 (25C) 271 85 13 4 

NDI_C3 (85C) 276 84 13 2 

NDI_C4 (25C) 447 86 13 2 

NDI_C4 (85C) 449 88 13 2 

NDI_C5 (25C) 221 86 10 2 

NDI_C5 (85C) 233 58 10 2 

NDI_C6 (25C) 180 36 9 2 

NDI_C6 (85C) 180 45 8 2 

 

Table A.2 Fitting results for in-plane 1D GIWAXS profiles 

 

 

 

 

 

 

 

 

             

  

q (Å-1) 

[100] 

q (Å-1) 

[001] 

q (Å-1) 

[010] 

D-spacing (Å) 

[100] 

D-spacing (Å) 

[001] 

D-spacing (Å) 

[001] 

NDI-C0 0.258 0.470 1.791 24.329 13.358 3.509 

NDI-C3 0.284 0.395 NA 22.155 15.919 NA 

NDI-C4 0.289 0.371 NA 21.734 16.939 NA 

NDI-C5 0.301 0.355 1.551 20.847 17.680 4.051 

NDI-C6 0.337 1.454 18.628 4.321 

NDI-C7 0.332 1.439 18.927 4.365 
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Table A.3 Fitting results for in-plane 1D GIWAXS profiles post tensile strain 

 

Table A.4 Circle gathering analysis of (100) peak for transmission WAXS of PNDI-C4 

under tensile strain 

Strain Q vector D-spacing FWHM Area Normalized area 

0% 0.304 20.691 0.068 0.419 0.419 

10% 0.304 20.664 0.071 0.457 0.470 

50% 0.306 20.51 0.083 0.350 0.412 

150% 0.299 21.048 0.090 0.323 0.492 

300% 0.314 19.983 0.106 0.363 0.583 

 

 

 

  
Parallel Exposure Perpendicular Exposure 

  
q (Å-1) 

[100] 

q (Å-1) 

[001] 

D-spacing 

(Å) 

[100] 

D-spacing 

(Å) 

[001] 

q (Å-1) 

[100] 

q (Å-1) 

[001] 

D-spacing 

(Å) 

[100] 

D-spacing 

(Å) 

[001] 

NDI-C0 0.258 0.470 24.329 13.358 0.258 0.470 24.329 13.358 

10% 0.261 0.485 24.034 12.948 0.252 0.465 24.969 13.525 

20% 0.261 0.499 24.086 12.589 0.252 0.465 24.948 13.499 

50% 0.263 0.511 23.862 12.290 0.251 0.462 25.043 13.612 

NDI-C3 0.284 0.395 22.155 15.919 0.284 0.395 22.155 15.919 

10% 0.293 0.394 21.425 15.947 0.292 0.394 21.492 15.945 

20% 0.295 0.394 21.292 15.935 0.294 0.394 21.387 15.967 

50% 0.296 0.395 21.257 15.916 0.294 0.441 21.360 14.235 

NDI-C4 0.289 0.371 21.734 16.939 0.289 0.371 21.734 16.939 

10% 0.312 0.368 20.135 17.080 0.301 0.364 20.888 17.253 

50% 0.316 0.370 19.855 16.983 NA 0.368 NA 17.087 

300% 0.304 NA 20.702 NA NA 0.366 NA 17.184 

NDI-C5 0.301 0.355 20.847 17.680 0.301 0.355 20.847 17.680 

NDI-C6 0.337 18.628 0.337 18.628 

NDI-C7 0.332 18.927 0.332 18.927 

10% 0.330 19.023 0.328 19.147 

50% 0.331 18.959 0.328 19.180 

300% 0.334 18.821 0.318 19.745 
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Table A.5 Circle gathering analysis of (001) peak for transmission WAXS of PNDI-C4 

under tensile strain 

Strain Q vector D-spacing FWHM Area Normalized area 

0% 0.367 17.105 0.077 0.601 0.601 

10% 0.366 17.148 0.076 0.578 0.595 

50% 0.366 17.163 0.069 0.528 0.621 

150% 0.369 17.032 0.063 0.554 0.846 

300% 0.369 17.031 0.049 0.400 0.642 
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APPENDIX B  

 

Figure B.1 Optical images of a) 80 nm PS and b) 80 nm P3HT laser etched under 

different parameters to create the desired microfiber support. Outlined in red are the 

desired laser etched fibers for sufficient support throughout the transfer process but weak 

enough for smooth removal. 
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Figure B.2 Evaluation of 19 nm film integrity before and after side support removal. a) 

Optical microscopy images of laser etched (4% power) 19 nm PS prior to removal 

(bright field and dark field) and after removal (right). b) Atomic force microscopy of film 

edge after removal of side support (optical, height, phase). 
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Figure B.3 Comparison of 2062 kDa PS FS and FOW mechanical properties with 

reducing film thickness. Gage length is 8 mm. a) Representative stress vs strain profiles 

of FS PS from 85 nm to 19 nm. b) Elastic modulus thickness dependence of both FS and 

FOW PS films. Insert represents the loss of inter-entanglements upon confinement at 

thicknesses below the end-to-end distance of a polymer chain. c) Yield stress thickness 

dependence of both FS and FOW PS films. d) Strain at failure thickness dependence of 

both FS and FOW PS films. PA corresponds to samples characterized post vacuum 

annealing at 115 ˚C for 1 hr. Yield stress and strain at failure of FS PS differs with that 

discussed for 4 mm length films due to increased defect density exhibited by the longer 
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gauge length of 8 mm. Error bars represent the standard deviation of the characterized 

mechanical properties. 

 

 

Figure B.4 Stress - strain profiles of 2062 kDa PS from 153 to 19 nm. PA corresponds to 

post annealing at 115 ˚C for 1 hour under vacuum and slow cooled. Gage length of all 

films is 8 mm. 



 

133 

 

Figure B.5 Stress - strain profiles of 2062 kDa PS from 155 to 19 nm. PA corresponds to 

post annealing at 115 ˚C for 1 hour under vacuum and slow cooled. Gage length of all 

films is 4 mm. 

 

Figure B.6 Optical images of 19 nm FS PS with tensile strain of a) 1.6%, b) 2.3%, and c) 

3.5%. Gage length is 8 mm. 
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Figure B.7 a) Modulus b) strain at failure and c) yield stress thickness dependence of 183 

kDa PS using both FS and FOW techniques. PA corresponds to samples characterized 

post vacuum annealing at 115 ˚C for 1 hr. Error bars represent the standard deviation of 

the characterized mechanical properties. 

 

Figure B.8 Stress - strain profiles of 183 kDa PS from 155 to 38 nm. PA corresponds to 

post annealing at 115 ˚C for 1 hour under vacuum and slow cooled. 
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Figure B.9 Optical microscopy images of 85 nm PS throughout a) on water and b) free-

standing tensile strain. The free-standing film fails at the site of a defect seen in the upper 

left of the post yield image. 
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Optical microscopy images of polystyrene spun cast onto both mica and Si substrates 

followed by annealing at 170 ˚C for 25 minutes, resulting in de-wetting of the film.

 

Figure B.10 a) Representative stress vs strain profiles of 105 nm P3HT for both FOW 

and FS tensile test. b) Representative stress vs strain profiles of 75 nm DPP-TT for both 

FOW and FS tensile test. Insert shows the calculated modulus and standard deviation of 

the profiles shown. 
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Figure B.11 Measured mechanical properties of a) 90 nm 183 kDa PS and b) 70 nm 1000 

kDa PS after floating on water for 48 hours compared to original tensile measurements. 

PA corresponds to samples characterized post vacuum annealing at 115 ˚C for 1 hr. 

Error bars represent the standard deviation of the characterized mechanical properties. 
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Figure B.12 a) Representative illustration of the Neutron reflectivity measurement of a 

dry polymer sample and its associated underlying layers. Reflectivity vs. wave vector and 

SLD profile for b) dry PS and c) P3HT films of varying thickness. The red and blue 

curves in each reflectivity plot are shifted downwards by two and four orders of 

magnitude, respectively. 
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Figure B.13 Time dependent neutron reflectivity a) fittings and b) SLD profile of 183 kDa 

PS floating on DI-water for 1 and 4 hours. 

 

Figure B.14 Molecular weight distribution of 2062 kDa PS as measured by high 

temperature GPC. 
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Figure B.15 Film uniformity of “19” nm PS. a) Measured thickness of 1x1 cm 

coordinates within a parent 4x4 cm film using interferometry. Standard deviation is in 

parenthesis and is obtained from three separate measurements and locations within each 

coordinate. b) Example fitting of interferometer reflectance data of coordinate A1. c) 

Thickness verification using AFM within coordinate A1, 18.52 nm with a STDEV of 0.23 

nm. d) Neutron reflectometry of a separate 5x5 cm PS film, without PSS release layer, 

demonstrating an average thickness of 19.22 nm and a roughness of 0.39 nm. Insert is of 

reflectometry fitting quality. 
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Figure B.16 Plasma etched 52 nm PS film mechanical properties and comparison to the 

laser etched process. a) Bright and dark field optical microscopy images of plasma 

etched PS floated onto clean silicon. b) AFM height image of film edge. c) Stress-strain 

profile of five consecutive FOW tensile measurements. d-f) Modulus, yield stress, and 

strain at failure comparison of 52 nm plasma etched PS to that of the laser etched films. 

Error bars represent the standard deviation of the characterized mechanical properties. 
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Table B.1 Comparison of known methods for measuring the mechanical response of free-

standing polymeric thin films. 

Experimental technique Current capabilities Disadvantages 

Nanobubble inflation a. Viscoelastic response of films 

down to 3 nm 

b. Environmental control 

a. Large scale deformation 

mechanics are not 

obtainable (micron scale) 

Camphor release a. PC thin film mechanics down to 

100 nm 

b. Full stress-strain profile 

a. Transfer process takes 24+ 

hours 

b. Sub-100 nm films may not 

be feasible 

TUFF a. PS thin film mechanics down to 

31 nm 

b. Full stress-strain profile 

a. Currently limited to 31 nm 

b. Full yielding behavior not 

observed 

Guide Frame a. PS thin film mechanics down to 

45 nm 

b. Full stress-strain profile 

 

a. Limited to 45 nm with 

relatively low gauge L:W 

ratio of 0.5 

b. 45 nm film shows edge 

defects 

SMART* a. PS thin film mechanics sub-20 

nm 

b. Organic semiconductor 

mechanics sub-100 nm 

c. Full stress-strain profile with 

complete yielding behavior 

 

*Method employed in this report 

 

Table B.2 LIQREF fitting results for 183 kDa PS and P3HT using the Amoeba/Nelder-

Mead algorithm engine provided by ORNL 

Polymer Concentration 

(mg/ml) 
Top layer 

thickness 

(Å) 
Surface 

roughness (Å) 

Top layer 

SLD (1e
-

6
/Å

2
) 

Sublayer 

thickness (Å) 
Sublayer 

roughness (Å) 
Sublayer SLD 

(1e
-6

/Å
2
) 

PS  
20 1026.0 46.1 1.321 151.4 93.5 0.361 
15 789.1 40.0 1.266 138.4 74.8 0.385 
7.5 296.3 31.0 1.146 91.3 18.4 0.552 

P3HT 
25 1016.0 43.5 0.622 75.8 60.2 0.071 
15 494.9 15.0 0.581 68.6 55.0 0.173 
10 300.7 14.0 0.558 59.3 50.4 0.192 
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APPENDIX C  

 

Figure C.1 Thin film mechanics of DPP-TVT-based polymers after prolonged exposure to 

water. a) Representative stress-strain plots after exposure to water for a 24-hour period. 

Insert is an illustration of water diffusion into the dogbone films during prolonged 

exposure prior to tensile measurement. (b) Modulus of each polymer measured in the 

standard FOW process compared to films exposed to water for 24 hours. (c) Strain at 

failure of each polymer measured in the standard FOW process compared to films 

exposed to water for 24 hours. Error bars represent the standard deviation of the data 

from a minimum of four consecutive measurements. 
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Figure C.2 In-situ ellipsometry to monitor the swelling behavior of DPP-TVT-based 

polymers in a water environment. a) Validation of thickness uniqueness obtained from 

ellipsometry modeling. The minimum MSE provides the thickness used at the 0 and 24 hr 

time intervals. b) Thickness throughout the swelling measurement. The inserts are of the 

1st 2 hours of swelling. c) In-plane optical constants at the 0 and 24 hr time intervals. 
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Figure C.3 Crystalline packing behavior. a) 2D GIWAXS images from the as cast 

polymers. b)  2D GIWAXS images from the polymers after exposing to water for 24 hrs 

and subsequently air drying. c) In-plane and out-of-plane line cuts (left to right) 
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Figure C.4 Pole figure analysis of the (200) scattering peak from 0 to 90°. a) As cast 

films. b) Films exposed to water for 24 hours. c) rDoC comparison of as cast films and 

those exposed to water for 24 hrs. 

 

Figure C.5 Temperature dependent ellipsometry to assess thin film Tg. a) Validation of 

thickness uniqueness obtained from ellipsometry modeling. The minimum MSE provides 

the thickness used at each of the representative temperature intervals. b) Temperature 

dependent thickness of each film. The inserts are the derivative of the thickness as a 
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function of temperature. c) In-plane optical constants at each of the representative 

temperature intervals. 

 

Figure C.6 Strain dependent charge transport properties of DPP-Linear taken parallel 

and perpendicular to the strain direction. 
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Figure C.7 Strain dependent charge transport properties of DPP-Amide taken parallel 

and perpendicular to the strain direction. 
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Figure C.8 Strain dependent charge transport properties of DPP-Urea taken parallel and 

perpendicular to the strain direction. 

 

Figure C.9 Strain dependence on the normalized mobility of the statistical copolymers in 

perpendicular to strain direction. 
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Materials synthesis  

Variable Temperature-Nuclear Magnetic Resonance (VT-NMR) spectra were 

recorded on a Bruker 300 MHz. The spectra for all polymers were obtained in deuterated 

1,1,2,2-tetrachlotoethane (TCE-d2) at 120°C. Chemical shifts are given in parts per 

million (ppm). Number average molecular weight (Mn), weight average molecular weight 

(Mw), and polydispersity index (PDI) were evaluated by high-temperature size exclusion 

chromatography (SEC) using 1,2,4-trichlorobenzene and performed on an EcoSEC HLC-

8321GPC/HT (Tosoh Bioscience) equipped with a single TSKgel GPC column 

(GMHHR-H; 300 mm × 7.8 mm) calibrated with monodisperse polystyrene standards. 

The samples were prepared using 1 mg/mL concentrations in trichlorobenzene (TCB), 

which were stirred for 12 h at 80 oC prior to injection. The analysis of the samples was 

performed at 180 °C with a flow rate of 1.0 mL/min with injection quantities of 300 μL. 

The data were collected and integrated using EcoSEC. 8321GPC HT software suite. A 

microwave vessel equipped with a stir bar was charged with the appropriate amount of, 

3,6- bis(5-bromothiophen-2-yl)-2,5-bis(2-decyltetradecyl)-2,5-dihydropyrrolo[3,4-

c]pyrrole-1,4- dione (88.48 mg, 0.078 mmol), and DPP-Urea monomer1 (7.91 mg, 

0.0087 mmol), followed by the addition of anhydrous chlorobenzene (3.48 mL). The 

solution was then bubbled with N2 gas for 30 minutes, followed by addition of Pd2dba3 

(1.60 mg, 0.0017 mmol) and P(o-tolyl)3 (2.39 mg, 0.0078 mmol). The vessel was then 

immediately sealed with a snap cap and microwave irradiated under the following 

conditions with ramping temperature (Microwave Setup: Biotage Microwave Reactor; 

Power, 300 W; Temperature and Time, 2 minutes at 100 oC, 2 minutes at 120 oC, 5 

minutes at 140 oC, 5 minutes at 160 oC, and 40 minutes at 180 oC; Pressure, 17 bar; 
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Stirring, 720). After completion, the polymer was end-capped with trimethylphenyl tin 

(20.98 mg, 0.087 mmol) and bromobenzene (13.7 mg, 0.087 mmol), successively 

(Microwave Setup: Biotage Microwave Reactor; Power, 300 W; Temperature and Time, 

1 minute at 100 oC, 1 minute at 120 oC, 2 minutes at 140 oC, 3 minutes at 160 oC; 

Pressure, 17 bar; Stirring, 720). The reaction was then cooled to room temperature and 

dissolved in 1,1,2,2-tetrachloroethane (TCE). This solution was then precipitated in 

methanol and the solid was collected by filtration into a glass thimble. The contents of the 

thimble were then extracted successively in a Soxhlet extractor with methanol, acetone, 

hexane and finally chlorobenzene. The chlorobenzene fraction was then concentrated 

under reduced pressure and re-precipitated in methanol, followed by filtration, and drying 

under vacuum. Molecular weight estimated from high temperature GPC: Mn = 31, 316 

Da, Mw = 56, 880 Da, PDI = 1.82. 1 H NMR (300 MHz, 1,1,2,2-TCE-d2, 393 K): 13C 

NMR could not be attained due to low solubility of the polymer. 
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Figure C.10 1H NMR spectrum of DPP-Urea in 1,1,2,2-tetrachloroethane-d2 at 120 

°C 
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Polymer (y:x) Theoretical ratio (a:b) Calculated ratio (a:b) 
P(DPP-TVT) 10% Amide 40:4 40:4.4 
 

Figure C.11 1H NMR spectrum of DPP-Amide in 1,1,2,2-tetrachloroethane-d2 at 120 °C 

with experimental and calculated theorical ratios assuming 10 repeat units 
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Figure C.12 1H NMR spectrum of DPP-Urea in 1,1,2,2-tetrachloroethane-d2 at 120 °C 

with experimental and calculated theorical ratios assuming 10 repeat units. Urea protons 

were used for experimental ratio calculation. as opposed to the protons alpha to the 
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carbonyl, due to the absence of these protons in the NMR. This is consistent with NMR 

spectra collected for similar DPP-Urea containing polymers. 

 

Table C.1 GIWAXS fitting results from the in-plane 1D scattering profile. 

Polymer Q (010) FWHM (010) D-spacing Δ D Δ FWHM 

Branched 1.738 0.218 3.616 
-0.030 -0.015 

Branched 24 hr 1.752 0.203 3.585 

Linear 1.758 0.222 3.574 
-0.014 0.006 

Linear 24 hr 1.765 0.228 3.560 

Amide 1.766 0.212 3.557 
-0.010 -0.015 

Amide 24 hr 1.771 0.197 3.547 

Urea 1.757 0.227 3.576 
0.000 -0.013 

Urea 24 hr 1.757 0.214 3.576 

 

 

Table C.2 GIWAXS fitting results from the out-of-plane 1D scattering profile.  

Polymer Q (200) FWHM (200) D-spacing Δ D Δ FWHM 

Branched 0.581 0.093 21.620 
0.595 -0.002 

Branched 24 hr 0.566 0.091 22.215 

Linear 0.594 0.098 21.143 
0.450 -0.003 

Linear 24 hr 0.582 0.095 21.592 

Amide 0.586 0.083 21.451 
0.335 0.001 

Amide 24 hr 0.577 0.084 21.787 

Urea 0.583 0.098 21.561 
0.344 0.000 

Urea 24 hr 0.574 0.098 21.905 
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APPENDIX D  

It is important to note that for anisotropic samples, the optical signal is comprised 

of both an in-plane (Ordinary) and out of plane (Extra-ordinary) component. The optical 

data presented in Chapter V is the average optical profile which is obtained from two-

thirds of the Ordinary and one-third of the Extra-ordinary data. In contrast, PLLA, RRa 

P3HT, and NDI-C5 were able to be fitted using an isotropic model due to their lack of 

crystalline orientation. This, in turn, reduced the number of variables in the model 

significantly. Thus, the dual measurement process was not required for an accurate model 

to be obtained. 

 

Figure D.1 Chemical structures of all semiconducting polymers investigated in this study. 
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Figure D.2 Spectral library of a) silicon substrate and b) oxide interference layer as a 

function of temperature. Inserts are of the mean square error associated with each 

dynamic fit. Thickness of the oxide interference layer was held constant. 
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Figure D.3 Protocol used for the temperature-dependent ellipsometry measurement. Data 

is representative of the onset of the heating scan at -50 °C. a) Raw ellipsometry data of 

representative DPPT measured on both a 500 nm thermal oxide layer and bare silicon. 

b) A four-layer model used to describe DPPT’s temperature-dependent optical profile 

and thickness. The optical profile of the film is assumed to be identical for the two 

measurements, while the thickness of each is assessed independently. The substrate 

optical profiles and thickness are all known parameters previously measured. The model 
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goes through 50 iterations at each temperature until c) the best fit is achieved with the 

lowest MSE. The insert represents the uniqueness of the model. d) The anisotropic optical 

profile of the polymer film is then obtained at throughout the temperature ramp. 

 

Figure D.4 Temperature-dependent spectroscopic ellipsometry of PLLA. a) Heat/cool 

protocol to deconvolute RAF from cold crystallization. b) Film roughness indicating cold 

crystallization. c) MSE throughout the final heating cycle. Insert is the model’s 

uniqueness at 0 °C. d) Refractive index profile as a function of temperature. e-f) 

Thickness and refractive index of the PLLA film throughout the heating ramp. The lower 

temperature is that of the backbone Tg and the higher temperature is that of the RAF. 
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Figure D.5 Temperature-dependent spectroscopic ellipsometry of DPPT from main 

manuscript. a) MSE as a function of temperature. Insert is the model’s uniqueness at -

50°C.  b) Ordinary optical profile and c) Extra-ordinary optical profile of the film at 

representative temperatures. 
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Figure D.6 Temperature-dependent ellipsometry WAXS 1-D scattering profile (Left). 

Normalized 100 and 010 D-spacing and the relative degree of crystallinity as a function 

of temperature (middle). The first derivative of the normalized 010 D-spacing (right). 
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Figure D.7 Room temperature GIWAXS after thermal processing. 
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Figure D.8 Temperature-dependent ellipsometry of DPP-C4. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Averaged optical profile, 

d) Ordinary optical profile, and e) Extra-ordinary optical profile of the film at 

representative temperatures. f) Comparison of the temperature-dependent extinction 

coefficients for DPP-C4 and DPPT. g) Ordinary refractive index at 1100 nm as a 

function of temperature and its 1st derivative. h) Anisotropy of refractive index at 1100 

nm as a function of temperature and its 1st derivative. 
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Figure D.9 Temperature-dependent ellipsometry of DPPTT. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Averaged optical profile, 

d) Ordinary optical profile, and e) Extra-ordinary optical profile of the film at 

representative temperatures. f) Ordinary refractive index at 1500 nm as a function of 

temperature and its 1st derivative. g) Anisotropy of refractive index at 1500 nm as a 

function of temperature and its 1st derivative. 
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Figure D.10 Temperature-dependent ellipsometry of N2200. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Averaged optical profile, 

d) Ordinary optical profile, and e) Extra-ordinary optical profile of the film at 

representative temperatures. f) Ordinary refractive index at 1000 nm as a function of 

temperature and its 1st derivative. g) Anisotropy of refractive index at 1000 nm as a 

function of temperature and its 1st derivative. 
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Figure D.11 Temperature-dependent ellipsometry of PNDI-C5. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Optical profile of the film 

at representative temperatures. d) Refractive index of the film throughout the heating 

ramp and its first derivative.  e) Comparison of the temperature-dependent extinction 

coefficients for NDI-C5 and N2200. 
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Figure D.12 Temperature-dependent ellipsometry of regioregular P3HT. a) MSE as a 

function of temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate 

of thermal expansion (dh/dT) of the film throughout the heating ramp. c) Averaged 

optical profile, d) Ordinary optical profile, and e) Extra-ordinary optical profile of the 

film at representative temperatures. f) Ordinary refractive index at 800 nm as a function 

of temperature. g) Anisotropy of refractive index at 800 nm as a function of temperature. 
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Figure D.13 Temperature-dependent ellipsometry of regiorandom P3HT. a) MSE as a 

function of temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate 

of thermal expansion (dh/dT) of the film throughout the heating ramp. c) Optical profile 

of the film at representative temperatures. 
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Figure D.14 Temperature-dependent ellipsometry of PFFBT-4T. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Averaged optical profile, 

d) Ordinary optical profile, and e) Extra-ordinary optical profile of the film at 

representative temperatures. f) Ordinary refractive index at 900 nm as a function of 

temperature. g) Anisotropy of refractive index at 900 nm as a function of temperature. 
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Figure D.15 Temperature-dependent ellipsometry of IDT-BT. a) MSE as a function of 

temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate of thermal 

expansion (dh/dT) of the film throughout the heating ramp. c) Averaged optical profile, 

d) Ordinary optical profile, and e) Extra-ordinary optical profile of the film at 

representative temperatures. f) Ordinary refractive index at 900 nm as a function of 

temperature. g) Anisotropy of refractive index at 900 nm as a function of temperature. 



 

171 

 

Figure D.16 Temperature-dependent ellipsometry of C16CDT-QxMe. a) MSE as a 

function of temperature. Insert is the model’s uniqueness at -50 °C. b) Thickness and rate 

of thermal expansion (dh/dT) of the film throughout the heating ramp. c) Averaged 

optical profile, d) Ordinary optical profile, and e) Extra-ordinary optical profile of the 

film at representative temperatures. 

 

Figure D.17 Observed trend between TRAF and melting temperature of the polymer. 
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Figure D.18 Temperature-dependent OFET measurements of 5 representative 

semiconducting polymers. a) Transfer curves and b) Charge transport characteristics 

(charge mobility, on current, and threshold gate voltage) for each polymer. 

 

Figure D.19 Comparison of the normalized charge mobility as a function of temperature 

for P3HT, DPPT, PDPPTT, PDPP2T and PFFBT-4T. 
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