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ABSTRACT

Stretchable semiconductors are pivotal in advancing wearable and implantable
electronics, with those boasting both high stretchability and self-healing capabilities being
especially significant for a myriad of wearable applications. In this dissertation, we
developed an extremely soft, highly stretchable, and self-healing elastomer based on H-
bonding crosslinked amide-functionalized polyisobutylene (PIB-amide). When blended
with a high-performance conjugated diketopyrrolopyrrole (DPP-T) polymer, the composite
exhibits unprecedented stretchability, exceptionally low elastic modulus, and an innate
ability to self-heal at room temperature.

The morphology of conjugated polymer/elastomer semiconducting composites
have significant impacts on electrical and mechanical properties Further investigations
focused on manipulating the phase separation size in CP/elastomer composites by precise
placement of H-bonding functional groups within both the CPs and the elastomers. This
study elucidates how these strategic modifications influence the composites' mechanical
and electrical performance. By introducing amide functional groups to both a DPP-based
semiconducting polymer (DPPTVT-A) and a polyisobutylene-based elastomer (PIB-A),
we facilitated inter- and intra-phase H-bonding crosslinks. This approach enabled us to
fabricate composites with varying crosslinking patterns—dual, uni, and non-H-bonding—
thereby allowing a comparative analysis of their phase behaviors and electronic and
mechanical properties.

Additionally, an analysis of the mechanical properties of 65 CP thin films

challenged the prevailing belief that rigidity and stretchability are mutually exclusive. Our



study of rigid deformable CPs reveals their mechanical behavior, electrical properties, and
deformation mechanisms.

This dissertation contributes a novel perspective to the development and molecular
origin of semiconductive polymers and composites that are stretchable and highly healable,

heralding novel applications in the burgeoning field of stretchable electronics.
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CHAPTER 1 - BACKGROUND
(Adapted from “Wang, Y.; Cao, Z.; Gu, X. Stretchable conjugated polymers and
composites for wearable electronics. Submitted, 2024.”)
1.1 Overview

Our contemporary existence is unimaginable without the constant interaction with
electronic devices and the Internet. This entire ecosystem originated from inorganic
semiconductor devices, specifically transistors. The creation of the transistor in 1947 by
William Shockley, John Bardeen, and Walter Brattain at Bell Laboratories represents a
monumental leap in 20th-century technology. This innovation not only had a profound and
extensive impact on technology, society, and the global economy but also laid the
groundwork for the digital era. The advent of the Internet later in the 20th century
revolutionized communication methods. Technologies such as email, messaging, social
media, and video conferencing have fundamentally changed our ways of interaction,
facilitating instantaneous global communication. Additionally, the Internet has reshaped
global economies, paving the way for e-commerce, digital marketplaces, and new
employment sectors. It is fair to say that the invention of the transistor revolutionized our
society and heralded the digital age.

Building on the initial achievements of inorganic semiconductors, organic
semiconductors introduce new possibilities in material design. In contrast to inorganic
materials, which are held together by strong bonds (covalent, ionic, metallic) in solids, soft
materials are generally disordered and bonded by weaker forces (van der Waals, hydrogen,
electrostatic), leading to significantly different mechanical properties. Polymers,
celebrated for their synthetic versatility, find use in a broad spectrum of applications due

1



to their diverse mechanical properties. These range from soft hydrogels and elastomers to
strong commodity polymers used in packaging, and even to extremes like Kevlar and
carbon fiber composites in the aerospace industry. This versatility in material design
extends to conjugated polymer (CP) systems. To be used in wearable devices, stretchable
CPs are in urgent needs. However, the rigid and planar conjugated backbone structure
contributed to the exceptional electrical performance of CPs also make the CPs stiff and
brittle, posing a significant challenge in the development of stretchable CPs..%?

Thus, this dissertation will focus on development and structural origin study of
stretchable CPs. The discussion is divided into the following three chapters, followed by
envisioned future directions.

Chapter 2: We designed a stretchable and self-healable semiconductive composite
based on hydrogen bonding-crosslinked elastomeric matrix.

Chapter 3: We leveraged non-covalent interactions to control morphology,
electrical and mechanical properties of stretchable semiconducting composites.

Chapter 4. We detailed studied the highly deformable rigid glassy conjugated
polymeric thin films.

1.2 Mechanical analysis of conjugated polymers and characterization techniques

Stretchable conjugated polymers (CPs) represent a distinct category of polymer-
based materials that retain high levels of stretchability alongside superior charge carrier
mobility, even when the thin film is significantly deformed (e.g. 50% strain).>® Those
materials are highly useful for wearable devices to ensure conformal contact with skin in
the case of wearable electronics, and conformal contact with organs when implanted.
Therefore, it is essential to assess their mechanical property and electrical capabilities of

2



any conjugated polymeric materials or composite, before, during, and after stretching. This
evaluation is key for the advancement of new semiconductive materials and devices.
Moreover, a deep comprehension of the deformation processes at play is critical, as it plays
a significant role in understanding the overall device performance, and underlaying design
rule. This understanding also provides crucial insights that aid in the innovation of
advanced stretchable CPs. In this context, we aim to highlight several fundamental
properties of CPs, encompassing their mechanical properties, characterization methods,
and deformation mechanisms.
1.2.1 Mechanical properties

Gaining a thorough understanding of mechanical properties is vital for the
development of stretchable CPs.”° To grasp the mechanical behaviors of CPs effectively,
it will be fundamental to start with a solid foundation in basic mechanical parameters.
There are several reviews exist in this domain, such as an excellent review article by
Lipomi group.®

Key characteristics of stretchable CPs include their elastic modulus (E), crack onset
strain (COS), and elastic hysteresis. The elastic modulus, also referred to as Young's
modulus, measures the stiffness of CPs. A higher E means the material is more resistant to
being deformed when subjected to a load. On the other hand, COS gauges the material's
ability to stretch, marking the point at which cracking begins. A higher COS indicates that
the material can withstand more deformation before failing. Soft CPs are defined as having
an elastic modulus of less than 700 MPa, while stretchable CPs are those with a COS

greater than 20%. Recently, elastic CPs have gained interest due to their ability to undergo



deformation that is predominantly elastic, with minimal permanent plastic deformation,
making them ideally suited for applications requiring repeated stretching.

The E and COS are determined from the engineering stress (6) vs. engineering
strain (g) curve, showcasing how a material behaves mechanically upon stretching. When
a force is applied to a material of initial dimensions (length Lo, width wo, and thickness to),
it experiences an elongation AL, defining engineering strain as ¢ = AL/Lo. ¢ is calculated
using o = F/Ao, where Ao is the material's initial cross-sectional area, and F is the applied
force on the sample’s thin film. Typical behaviors of glassy and viscoelastic CPs on these
curves are depicted in Figure 1.1a, showing glassy CPs going through elastic, yielding,
strain-softening, and strain-hardening phases, whereas viscoelastic CPs display continuous
elastic and plastic behavior without a distinct yield point or strain-softening. The E
corresponds to the initial slope of the curve, and COS is identified at the point where the
films begin to fracture. Elasticity in stretchable CPs is examined through stress-cyclic strain
curves and hysteresis studies. A stress-cyclic strain curve without residual strain after
releasing indicates perfect elasticity (Figure 1.1b). Hysteresis, shown in Figure 1.1c,
measures the energy dissipated during stretching and releasing, calculated from the area
differences between stretching and releasing curves (Figure 1.1d), with more hysteresis
suggesting more plastic deformation. While fracture energy, adhesive strength, and
cohesion are crucial for structural materials, an in-depth analysis of these aspects is beyond

this chapter's scope.
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tensile test.?

1.2.2 Mechanical testing methods

Traditional methods for mechanical characterization usually focus on bulk
materials with millimeter thickness. Yet, thin films (tens to hundreds nm in thickness),
often used in the functional layers of devices, can display unique mechanical properties as
a result of confinement effects.!! Assessing the mechanical characteristics of these thin
films presents a challenge, particularly because of their delicate nature, which complicates
their transfer and loading into a tensile testing apparatus. Therefore, there is a significant
demand within the scientific community for innovative techniques specifically designed to
evaluate the mechanical properties of thin films, as detailed below.

The Film-on-Elastomer (FOE) tensile test is a popular technique for measuring the
mechanical properties of CP thin films.*2° In this method, CP thin films are first spin-cast

onto silicon wafers before being transferred to an elastomer substrate, typically
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polydimethylsiloxane (PDMS) (Figure 1.1e). The thin films are then stretched together
with the substrate, and optical microscopy (OM) is used to observe the formation of cracks.
The strain level at which cracks first appear is recorded as the COS. The E is determined
through a buckling-based metrology approach introduced by Stafford et al., which involves
transferring CP thin films onto a pre-stretched substrate and then releasing the strain to

produce wrinkled samples.® The E of the thin film Ej is subsequently calculated using the

following equation:

Ef 3E, A
2N 7 ( )?
(1-vf) @-v¢§) 2mhs

where A is buckling wavelength, h¢ is the thickness of the CP films, E is the elastic
modulus of the PDMS substrate, v, and v, are the Poisson ratios of the film and substrate.
While the FOE method is a recognized approach for assessing the mechanical properties
of CP thin films, deriving stress-strain curves and calculating the E using this method can
be complex. Additionally, isolating the effects of the elastomer substrate proves difficult,
and the FOE method is unsuitable for materials that are too soft or deformable to form
wrinkles, specifically those with an elastic modulus lower than that of PDMS or a crack
onset strain greater than PDMS.

An alternative approach, the Film-on-Water (FOW) tensile test, has been developed
and popularized by the Kim group for thin metals and the Crosby group for thin
polymers.t6-1° This method involves stretching nanometer-thick films floated on water to
directly obtain stress-strain curves of CP thin films (Figure 1.1f).16 The FOW tensile test
has shown that the mechanical properties of polystyrene thin films are comparable to their

bulk counterparts tested with standard tensile testing equipment, such as Instron machines,
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underscoring the FOW method's accuracy.?® However, this technique is primarily
applicable to hydrophobic materials, which fortunately includes most CPs. Numerous
samples have been successfully tested using this method, with findings reported in the
literature by Gu group and the Lipomi group.?*2*

In an effort to compare outcomes from both FOE and FOW methods, Rodriguez et
al. examined P3HT with varying molecular weights.** The study found consistent trends
in the COS values across both methods, although differences in the E were noted. These
discrepancies were linked to factors like voids in the films, thickness variations, and
differing strain rates, even though other research, such as that by Gu, showed similar E
values between the two methods.

To minimize the influence of water on the measurements, the free-standing tensile
test was developed.?® This technique involves directly stretching free-standing films after
water support is removed (Figure 1.1g). Other methods for measuring the mechanical
properties of nanometer-thick films include nanoindentation and dynamic mechanical
analysis, offering a range of options for accurately characterizing thin film materials.?
1.2.3 Understanding electronical properties upon stretching

Evaluating the retention of electrical properties after stretching is essential for the
practical use of stretchable devices, making the assessment of charge mobility after
deformation a critical step. To this end, both ex-situ and in-situ techniques have been
devised to test charge transport behavior under strain.

The ex-situ approach, which is widely used, involves measuring the charge mobility
of samples that have been stretched and then placed on a silicon substrate for analysis
(Figure 1.2a). The process begins with CP thin films being spin-cast on
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octyltrichlorosilane (OTS)-coated Si/SiO, wafers, followed by transfer to PDMS,
stretching along with the PDMS to a predetermined strain, and then transferring back to
Si/SiO2 wafers. Gold electrodes are then applied to the CP thin films to serve as source and
drain, with the doped Si substrate acting as the gate electrode and SiO; as the dielectric
layer. Charge mobility is evaluated in directions both parallel and perpendicular to the
stretch. Typically, charge mobility tends to stay the same or slightly increase in the parallel
direction, while it decreases in the perpendicular direction due to morphological changes
in the polymer chains within the film, such as crystallite domain rotation and alignment of
amorphous chains. Charge mobility is also assessed after cyclic stretching to gauge the
material’s elasticity. While ex-situ measurement is straightforward and convenient, it may
not accurately reflect electrical performance due to possible relaxation effects after
stretching due to the fact that many CPs are viscoelastic.

In contrast, in-situ measurements are designed to avoid the effects of chain
relaxation by incorporating a more complex fabrication process. In this method, stretchable
organic field-effect transistors (OFETSs) are used, featuring stretchable electrodes and
dielectrics (Figure 1.2b). Devices are stretched, and charge mobility is measured directly
to account for post-stretching performance. This process requires careful calculation to
account for changes in device geometry as the electrodes deform. Charge mobility
observed in fully stretchable OFETS is slightly lower compared to traditional rigid Si/SiO;

setups, likely due to a reduced electric field from a thicker dielectric layer.*
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Figure 0.2 Charge mobility measurement upon stretching.
(a) Ex situ and (b) in situ charge mobility measurement upon stretching.*

1.2.4 Deformation mechanisms under stretching

Grasping the deformation mechanisms of stretchable polymer films during
stretching is crucial for understanding the fundamental principles behind the creation of
stretchable organic semiconductors.3! Given the semi-crystalline nature of CPs, both their
amorphous and crystalline sections play roles in accommodating significant plastic
deformation, with the crystallite domains being particularly crucial for charge mobility.3?
The amorphous chains linking these crystalline areas are equally important as they support
charge transfer across domains. Therefore, delineating the deformation behaviors of both
crystalline and amorphous regions is essential. Several techniques have been developed to
dissect the deformation mechanisms in these different regions, and a holistic view of CP
deformation mechanisms emerges from integrating findings across these methodologies.

For instance, Figure 1.3 illustrates how the deformation mechanism of a viscoelastic



diketopyrrolopyrrole (DPP)-based conjugated polymer with long branched alkyl side
chains is elucidated using X-ray scattering and polarized UV-vis spectroscopy.

To investigate crystallite domain alignment, transmittance wide-angle hard X-ray
scattering (WAXS) with high-energy X-rays (over 8 keV) is used, leveraging a synchrotron
X-ray beam (Figure 1.3c). The sample orientation is perpendicular to the X-ray direction,
allowing for the analysis of anisotropic changes in lamella packing, which reveal how
crystallite domains rotate post-stretching. From 2D scattering images, 1D data along
equatorial and meridian directions are extracted to quantify changes parallel and
perpendicular to the stretch axis, respectively. Changes in the peak position and full width
at half maximum (FWHM) of the (100) peak are examined to assess lamellar packing
distance and crystallite deformation. Grazing-incidence WAXS (GIWAXS) offers an
alternative, examining stretched films on Si wafers aligned both parallel and perpendicular
to the X-ray beam to determine crystallite domain alignment.

Transmittance wide-angle tender X-ray scattering, utilizing lower-energy X-rays (2~6
keV), focuses on backbone orientation within crystalline domains, highlighting backbones'
pivotal role in charge transport (Figure 1.3d).33-% Since most CPs contain sulfur only in
the backbones, running WAXS near the sulfur K-edge enhances the scattering signal from
the sulfur, aiding in analyzing deformation related to the backbone.

Polarized UV-vis spectroscopy examines overall chain alignment (Figure 1.3e), where the
dichroic ratio (R) and orientation parameter (f) are derived from the absorption spectrum,
measured with a polarizer in the light path. Additionally, atomic force microscopy (AFM)

is also employed to analyze changes in the surface morphology of thin films, particularly
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effective in examining the phase transitions within CP/elastomer composites under
stretching.3"38

The variations in the f of DPP-based polymers at different levels of strain, as
deduced from the aforementioned analyses, are compiled in Figure 1.3f. The findings
indicate that the deformation mechanism of viscoelastic DPP conjugated polymers is
predominantly based on the alignment of crystalline domains and the slippage of
amorphous chains, as shown in Figure 1.3g. These investigative techniques have been
similarly applied to explore rigid stretchable CPs.?’ In contrast to the softer, stretchable
DPP polymers, the deformation of rigid stretchable CPs, like poly(3-butylthiophene-2,5-
diyl) (P3BT), initially relies on the alignment of amorphous chains, with the process of

crystallite fracturing and rotation becoming significant as deformation progresses.
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Figure 0.3 Deformation mechanism study of PDPPTC2C8C10.

(a) Chemical structure of PDPPTC2C8C10. (b) Schematic of multimodal morphological characterization tools on tensile strained free-
standing thin films. Representative 2D scattering patterns and characteristic crystallographic peaks from (c) hard WAXS and (d) tender
WAXS. (e) UV-vis absorption plot at different wavelengths. (f) Stress—strain response and summarized Herman's orientation parameter
for PDPPT-C2C8C10 polymer under three stages of strain. I: Initial deformation; Stage 1l: Medium strain; Stage Il1l: High degree of
alignment. (g) Schematic snapshots of deformation mechanisms under three stages showing crystallite orientation, chain alignment, and

chain sliding.

1.3 Material design for stretchable conjugated polymers
Stretchable CPs are distinguished by their ability to withstand high COS levels
while preserving efficient charge carrier mobility after being stretched.*®%* The

exceptional electrical performance of CPs is attributed to their conjugated backbone
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structure.>? However, the natural stiffness and flatness of the CP backbone contribute to
its rigidity, posing a significant challenge in the development of stretchable CPs. Recent
strategies to overcome this obstacle include fine-tuning fundamental polymer chain’s
properties such as molecular weight (MW) and regioregularity, crafting intrinsically
stretchable CPs, and forming semiconducting composites by integrating CPs with soft,
elastic elastomers. While the focus has predominantly been on enhancing the stretchability
of soft CPs, rigid CPs have also shown promising stretchability, offering an alternative
avenue for the development of stretchable CP materials.
1.3.1 Polymer’s length and dispersity effect

Unlike small molecules, synthetic CPs display distinct traits tied to their MWSs and
dispersity, which markedly impact their attributes. Furthermore, the regioregularity of CPs,
particularly noted in polymers such as poly(3-alkylthiophene) (P3ATS) that consist of
asymmetric thiophene monomers, influences their packing structure. This, in turn, results
in unique mechanical and electrical properties.*
1.3.1.1 Molecular weight effect

The molecular weight (MW) of synthetic polymers, which is determined by the
polymerization process, varies significantly between batches and plays a pivotal role in
defining the mechanical and electrical properties of a CP. Each polymer has a critical
entanglement molecular weight (M), which is indicative of the point at which polymer
chains begin to entangle. Above this Me threshold, the polymer chains interlock more
extensively, creating additional knots between the chains and enhancing the polymer's

stretchability (Figure 1.4).1%3245-47 On the other hand, when the MW is below M, the
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polymer chains and crystalline domains tend to stay separated, making the CPs more prone
to becoming brittle.

An example of this phenomenon can be seen in the traditional CP, P3HT, whose
interaction between MW and mechanical properties has been thoroughly investigated
(Figure 1.4a-c).!!* The M. for P3HT is reported to be around 35 kDa. In a study by Daniel
etal., P3HT thin films were prepared with MWs ranging from 15 kDa to 80 kDa to examine
the influence of MW on mechanical properties.** For P3HT with an MW of 15 kDa (below
Me), the COS was 4.5%, with an E of 0.2 GPa. When the MW increased to 40 kDa (above
Me), the COS improved to 13%, while maintaining a similar E of ~0.26 GPa. Increasing
the MW further to 63 and 80 kDa led to progressive improvements in COS (59% and 96%,
respectively) while keeping the E constant at 0.26 GPa, indicating a significant increase in
stretchability. Coarse-grained molecular dynamics simulations have shown that for low
MW P3HT, fractures occur through chain pullout, whereas for high MW P3HT,
entanglements focus stress, and chain scission becomes the predominant mode of fracture,
resulting in higher COS. This pattern has been similarly observed across various donor-
acceptor CPs.*"! Pei et al. explored the morphology, mechanical, and electrical properties
of poly(2,5-bis(4-hexyldodecyl)-2,5-dihydro-3,6-di-2-thienyl-pyrrolo[3,4-c] pyrrole-1,4-
dione-alt-thiophene) (PDPPT3) at different MWSs, demonstrating the correlation between

MW and performance metrics (Figure 1.4d, e).*
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Figure 0.4 Molecular weight effect on stretchability of CPs.

(a) Chemical structure and critical MW of P3HT. (b) Stress-strain curve and (c) summarization of E of P3HT with different MWs of
15, 40, 63, 80 kDa. (d) Chemical structure and critical molecular weight of PDPPT3. (e) Schematic representation of the film

microstructure of PDPPT3 with the increase of molecular weight and its relation to mechanical and electrical properties. '

1.3.1.2 Regioregularity

Beyond MW, regioregularity is another fundamental characteristic of CPs that
significantly affects their mechanical properties through its influence on molecular
packing. Regioregularity pertains to the uniform arrangement of monomer units along a
polymer chain, especially the consistent orientation of substituents or functional groups at
the sites of chemical reactivity.

The synthesis of P3ATs with varying degrees of regioregularity is feasible due to
the asymmetrical nature of thiophene rings and their alkyl side chains. This variance in
regioregularity affects how polymer chains are packed, their crystallinity, and,

consequently, the mechanical and electrical characteristics of the CPs. Generally, a higher
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level of regioregularity is linked to better charge mobility, attributable to more orderly
chain packing and increased crystallinity. Nonetheless, the enhanced chain packing and
crystallinity associated with higher regioregularity can also render CPs more rigid and
prone to brittleness. Thus, it is crucial to identify an optimal level of regioregularity that
offers a good compromise between mechanical flexibility and electrical performance.*+°253
1.3.2 Design of intrinsic stretchable conjugated polymers

While adjusting basic parameters like MW can influence the mechanical properties
of CPs, their intrinsic characteristics often limit the extent of these modifications. Hence,
synthesizing inherently stretchable CPs has become increasingly important.3°304154 The
general strategies for designing stretchable CPs involve disrupting large and rigid
crystalline structures, reducing the stiffness of CP chains, and introducing more amorphous
regions to allow for better energy dissipation when stretched.>>*® To achieve these
objectives, various approaches have been adopted, including modifying the side chains and
backbones of CPs, integrating physical crosslinks between CPs, creating block copolymers
with both conjugated and soft segments, and designing CPs with inherently low
crystallinity.
1.3.2.1 Backbone engineering

The excellent electrical performance of CPs is due to their conjugated backbone
structures. Yet, the inherent stiffness and planarity of these backbones contribute to
brittleness and rigidity, which are not favorable traits for stretchable CPs. To enhance their
stretchability, strategies such as developing more flexible backbones and disrupting the
rigid conjugated structure are implemented. However, altering the conjugated structure
might reduce charge mobility by interrupting the pathway for charge transport,
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necessitating careful design to balance improved stretchability with preserved electrical
functionality.

Employing smaller and fewer isolated thiophene rings in donor-acceptor (D-A) CPs
has been shown to reduce both the persistence length and rigidity of the backbone, thereby
increasing stretchability.'®%"% Zhang et al. conducted a comprehensive examination of
how the quantity and dimensions of isolated thiophene rings, including single thiophene
(DPP-T), bithiophene (DPP-T2), terthiophene (DPP-T3), thienothiophene (DPP-TT), and
dithienothiophene (DPP-TTT), affect the mechanical characteristics of DPP-based CPs
(Figure 1.5a).%" Their findings revealed that a reduction in both the number and size of
these rings led to a decrease in crystallinity and glass transition temperature (Tg), which in
turn increased elasticity and decreased brittleness (Figure 1.5b,c). However, variations in
the presence of thiophene rings within the backbone affected the materials' properties
differently, showing that more thiophene rings could lower the E while raising the COS,
due to alterations in the molecular packing structure.®

Incorporating conjugated breaker spacers (CBS) serves as a strategy to disrupt the
conjugated structure, thereby enhancing stretchability.*” CBS refers to the introduction of
non-conjugated groups into the CP backbone to interfere with the sp?-hybridized
conjugated systems, initially aimed at enhancing solubility, reducing melting points, and
facilitating processing.®-% Subsequent findings revealed that CBS could also increase
backbone flexibility and reduce crystallinity levels, significantly boosting stretchability.5¢
Generally, CBS that are longer, bulkier, and more flexible lead to improved stretchability
and a lower E.475667-69 Alky| chains, known for their simplicity and flexibility, are among
the most commonly used CBS.%%%7 For example, incorporating a hexyl group (C6) into
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DPP-TVT raised the COS from 25% to 45%. Extending the CBS to a dodecyl group (C12)
further enhanced the COS to 100% (Figure 1.5d,e).%® In contrast, introducing a rigid
dibutylbenzene (DBB) group into DPP-TVT only marginally increased the COS to around
40%. The proportion of CBS also impacts the mechanical properties; Savagatrup et al.
explored the use of a propyl group as CBS in DPP-based D-A CPs across a range from 0
to 100%.5% They observed that varying the CBS ratio altered the polymer morphology and,
consequently, its mechanical properties, with the formulation containing 70% CBS
exhibiting the highest COS and lowest E. However, incorporating higher amounts of alkyl-
type CBS into the backbone significantly reduced charge mobility. As a result, additional
strategies are required to optimize CBS for both enhancing stretchability and preserving
charge mobility.

Introducing hydrogen bonding (H-bonding) crosslinks between CBS presents a
promising solution to enhance stretchability while maintaining charge mobility.3%"%"* H-
bonds, formed between hydrogen atoms and strongly electronegative atoms, are weaker
and more reversible than covalent bonds, providing a unique energy dissipation pathway
upon stretching.3%727° This property allows the H-bond to break first under strain, offering
an additional mechanism to absorb and dissipate energy. Moreover, H-bonds contribute to
improved intermolecular packing, which can bolster charge mobility.’®”” As a result, H-
bonding has become a favored non-covalent bonding strategy in the development of
stretchable CPs, with common H-bonding groups including amides, amines, ureas,
urethanes, and 2,6-pyridine dicarboxamide (PDCA).26307%77-7% Eor example, Oh et al.
utilized PDCA as a CBS, incorporating it into the polymer backbone at ratios ranging from
0 to 20%, to facilitate H-bonding crosslinks (Figure 1.5f).%° With 10 mol% PDCA, the
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COS dramatically increased from 10% to 120%, while still achieving a high charge
mobility of over 1 cm?/V s (Figure 1.5g). This improvement in mechanical stretchability
was attributed to an increased amorphous fraction, reduced crystallinity, and slightly
smaller crystallite sizes, with the added benefit of maintaining high charge mobility even
after 100% strain. The density and strength of H-bonding are also critical factors
influencing CPs' mechanical and electrical properties. Studies have shown that H-bond
groups with a self-association constant above 0.7 tend to promote aggregation between
polymer chains and increase crystallinity, leading to more rigid and brittle CPs.®
Additionally, the length of the alkylene chains between amide groups on the backbone
plays a significant role, where longer and more flexible chains enhance conformational
freedom and reduce - stacking, resulting in more deformable and stretchable polymers.’*
Recently, innovative types of CBS, such as peptides and biobased cellulose derivatives,
have demonstrated effective performance in enhancing stretchability.8%82

Lastly, other backbone engineering strategies have also been explored, including the
substitution of sulfur atoms with larger selenium atoms in thiophene rings and altering the

backbone's central symmetry to further refine the stretchability and electrical performance

of CPs.8384
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Figure 0.5 Backbone engineering for design of intrinsic stretchable CPs.

(a) Chemical structure of PDPP with different number of isolated ring and size of fused ring, PDPP-T, PDPP-T2, PDPP-T3, PDPP-TT
and PDPP-TTT. Stress-strain curves of PDPP with (b) different number of isolated ring and (c) size of fused ring. (d) Chemical structure
and (e) summarization of E and COS of PDPP CPs with different CBS, ethylene, DBB, C6 and C12. (f) Chemical structure and (g)

summarization of E and COS of PDPP CPs with different ratio of H-bonding crosslinked CBS.3%%¢57

1.3.2.2 Side chain engineering

Besides focusing on the backbone structure, engineering the side chains of CPs is
another effective strategy to modulate their mechanical properties and enhance
stretchability.® Initially, side chains were incorporated into CPs to improve their solubility.
Subsequent research has shown that varying the side chains can also alter molecular
packing, thereby affecting both electrical and mechanical properties of CPs. In contrast to
backbone modifications, altering side chains does not disrupt the conjugated structure or
the charge transport pathway, allowing for the preservation of electrical properties while

enhancing stretchability.
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Adjustments to the size and length of side chains are commonly employed to
influence mechanical properties. Strategies have included modifying the length of side
chains, tweaking their branching structure and attachment points, incorporating
asymmetric and bulky side chains, and utilizing other conjugated side chains to increase
the stretchability of CPs,12:22:3386-88

Alkyl side chains are particularly favored for engineering stretchable electronics
due to their impact on mechanical properties. The length and structure of these chains can
significantly affect the polymers' behavior, where CPs with longer side chains are observed
to have a lower E attributed to a decrease in Tq.123387 This phenomenon was explored by
Zhang et al., who examined the mechanical properties of DPP-based CPs with various side
chain lengths (C2C6C8, C2C8C10, C2C10C12, and C2C12C14), demonstrating a
reduction in E from 509 MPa to 104 MPa as the side chain length increased (Figure 1.6a
and Figure 1.6b).3 However, the COS did not display a clear correlation with side-chain
length. Sugiyama et al. enhanced COS by incorporating a flexible linear oligo(ethylene
oxide) (EO) side chain, noting improved performance over traditional linear alkyl side
chains, with increased oxygen content correlating with higher COS.% Similarly, Wang
applied siloxane as a crosslinker for DPP CPs with alkene side chains, achieving over 150%
COS and maintaining charge mobility after extensive stretching, thanks to the flexible Si-
O-Si bonds and covalent crosslinking (Figure 1.6¢).”® Further explorations into flexible
side chains have included carbosilane, poly(butyl acrylate), and semifluorinated groups,
opening new pathways for creating stretchable CPs.%%%

Incorporating branching structures and adjusting the position of branching can
expand the distance between crystalline planes, leading to less dense molecular packing,
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which in turn lowers the E and raises the COS (Figure 1.6d).%°%! Lu et al. experimented
with a branched side chain structure, C2C8C10, in PDPP CPs and compared its
performance with that of a CP having a linear side chain, C16.5! The result was that the
branched side chain variant exhibited a lower E (2.39 GPa compared to 4.44 GPa) and a
higher COS (20% compared to 10%). Moreover, incorporating various asymmetric and
bulky side chains also contributes to a looser packing arrangement, thereby enhancing the
stretchability of CPs (Figure 1.6e).228.92.93

Like the strategies employed in backbone engineering, the technique of H-bonding
crosslinking has been applied to the side chains of CPs.2%%* Introducing a 10 mol% amide
group into DPP-based CPs notably increased the COS from 30% to 75% (Figure 1.6f,g).%
However, adding a higher concentration of amide groups (20 mol%) to the side chains
resulted in a reduced COS to 50%, attributed to the enhanced crystallinity brought about
by the hydrogen bonding crosslinks. Meanwhile, the E showed a continual decrease with
the addition of more amide groups (Figure 1.6h), indicating the need for an optimal
balance when integrating H-bonding groups into side chains.®® This balancing act was
underscored in further studies, where introducing a stronger H-bonding group, 2-ureido-
4[1H]-pyrimidone (UPy), into the side chain was found to endow CPs with exceptional

elasticity.%
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Figure 0.6 Side chain engineering for design of intrinsic stretchable CPs.

(a) Chemical structure and stress-strain curves of PDPP with different length of side chains, C2C6C8, C2C8C10, C2C10C12 and
C2C12C14. (b) Chemical structure of flexible side chains. (c) Chemical structure of branched side chains. (d) Chemical structure of

bulky side chains. (¢) Chemical structure of PDPP with different ratios of side chains with H-bonding crosslinked amide groups. 22263392

1.3.2.3 Copolymerization between soft segments and conjugated polymers
Elastomers are materials known for their exceptional softness and stretchability.
Leveraging these properties, CPs are combined with soft segments to create CP-block-
elastomer diblock copolymers (CP-E BCP), merging the excellent electrical characteristics
of CP blocks with the stretchability of elastomer blocks. Moreover, the inherent
incompatibility between the two components allows CP-E BCPs to self-assemble into a
variety of morphologies, each with unique mechanical and electrical properties.
Conjugated block copolymers incorporating traditional P3HT,*"*° p-type,00:101

and n-type D-A CPs!%21% have shown significantly enhanced stretchability compared to
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their homopolymer counterparts. For instance, P3HT-b-polyethylene (P3HT-b-PE) BCPs
have demonstrated remarkable stretchability, achieving a COS over 600% (Figure
1.7a,b),%® while P3HT-b-polyisobutylene-b-P3HT (P3HT-b-PIB-b-P3HT) ABA block
copolymers have shown a much lower elastic modulus, 1.14 MPa with a COS of 200%,
due to the inclusion of soft PIB segments (Figure 1.7c).°” DPP copolymerized with
biodegradable polycaprolactone (PCL) resulted in a degradable DPP-b-PCL block
copolymer that maintained charge mobility after being stretched to 100%.%* An n-type CP,
poly(naphthalenediimide—bithiophene) (PNDI2T), when copolymerized with PIB,
retained almost constant charge mobility after 1000 stretching cycles at 60% strain (Figure
1.7d).2%2 The sequence of CP/elastomer BCPs has been studied for its impact on
morphology and properties. Chiang et al. synthesized P3HT with poly(octylene oxide)
(POO)-based CP/elastomer BCPs in AB, ABA, and BAB configurations. The ABA-type
films exhibited a COS higher than 100%, significantly outperforming the AB and BAB
films. 105

While some CP-b-elastomer copolymers may not exhibit stellar electrical
properties on their own, they can act as an elastomer matrix to enhance compatibility
between CPs and the matrix, thereby improving mechanical stretchability and electrical
performance. For example, PBTTT-b-HTPB was synthesized with excellent mechanical
properties, showcasing a COS of ~619% and elastic recovery (Figure 1.7¢),% though its
charge carrier mobility was relatively low. Blending this with TDPP-Se improved the
blend's COS to 246% with a high mobility of 2.05 cm?/V s (Figure 1.7f,g).
Given the complexity of synthesizing block copolymers, supramolecular CP-elastomer
block copolymers utilizing dynamic bonds instead of covalent bonds to connect CP and
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elastomer blocks have been developed.!”” Wu et al. used dynamic metal-ligand

coordination to construct a supramolecular block copolymer, PS-Zn-P3HT, enhancing the

COS from 25% (P3HT) to 75%.
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Figure 0.7 CP-b-elastomer block copolymers for intrinsic stretchable CPs.

(a) Chemical structure and (b) stress-strain curve of P3HT-b-PEs. (c) Chemical structure and photograph of the bulk P3HT-b-PIB-b-
P3HT film before and after stretching and the illustration of the model for the deformation of microphase separated structure and
crystalline orientation of the P3HT-b-PIB-b-P3HT thin film. (d) Chemical structure of PNDI2T-b-PIB block copolymers and correlation
between pe and the stretch—release cycles for the polymer films. (e) Chemical structure of PBTTT-b-HTPB and schematic of multiblock

copolymer/CPs composites. (f) Stress-strain curve of the composites and (g) mobility of composites with different ratios of TDPP-Se.

97,98,102,106
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1.3.2.4 Intrinsic low-crystallinity conjugated polymers

Creating intrinsically low-crystallinity CPs has proven to be a successful strategy
for enhancing stretchability.'%® CPs are typically semicrystalline, featuring both crystalline
and amorphous regions (Figure 1.8a).3% The crystalline domains primarily facilitate charge
transport, where charges move along both the intramolecular (along the backbone) and
intermolecular (between m-m stacking) pathways. However, tight n-mt stacking leads to
strong crystallinity, which, while beneficial for charge transport, can render CPs more
brittle due to the high degree of crystallinity. On the other hand, the amorphous domains
consist mainly of disordered chains, offering pathways for energy dissipation that
contribute to increased stretchability.

In response to this, Zheng et al. developed a new CP, indacenodithiophene-co-
benzothiadiazole (IDTBT), characterized by notably low crystallinity. This was achieved
by disrupting n-n stacking through the introduction of long side chains attached to a
tetrahedral carbon within the conjugated polymer backbone (Figure 1.8b).% This structural
modification allowed IDTBT to achieve remarkable stretchability, with a COS exceeding
100% (Figure 1.8c). Furthermore, their design preserved high backbone coplanarity and
minimized energetic disorder, facilitating efficient intrachain charge transport. As a result,
despite its low crystallinity, the CP maintained high charge mobility, reaching up to 1.8

cm?/V s.
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Figure 0.8 Semi-crystalline structure of CPs and Intrinsic low-crystallinity CPs.

(a) Common semicrystalline morphology of CPs. (b) Chemical structure and morphology of near-amorphous IDTBT and semi-

crystalline DPPTT. (c) Stress-strain curve of near-amorphous IDTBT and semi-crystalline DPPTT.%%5

1.3.3 Conjugated polymer composites

Physical blending of CPs with soft, stretchable elastomer matrices to create
CP/elastomer composites offers a straightforward alternative to the complex synthesis of
inherently stretchable CPs.1%%-12 This method involves mixing a small proportion of CPs
into an elastomer matrix, where the CPs enhance electrical properties, and the elastomer
matrix adds stretchability. Moreover, due to their incompatibility, CPs and elastomers tend
to phase separate, leading to fiber-like aggregates that can further improve charge mobility.

Elastomers such as  PDMS,14  styrene-ethylene-butylene-styrene
(SEBS),110115.120.123,126,127 g ystyrene-block-polyisoprene-block-polystyrene (SIS), and
polyurethane!?® are commonly used in these composites. For instance, Xu et al.
incorporated DPPT-TT into an SEBS matrix, producing a composite that sustained high
charge mobility of 1 cm?/V s at 100% strain, thanks to fiber-like aggregation from phase
separation (Figure 1.9a, b, ¢).1*® The Reichmanis group found that blending P3HT with
PDMS significantly increased stretchability from 5% to over 100%, along with a rise in

charge mobility.114
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CP/elastomer composites can also incorporate additional functionalities by using
elastomers with specific properties.”**” Zhang et al. mixed DPPTVT with self-healable
butyl rubber (BR), achieving a composite with excellent stretchability and self-healing
capabilities (Figure 1.9d, e).**7 Li et al. combined a redox-active CP with a bioadhesive
polymer, resulting in strong adhesion to wet tissue surfaces, showing promise for
bioadhesive organic electrochemical transistors (OECTs).?®> Composites made with
degradable elastomer E-PCL also exhibited degradability.'?®

Similar to the design of inherently stretchable CPs, introducing H-bonding

crosslinks into CP/elastomer composites can enhance stretchability and self-healing
properties. Wang et al. introduced amide groups into an elastomer (PIB-Amide) and
blended it with DPPT-T, creating a highly stretchable (COS ~1500%) and self-healable
composite that maintained high charge mobility under strain (Figure 1.9f, g, h), with the
H-bonding also boosting self-healing efficiency (Figure 1.9i).%” The placement of H-
bonding crosslinks significantly affects the composites’ morphology and, consequently,
their mechanical and electrical characteristics. By systematically studying the effect of
crosslink location, it was found that composites with dual H-bonding showed the lowest
mobility initially, which improved after stretching, while those without H-bonding
exhibited the highest mobility but lower stretchability.*® The introduction of H-bonding
crosslinks to either component improved stretchability and charge mobility.?
Research has also shown that the MW of both CP and elastomer components affects
stretchability and charge mobility.*?® Composites with CP MW above a critical threshold
exhibited higher mobility, whereas those with lower CP MW showed increased COS
without a clear impact on mobility.?
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Figure 0.9 Stretchable and self-healable conjugated polymer/elastomer composites.

(a) Chemical structures of semiconducting polymer DPPT-TT and SEBS elastomer and 3D illustration of the morphology of the
composite film. Mobilities from the composite film (blue) and the neat film (black) at different strains (b) parallel and (c) perpendicular
to the charge transport direction. (d) Chemical structures for PDPPTVT and BR. (e) 3D schematic illustration and optical images of
notched 2:3 PDPPTVT/BR composite film before and after tensile deformation on water surface and self-healing process. Two precut
films were floated on water upon compression. (f) Chemical structures of PIB-Amide and DPP-T. (g) stress-strain curve of PIB-
Amide/DPP-T composites. (h) Charge mobility of the 20% DPP-T/PIB-Amide composite after stretching to different strains and (i) self-

healing efficiency through the self-healing process.®" 110117

1.3.4 Rigid stretchable conjugated polymers

The conventional approach to designing stretchable CPs has favored softer
materials for their presumed superior deformability. Yet, recent research by Zheng et al.
has challenged this paradigm, demonstrating that IDTBT, despite its high elastic modulus,
can exhibit remarkable deformability.>® Wang et al. extended this investigation by
analyzing the E to COS relationship across 65 CPs using the FOW tensile test, revealing

no straightforward correlation between a CP's rigidity and its ability to deform (Figure
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1.10).2” Notably, several rigid CPs (E > 700 MPa) exhibited unexpectedly high
stretchability (COS > 20%), suggesting a new avenue for the development of stretchable
CPs.

Further analysis compared charge mobility post-stretching and the deformation
mechanisms between rigid and soft stretchable CPs, finding that the rigidity of CPs did not
directly affect changes in charge mobility. Beyond the initial strain region, the deformation
mechanism appeared similar across both types of CPs, indicating that rigid stretchable CPs
also hold promise for device applications. This insight suggests that incorporating rigid
CPs into the design of stretchable materials could open up possibilities for applications that

require both high modulus and stability, expanding the scope of stretchable electronics

design.
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Figure 0.10 E~COS relationship and stress—strain curve for CPs.

a) Summarized E and COS of a library of CPs. Region I: Rigid and brittle CPs with high E and low COS. Region II: Rigid and deformable
CPs with high E and high COS. Region IlI: Soft and brittle CPs with low E and low COS. Region IV: Soft and deformable CPs with

low E and high COS. b) Representative stress—strain curve for polymers from each region.?’

1.3.5 Others
Structural engineering involves adapting the material into a pre-strain

configuration, such as wavy**°, buckled®, wrinkled!3, serpentine®3, island®*, kirigami-
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136 and mesh-like®® structures, to absorb tensile strains during

inspired®®, horseshoe
stretching.®*®1%! This approach allows energy to be dissipated upon releasing the pre-
strained configurations. For instance, Bettinger and colleagues created the first stretchable
organic transistor using a wavy structure.**? However, the fabrication techniques for these
structures are often complex, expensive, and challenging to precisely control. Moreover,
the use of stretchable metal interconnects and circuits necessitates large areas, leading to a
significant drawback of reduced device density.

The method of processing CP thin films also influences their stretchability.
Choudhary et al. evaluated the mechanical properties of poly(3-heptylthiophene) (P3HpT)
using various techniques, including interfacial spreading, solution shearing, spray coating,
with spin coating serving as a baseline for comparison.!*® They discovered that the
processing methods affected the material's free volume and surface topography, leading to
variations in mechanical properties. Specifically, P3HpT films produced by spray coating
were the most brittle, attributed to defects and uneven thickness. Films created through
shearing exhibited superior modulus, strength, and toughness due to reduced free volume.
Meanwhile, films formed by interfacial spreading were found to be softer and more
stretchable than those produced by spin coating.

1.4 Few representative applications demonstration

Stretchable CPs have facilitated the development of tissue- and skin-like stretchable
devices, revolutionizing wearable electronics for human health monitoring and enhancing
human-machine interaction.#-1*¢ Devices such as transistors, organic solar cells, sensors,
and light-emitting diodes have been predominantly fabricated using these materials. 491>
Both structural engineering and materials intrinsic stretchability contribute to
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advancements in this field. Here, we highlight few representative examples centered on
intrinsically stretchable electronics.

Organic field-effect transistors (OFETs) serve as foundational components in
integrated electronics, comprising source, drain, and gate electrodes, along with a
semiconducting and a dielectric layer.3>** Achieving fully stretchable OFETs requires
that all components be stretchable. For instance, the Bao group developed efficient all-
stretchable OFETs using (poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate)/
carbon nanotube (PEDOT:PSS/CNT) as electrolytes and PDMS as the dielectric layer, with
novel CPs as the active layer (Figure 1.11a).*° Xu et al. also created all-stretchable OFETs
with DPPTT/SEBS composites as the active layer, maintaining charge mobility at 0.99
cm?/V s under 100% strain, demonstrating resilience to twisting and poking (Figure
1.11b).

Organic electrochemical transistors (OECTSs) differ from OFETs in that their
electrodes are not in direct contact with active layers, relying on ions for charge
transport.15>%% This makes them ideal for use in agqueous environments and biosensing due
to their low operation voltage and label-free detection capabilities. Li et al. developed a
highly stretchable, fully bioadhesive OECT-based sensor using a double-network polymer
semiconductor, showcasing stable performance even when stretched (Figure 1.11c, d, €).?®

For energy supply in wearable devices, all-stretchable organic solar cells (OSCs)
have garnered significant interest.*>"1%° Despite the challenge of maintaining high power
conversion efficiency (PCE) in stretchable formats, Wan et al. enhanced OSC stretchability
and mechanical durability by incorporating thymine groups into PM7, achieving 80% of
initial PCE even after 43% strain (Figure 1.11f, g).%° The Lee group demonstrated an all-
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stretchable OSC using thermoplastic polyurethane (TPU) as a substrate and a utectic
gallium—indium (EGaln) alloy as the top electrode.!®!

Organic light-emitting diodes (OLEDS) represent a promising direction for next-
generation displays, offering portability, foldability, and lightweight, skin-like
displays.®>1%2 Lju et al. introduced a design strategy incorporating soft side chains into the
backbone of materials for thermally activated delayed fluorescence (TADF), achieving

substantial stretchability and maintaining external quantum efficiency (EQE), with devices

capable of stretching to 60% while preserving luminescence characteristics (Figure 1.11h,

i-|).163
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Figure 0.11 Stretchable electronic devices.

(a) Schematic of all-stretchable OFET. (b) Drain current (ID) and gate current (IG) of a fully stretchable TFT under sequential stretching,
twisting, and poking with a sharp object. (c) Device structure of fully bioadhesive OECT sensor. (d) Transfer curves for a fully
bioadhesive OECT under 0 and 50% strains. (e) Photographs that show a fully bioadhesive OECT attached to an isolated rat-heart
surface maintaining stable contact during mechanical agitation and ECG signals recorded by the fully bioadhesive OECT on the left
ventricle. (f) Device structure and image of all-stretchable OSC. (g) Normalized PCE of all-stretchable OSC during stretching. (h)
Chemical structures of stretchable TADF polymers having different alkyl chains in the polymer backbone. (i) Schematic of the fully
stretchable OLED. (j) Photographs of a representative OLED device stretched from 0% to 20%, 40% and 60% strains. (k) Normalized

luminance intensity (L/L0) and EQE (EQE/EQEQO) of the stretchable OLED at different strains,2110.160163
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CHAPTER 2 - STRETCHABLE AND SELF-HEALABLE
SEMICONDUCTIVE COMPOSITES BASED ON HYDROGEN
BONDING-CROSSLINKED ELASTOMERIC MATRIX

(Adapted from “Wang, Y.; Chen, K.; Prine, N.; Rondeau-Gagne, S.; Chiu, Y.; Gu, X.
Stretchable and Self-Healable Semiconductive Composites Based on Hydrogen Bonding
Cross-Linked Elastomeric Matrix. Adv. Funct. Mater. 2023, 2303031, 1-10.”)
2.1 Introduction

Developing stretchable and self-healable semiconductors is very important to meet
the growing in the interest of designing wearable and implantable electronics.3133:164-169
Conjugated polymers (CPs), due to wide range tunable chemical structures and high
flexibility and deformability compared to their inorganic counterpart, are widely adopted
in wearable devices, and used as the charge transport layer.2’®17® Unfortunately, a rigid
and coplanar backbone and high crystallinity are preferred to enable effective charge
transport for CPs, commonly renders them as rigid and brittle. °3217 Therefore, designing
CPs with balanced electrical performance and mechanical robustness is required. Besides,
mechanical fracture and accidental scratching in long-term use in daily life make the
materials less durable.® In this regard, researchers developed a strong interest in making
self-healing semiconductors or composite to mitigate above mentioned issues.166-169.175

Most efforts have focused on modifying chemical structures via backbone/side-
chain engineering to develop stretchable and self-healable CPs. To improve stretchability,
attaching longer and branched alky! side chains, 3387899092 jnserting flexible conjugation
breaker spacers®30:°6.62646680.109 = and copolymerizing soft segments with conjugated

polymers®/ 9899103176177 ara generally used. However, the increased stretchability often
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resulted in sacrificed charge carrier mobility.*’® To introduce self-healing ability, dynamic
covalent bonds (i.e., Diels-Alder reactions, imine bonds, disulfide exchanges, borate ester
bonds) or noncovalent interactions (i.e., hydrogen bonds,3*2% metal-ligands
interaction,’® host-guest interactions'®) were often incorporated between the polymer
chains. Despite considerable progress in developing self-healing polymeric materials,*8!
only a few have focused on electronically active materials and demonstrate their usage in
thin-film field-effect transistors. Besides, it must be noted that the molecular design of
novel CPs always needs elaborate synthesis. Due to the conjugated nature of CP’s rigid
backbone, the demonstration of intrinsically stretchable and room temperature self-
healable CPs is still limited.

Alternatively, physical blending CPs with soft elastomers (i.e.,
polydimethylsiloxane (PDMS), 114 styrene-ethylene-butylene-styrene (SEBS),
110,115.120,123 o lystyrene-block-polyisoprene-block-polystyrene (SIS), 116 rubber, 11712 etc.)
is a straightforward and effective approach to create stretchable semiconductor.
110,114,115,117.119-125 Eor example, Bao et al. blended SEBS with DPPT-TT fabricating DPPT-
TT/SEBS semiconducting composite. % Utilizing the conjugated polymer/elastomer
phase separation-induced elasticity (CONPHINE) method, the high charge mobility of ~1
cm?/V s was successfully retained even at 100% strain. Later on, the same group
systematically studied the MW influence of both CPs and SEBS on the performance of
composites. For CPs with high MW, the aggregation slightly decreased upon increasing
MW of SEBS, while opposite trend for CPs with low MW.?! Furthermore, they also
developed an elastic composite with the help of covalent crosslink between azide and C=C

group in SEBS and C-C bond in CPs.?® No residual strain showed up with increasing cyclic
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strains from 10-70%. Jeong et al, first used PDMS as elastomer matrix for the composite.
The formation of P3HT bundle network in composite films enable high stretchability of
composite (COS>50%).'2® However, the mobility significantly decreased upon stretching.
Cho group embedded P3HT nanowires into PDMS matrix.''? The obtaining composites
showed stable stretchability at strain up to 100%. Reichmanis group detailed studied
processing condition effect on the performance on the P3HT/PDMS composite.*'* The one
with ‘predeposition processed’ P3HT showed 44 times higher hole mobility than untreated
one with high stretchability up to 100% strain. Apart from those previous demonstration
of the deformable composite, the self-healable capability for semiconductor composites is
rarely demonstrated. Recently, Zhang et al. selected butyl rubber, an elastomer with high
elasticity and strong adhesion, as the matrix to blend with DPPTVT.!’ Although
stretchable and self-healing ability was successfully achieved, a mismatch happened
between the composite with blending ratio for the highest electrical performance and best
mechanical stretchability. Jeong et al. embedded Poly(3-butylthiophene-2,5-diyl) (P3BT)
nanowires with dopant tris(pentafluorophenyl)borane (BCF) into thermoplastic elastomer
matrix SIS fabricating SIS/P3BT/BCF composite. The obtained composites exhibited good
thermoelectric performance, achieved self-healing under mild heat and pressure conditions
and good stretchability.!'® Oh, et al. fabricated metal-ligands crosslinked DPP-TVT-
PDCA/PDMS-PDCA composites. 8 With the dynamic metal-ligands interaction, the
composites showed high stretchability (COS>1300%) and self-healing ability. But the
healing rate was relatively low, which needs 1 day to heal fully. Therefore, developing
composites with both high stretchability and strong self-healing ability is of great interest

to expand the application space for stretchable electronics.
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To achieve the above goal, one can resort to the design new high stretchable and
self-healable elastomers with the needed properties for the semiconductive polymers. It’s
reported that polyisobutylene (PIB)-based networks have good flexibility and strong
adhesion due to the softness and strong entanglement of the polymer chains.*®® Along this
line, Higashihara incorporated PIB with P3HT synthesizing a block copolymer P3HT-b-
PIB-b-P3HT. With the help of PIB segment, the obtained composite showed high
stretchability with COS up to 200%.%" Therefore, we expect PIB should own great potential
to be used as elastomer matrix to achieve stretchability and self-healing ability.

Introducing hydrogen bond crosslink into elastomers was reported to improve the
stretchability and self-healing ability effectively. /1819 The weaker dynamic bond is easy
to break, providing an extra energy dissipation pathway to improve stretchability. After
releasing stretching, the dynamic hydrogen bonds can reconnect again, enabling
intrinsically self-healing ability.'° For example, Yan et al. utilized the ureidopyrimidinone
(UPy) group to successfully construct a hydrogen bonding crosslinked supramolecular
polymeric material (SPMs).%* With 20 mol% UPy group, an extremely stretchable material
(COS= 17,000%) with excellent self-healing ability was obtained. Considering the
excellent performance, hydrogen-bonding crosslinked elastomer should be a type of matrix
with a high potential for stretchable and self-healable composites. However, far fewer
advances have specifically addressed the availability of hydrogen bonding-crosslinked
elastomers used in electronics and the influence of hydrogen bond on the performance of
semiconducting composites.

Here, we designed a new hydrogen bonding crosslinked amide-functional PIB

(P1B-Amide) to enable extremely soft, stretchable, and self-healable semiconductive

38



composites, With PIB-Amide as the elastomer matrix, the semiconducting composite DPP-
T/PIB-Amide exhibits blend ratio-independent mobility, with the extreme softness (E
~1.76 MPa), high stretchability (COS ~1500%), and strong self-healing ability at the room
temperature (Scheme 2.1). In the meantime, the high charge carrier mobility of our
composite can be mainly maintained under 100% cyclic strain for over 100 times. The
properties were compared with reported semiconducting composites, which showed
impressive improvement (Scheme 2.1d). Wide-angle x-ray scattering (WAXS), polarized
UV-vis spectroscopy, and atomic force microscopic combined with infrared-spectroscopy
(AFM-IR) were utilized to study the deformation mechanism. Through the in-depth
morphology study, we conclude that the deformation happened mostly in the elastomer
matrix while the network of the CPs fibril was connected throughout the stretching process,
thus allows the composite to maintain stable charge carrier mobility at different strains.
This work demonstrated that CP/elastomer composites with hydrogen bonding crosslinked
elastomer as the matrix can dramatically increase the stretchability and self-healing ability,
which enriches the stretchable semiconductors materials choice and provides a guideline

for the future design of stretchable and healable semiconductive composites.
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Scheme 0.1 Schematic of stretchable and self-healable DPP-T/PIB-Amide composite.

a) Fabrication of DPP-T/PIB-Amide composite. b) chemical structures of PIB-Amide and DPP-T. c) Schematic diagram showing the

stretchable and self-healable DPP-T/PIB-Amide semiconducting composites. d) Comparison of the performance of the current system

to previously reported semiconducting conjugated polymer/elastomer composites.

2.2 Experimental

2.2.1 Materials

Chemical reactants were used as received without further purification unless stated
otherwise. Butyl rubber (EXXON™ Butyl 365S) was donated by ExxonMobil

Corporation. Titanium(IV) chloride, hydrazine hydrate,
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magnesium sulfate, potassium phthalimide, triethylamine, poly (sodium 4-styrenesulfonate
solution) (PSS, 30% in water) and acetyl chloride was purchased from Sigma Aldrich.
DPP3T was purchased from Ossila. n-hexane, dichloromethane (DCM), methanol, hexane,
N-Methyl-2-pyrrolidone (NMP), heptane, ethanol, sulfuric acid and tetrahydrofuran (THF)
were ordered from Fisher Scientific. THF and DCM were distilled using Na and calcium
hydride prior to use.

2.2.2 Nuclear magnetic resonance (NMR) spectroscopy

'H NMR spectra were recorded using Varian MERCURYP" 300 MHz (VNMR
6.1C) or a Bruker AVANCE I11 600 MHz (TopSpin 3.1) spectrometer using CDCl3 as the
solvent. The residual proton signal of the deuterated solvent was used as a reference signal
and multiplicities of the peaks are given as s = singlet, d = doublet, t = triplet, and m =
multiplet. Broad signals that lack any fine structure (coupling patterns) are indicated as
“br”. Coupling constants are given in Hz and only calculated for resolved 1st-order
coupling patterns.

2.2.3 Size-exclusion chromatography (SEC)

SEC was conducted using a Waters Alliance 2695 separations module, an online
multiangle laser light scattering (MALLS) detector fitted with a gallium arsenide laser (20
mW) operating at 658 nm (miniDAWN TREOS, Wyatt Technology Inc.), an
interferometric refractometer (Optilab T-rEX, Wyatt Technology Inc) operating at 35 °C,
and 685 nm, and two PLgel mixed E columns (Polymer Laboratories Inc.) in series (pore
size 50-103 A, 5 um bead size). The mobile phase was freshly distilled THF delivered at a
flow rate of 1.0 mL/min. Sample concentrations were 2.5 mg of polymer/mL of THF, and

the injection volume was 100 pL. The detector signals were simultaneously recorded using
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ASTRA software (Wyatt Technology, Inc.), and absolute molecular weights were
determined by MALLS using a dn/dc value obtained from the interferometric refractometer
response and assuming 100% mass recovery from the columns.
2.2.4 Fourier-transform infrared spectroscopy (FT-IR)

FT-IR was recorded using Bruker VERTEX 80 FTIR spectrometer.
2.2.5 Film processing

DPP3T and PIB-Amide with different blending ratio were dissolved in anhydrous
chlorobenzene (CB) with concentrations of 30 mg/ml. The solutions were heated at 80 °C
overnight and sonicated for 4.5 h at room temperature before processing. Thin films were
spin-cast on Si wafer at 1000 revolutions per minute (r.p.m.) for 1 minute. Thin film
thickness is around 60 nm. Thick films were drop-cast on pre-cut Si wafer with thickness
of around 13 um.
2.2.6 Pseudo-free-standing tensile test

Tensile test of BR, PIB-Br and PIB-Amide was performed using thin films. Tensile
test of composites was performed using thick films. The films were prepared on PSS-
coated Si wafer followed by floated on top of water and stretched at a strain rate 0.125 s
until break. The detailed instrument setup can be found in previous literature report.162°
2.2.7 OFET fabrication and characterization

To prepare the sample, 80 nm thin film were first spin-coated on OTS-treated
Si/SiO, wafer followed by being transferred to PDMS. The thin film was uniaxially
stretched on PDMS and transferred again to Si wafer. Gold electrode was finally deposited

to obtain the top-contact bottom-gate OFET.
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2.2.8 Atomic Force Microscope (AFM) and AFM-IR

AFM images were acquired on Bruker Dimension Icon in tapping mode. AFM-IR
was performed using nanolR3 AFM-IR from Anasys Instruments (Santa Barbara, CA)
coupled to a MIRcat-QT quantum cascade, mid-infrared laser (frequency range of 917—
1700 and 1900—2230 cm™! and repetition rate of 1470 kHz). AFM-IR data were collected
in tapping mode using a gold- coated AFM probe (spring constant [k]: 40 N m™' and
resonant frequency [fo]: 300 kHz). The pulsed, mid-IR laser was tuned to resonance bands
unique to each component as determined by FTIR characterization (1708 cm™! for DPP3T
and 1688 cm™! for PIB-Amide). Acquired images were flattened using Analysis Studio
software.

2.2.9 Wide angle X-ray scattering (WAXS)

WAXS was performed on Xenocs Xeuss 2.0 beamline with an X-ray wavelength
of 1.54 A at a sample-to-detector distance of 150mm. GIWAXS was studied with an
incidence angle of 0.2°. The scattering signal is collected by a Pilatus 1M detector and later
processed using Igor 8 software combined with Nika package and WAXSTools.

2.2.10 Deformed composite film processing

Polymer films were stretched using pseudo-free-standing tensile test to a target
strain and transferred to a washer.
2.2.11 Polarized UV-vis

Composite films were prepared on OTS-treated Si/SiO, wafer and transferred to
PDMS (10:1). The PDMS-polymer film were stretched to a target strain and performed

UV-vis using a Cary 5000 UV—vis—NIR spectrophotometer.
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2.2.12 Self-healing ability evaluation using cutting film method

The composite thick films were scratch using blade to generate a gap. The gap
change was monitored using optical microscopy (Zeiss) and profilometer (Bruker).
2.3 Results and discussion

Scheme 2.1 showed the overall design strategy of the extremely soft, stretchable,
and self-healable semiconductor composites DPP-T/PIB-Amide. In our design, we
engineered the non-covalent interactions into the elastomeric matrix. We expect the
hydrogen bonding crosslink in elastomer can effectively improve the composite's
stretchability, self-healing ability and charge carrier mobility. PIB-Amide was designed as
the hydrogen bonding crosslinked elastomer matrix to take advantages of properties of PIB
and non-covalent hydrogen bonding crosslink (Scheme 2.2). PIB is a soft and deformable
elastomer with strong adhesion. Hydrogen bonding is an effective method to improve
stretchability and self-healing ability. Combining these two components, the obtained PIB-
Amide enables extreme softness (~1 MPa), high stretchability (COS>1600%), and room
temperature spontaneous self-healing ability. The detailed synthesis and characterization
of PIB-Amide were described in detail in Supporting Information (Figure A.1-7). DPP-T
was selected as the model CP because of the commercial availability and high charge

mobility (1 ~ 0.2 cm?V1s?, Figure A.8-9).
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Scheme 0.2 Synthetic route of PIB-Amide.
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The blending ratio between CPs and elastomers was reported to significantly
influence the electrical and mechanical properties of DPP-T/PIB-Amide composites.*’ We
first studied the effect of the blend ratios (weight ratio of DPP-T at 0, 20, 30 and 40% in
the DPP-T/PIB-Amide composites) on their physical and electrical property. This blending
ratio range is selected to ensure elastomer forms the matrix or continuous phase (weight
ratio of CPs < 50%). A top-contact bottom-gate organic field-effect transistor (OFET) was
fabricated to study the electrical properties of DPP-T/PIB-Amide composites (Figure 2.1a
and A.10-11). A fixed Vsq value of -60 V was used for all the transfer curve measurement.
Notably, to avoid overestimating the electrical properties, the reliability factor of mobility

calculations have substantiated exceeding 90%.%° As the result, an average charge carrier

mobility around 0.09 cm? V! s was observed for all 10%-40% DPP-T/PIB-Amide
composites, in which 20% DPP-T/PIB-Amide composite showed slightly higher average
charge carrier mobility, ~0.15 cm? V1 s, This stable charge mobility is attributed to fibril-
like chain aggregation, which can exist in composites at different blending ratios, as will
be discussed later. Pseudo-free standing tensile test was then performed to evaluate the
mechanical properties of composites (Figure 2.1b-c, A.12, Table A.2).1%2° Sample
composite film with 13 um film thickness were prepared. 10% DPP-T/PIB-Amide
composite absorbed water strongly, thus the data are not reported here. For the other three
composites, 20% DPP-T/PIB-Amide showed a record highest COS of ~1500% while
maintaining a low E of 1.65 MPa. As the ratio of DPP-T increased, the COS continuously
decreased to ~7.67 % (40% DPP-T/PIB-Amide) while E increased to 24.34 MPa, which
was still much lower than pure DPP-T (483.62 MPa). Combining the aforementioned

results, the blending ratio showed almost no effect on electrical properties but significant
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influence on mechanical properties. 20% of DPP-T was determined to be the optimum
blend ratio due to the highest stretchability and as well as high charge carrier mobility,
which was selected for further studies.

Morphology study was then performed to fully elucidate the observed mechanical
and electrical properties using infrared-spectroscopy combined atomic force microscopy
(AFM-IR) and grazing-incidence wide-angle x-ray scattering (GIWAXS). To obtain AFM-
IR images, FT-IR spectroscopy was first performed on both pure CPs and elastomers to
find a non-overlapping absorption peak for both components (Figure A.13). Comparing
the absorption spectra of CPs and PIB-Amide, 1666 cm™ (-C=0 stretching vibration in
amide) and 1471 cm™ (-CH torsional vibration in backbone) were chosen for selectively
excited DPP-T and PIB-Amide, respectively. AFM tapping modes were then applied to
obtain phase images (Figure 2.1d). After applying IR mode, two components can be
clearly distinguished and here they are labeled with two different colors (Figure 2.1e). The
red and green region represent the DPP-T and PIB-Amide, respectively. Both nanoscopic
fibril-like aggregation from CPs and macro phase separation between CPs and PIB-Amide
were observed for composites with all blending ratios. However, with an increased ratio of
DPP-T, the macro-phase separation became more extensive, while fibril-like aggregation
remains constant and well dispersed in rubber matrix. We attributed this blending ratio-
independent fibril-like aggregation to hydrogen bonding crosslink between PIB. The
hydrogen bond limits the chain mobility of elastomer, making the CP chain interact more
with each other to form both the fibril and the large aggregation. The aggregation of
conjugated polymers was reported beneficial to electrical properties of composites.'%6:197

For example, Lee et al. added DMSO additive into PEDOT:PSS which inducing
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aggregation of PSS phase.'®” The aggregation effectively enhanced cohesion and electrical
conductivity. Ouyang et al. studied other additives and observed similar phenomenon.*%
The formation of aggregation and enhanced conductivity was also observed with additive
DEG and PEG 400. In terms of charge mobility in OFET applications, previous literature
reports fibril-like CP aggregations in CP/elastomer composites contribute mostly.%
Therefore, this explains that for four different composites, they all showed similar charge
mobility regardless of blending ratios. The morphology for bottom surface of the 20%
DPP-T/PIB-Amide composite was also measured using AFM due to the significance for
charge mobility, which showed similar result as top surface (Figure A.14). On the other
hand, macro phase separation would lead to more rigid and brittle DPP phase due to their
high modulus and low deformability. Therefore, with increasing mixing ratio of DPP-T in
composites, the E increased while deformability decreased. GIWAXS was then performed
to study the crystallite structure of DPP-T domain in DPP-T/PIB-Amide composites
(Figure A.15-16, Table A.3). Similar value of lamella packing distance and FWHM were
obtained, indicating that the blending ratio did not change the crystallite lattice packing,

which also further provides insight to support the observed blending ratio-independent

charge mobility.
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Figure 0.12 Mechanical, electrical, and morphology for DPP-T/PIB-Amide composite
films with different blending ratios.

a) Charge carrier mobility of 10-40% DPP-T/PIB-Amide composites and DPP-T thin films from top-contact bottom-gate OFET devices.
b) Representative stress-strain curve of 20-40% DPP-T/PIB-Amide composite films. c) Elastic modulus and crack onset strain of 0, 20-
40%, and 100% DPP-T/PIB-Amide composite films. d) AFM phase images of 10-40% DPP-T/PIB-Amide composite films. ) AFM-
IR overlay images highlighting the distributions of DPP-T and PIB-Amide in 10-40% DPP-T/PIB-Amide composite films (red color
represents DPP-T domain selectively excited using 1664 cm—1 laser, and green color represents for PIB-Amide domain selectively

excited using 1462 cm—1 laser.

The effect of hydrogen bonding on composites' electrical and mechanical properties
was also studied using 20% DPP-T blended with various elastomer control samples
(unmodified rubber, intermediate rubber product PIB-Br (Scheme 2.2) which does not
have any hydrogen bonding functional group, and hydrogen bonding crosslinked PIB-
Amide) (Figure A.17, 18). The synthesis of the PIB-Br can be found in supporting
information as well.'*® The charge mobility of 20% DPP-T/BR, DPP-T/PIB-Br, and DPP-

T/PIB-Amide were investigated. All composites performed similar charge mobilities
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indicating that the hydrogen bond on elastomer didn’t significantly influence the electrical
properties (Figure A.17a). The effect of hydrogen bonds on mechanical properties was
studied between 20% DPP-T/PIB-Br and DPP-T/PIB-Amide (Figure A.17b, 18). The 20%
DPP-T/PIB-Br showed COS of 400%, which was much lower than 20% DPP-T/PIB-
Amide (COS~1500%), demonstrating hydrogen bonding improved the stretchability of
semiconducting composites due to the extra energy dissipation pathway provided by
hydrogen bonds. Therefore, hydrogen bonding crosslink between elastomers can
effectively improve the deformability of CP/elastomer semiconductor composites while
maintaining device performance.

Maintaining electrical properties upon stretching and cyclic stretching plays a vital
role in practical use. Next, the device’s electrical property under cyclic mechanical stretch
was investigated. The study focused on using 150% strain. The composite sample were
deposited onto the crosslinked elastic PDMS substrate. Then the bilayer sample was
cyclically stretched using a motorized tensile stage. The charge mobility remains constant
upon stretching (Figure 2.2a, A.19-22). Furthermore, high charge mobility value of the
semiconductive composite can maintain over 100 repeated stretching cycles to 100% strain
at0.01 cm? V-1st (Figure 2b, A.23-24). These results indicate the 20% DPP-T/PIB-Amide
composites show high stability upon stretching and cyclic stretching, which is related to

the stable crystallite structure as discussed below.
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Figure 0.13 Charge mobility stability upon stretching and cyclic stretching.

a) Charge carrier mobility of 20% DPP-T/PIB-Amide composites film upon stretching and recovery in parallel and perpendicular
direction to charge transfer direction at different strains without annealing. b) Mobilities of 20% DPP-T/PIB-Amide composites film as

a function of 100% strain stretching cycles parallel to the charge transport direction.

The deformation mechanism of 20% DPP-T/PIB-Amide composites was
performed to understand the stable charge mobility using multi-model characterization,
including WAXS, polarized UV-vis absorption spectra, and AFM (Figure 2.3).3 WAXS
was first performed to investigate the crystallite domain alignment of DPP-T upon
stretching. 2D scattering pattern and 1d line-cut profiles were shown in Figure 2.3a and
A.25-26a. From 2D scattering patterns, the (100) peak attributed to the lamellae packing
peak was isotropic at the first 150% strain, indicating no obvious crystallite alignment. At
200% strain, the (100) peak began to become slightly anisotropic, demonstrating the
crystallite packing direction started to rotate, and align to the stretch direction. Orientation
parameter f was calculated based on pole figure analysis of (100) peak to quantify the
degree of crystallite alignment (Figure A.26b).23 f showed a slight enhancement of 0.09 at
the initial 150% strain and 0.16 at 200% (Figure 2.3c), indicating that the crystallite

domain of DPP-T showed little alignment for the first 150% strain and moderate alignment
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at 200%. Besides, the lamellar packing distance and FWHM was calculated from WAXS
of unstretched 20% DPP-T/PIB-Amide thick film (Table A.4), which was similar to the
thin film from GIWAXS indicating the thickness of film didn’t significantly influence the
morphology. Polarized UV-vis was next to study the whole DPP-T polymer chain
alignment. The normalized absorption spectrum for 20% DPP-T/PIB-Amide composite
films under strain was plotted in Figure 2.3b, where peaks at ~591 nm and ~499 nm were

assigned to the 0—0 and 0—1 peaks, respectively. Orientation parameter f change based

on polarized UV-vis was calculated from the dichroic ratio, R, which was given by f =
(R—1)/(R+1). Orientation parameter f also slightly increased to 0.08 for 100% strain, which
was much lower than the reported pure DPP polymer value (f = 0.36 at 100% strain).*
Thus, the whole chain of DPP-T also only aligned a little. Combining results from WAXS
and polarized UV-vis, we concluded that the high modulus CP component in composites
almost didn’t contribute to the first 150% strain, which supported the stable charge mobility
upon stretching.

The impressive deformability of the semiconductive composite should be related
to the soft elastomer domain, which should account for large strain upon stretching. To
certify the contribution of the PIB-Amide component on stretched composites, AFM was
performed (Figure 2.3d, A.27). The white region, where there is higher phase shift in the
tapping image, represents the softer elastomer phase, whereas the dark brown region
represents high modulus DPP-T domains. At the strain of 150%, the white phase, PIB-
Amide, and large DPP-T aggregation was stretched. In contrast, the fibril-aggregation

remained constant, indicating that the deformation of elastomer and deformation of large
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DPP-T aggregation contributed most of the first 150% strain, agreed well with the result

from WAXS and polarized UV-vis.
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Figure 0.14 Deformation mechanism of 20% DPP-T/PIB-Amide.

a) 2D scattering patterns of stretched 20% DPP-T/PIB-Amide composite films at 0, 150 and 200% strain from WAXS. b) Polarized UV-
vis absorption plot of 20% DPP-T/PIB-Amide composite films at 0, 20, 50, 100, and 150 % strain. ¢) Herman’s orientation parameter f
versus strain based on WAXS and polarized UV-vis. D) AFM phase images of stretched 20% DPP-T/PIB-Amide composite films at 0,

50, and 150% strains.
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Self-healing ability is an important property allowing for repair local defect under
cyclic mechanic stress for wearable device in real life scenario. Due to the self-healing
ability of PIB-Amide, we expected the DPP-T/PIB-Amide composites should also perform
strong self-healing ability. The self-healing ability of 20% DPP-T/PIB-Amide composites
was evaluated in two different methods, named ‘scratching film test’ and ‘cutting film
healing test’ here respectively. The scratching film method was first performed. In detail,
a thick composite film was drop-casted onto a flat silicon wafer and scratched using a razor
blade to introduce a scratch into the film (Figure 2.4a). The scratched composites were
placed in an air environment without any additional thermal or solvent vapor treatment. To
evaluate the self-healing ability, the gap change was monitored using both optical
microscopy (OM) and profilometer from 0 to 30 min after scratching (Figure 2.4a). The
gap is quickly healed from OM images, where the scratch becomes lighter in color after 5
mins and almost disappeared after 30 mins. The thickness change of the gap was measured
by profilometer to quantify the healing processing (Figure 2.4b). After scratching, a ~1.5
um crack was generated and became lighter and lighter within 30 min (~1 um for 8 min,
0.5 um for 15 min and 0.1 um for 30 min). Tensile test was then performed to calculate the
self-healing efficiency, given by the ratio of COS after self-healing and COS of
unscratched composite films.2°In 5 mins, the self-healing efficiency of 20% DPP-T/PIB-
Amide composite reached 94% and 100% after 15 mins (Figure 2.4c). Therefore, the 20%
DPP-T/PIB-Amide composite showed excellent self-healing ability. To demonstrate the
mechanism of self-heal of 20% DPP-T/PIB-Amide composite, the self-healing efficiency
of a control sample using non-hydrogen bonding crosslink composite (20% DPP-T/PIB-

Br) was also measured (Figure 2.4c). The self-healing efficiency of DPP-T/PIB-Br
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composite film was 10% for 5 mins and increased to 56% at 30 mins indicating PIB itself
has some healing ability due to the low glass transition temperature to promote local chain
diffusion and chain entanglement. However, such capability is not on par with the
composite using rubber matrix with hydrogen bonding crosslink, where the self-healing
ability improved significantly. Therefore, the strong self-healing ability of 20% DPP-
T/PIB-Amide composite is attributed to both the association effect of entanglement of PIB
chains and hydrogen bonding crosslink. AFM was used to study morphology on the healed
part. The healed film showed similar morphology but larger phase separation (Figure
2.4d).

The cutting film method is another method we used here to demonstrate the self-
healing ability. Bulk composite films were first drop-cast on Si wafers. After immersing in
liquid nitrogen, the bulk film was cut into two separate pieces. The separated pieces were
pressed again for 25 seconds, followed by being stretched. The two parts successfully stuck
and showed high stretchability indicating the self-healing of DPP-T/PIB-Amide

composites were very fast and strong (Figure 2.4e).
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Figure 0.15 Self-healing ability of 20% DPP-T/PIB-Amide composite films.

a) Optical microscope (OM) images of scratched semiconducting film through a self-healing process. b) Thickness map of scratched
composite films through the self-healing process. ¢) Self-healing efficiency through the self-healing process. d) AFM phase images of

healed composite films. e) Photographs of the self-healing process of composites from ‘cutting film’ method.

2.4 Conclusion

In summary, we successfully synthesized hydrogen bonding crosslinked elastomer,
PIB-Amide, to fabricate a CP/elastomer composite with record highest crack-onset strain
of 1500%, the low elastic modulus of 1.6 MPa, blending ratio-independent charge mobility
of ~0.09 cm? V-1 st and stable electrical property upon cyclic stretching. Morphology study
indicated the elastomer domain accommodated most of the strain upon stretching, allow
the electronic active conjugated polymer fibril phase to remain intact, allow maintaining a
high and stable charge carrier mobility. The strong self-healing ability originates from the

association effect of chain entanglement of PIB and the dynamic nature of hydrogen bonds.
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This work developed a new semiconducting composite with all-around high performance,
which enriches the stretchable semiconducting polymer and provides a guideline for the

future design of stretchable semiconductors.
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CHAPTER 3 - LEVERAGING NON-COVALENT INTERACTIONS TO
CONTROL MORPHOLOGY, ELECTRICAL AND MECHANICAL
PROPERTIES OF STRETCHABLE SEMICONDUCTING COMPOSITES

(Adapted from “Wang, Y.; Chen, K.; Awada, A.; Prine, N.; Zhao, H.; Ocheje, M. U.; Cao,
Z.; Liu, C.-T.; Zhang, S.; Rondeau-Gagné, S.; Chiu, Y.; Gu, X. Leveraging Non-Covalent
Interactions to Control Morphology, Electrical and Mechanical Properties of Stretchable
Semiconducting Composites. Chem. Mater. 2023, 35, 9713-9724.”)
3.1 Introduction

Stretchable semiconductors play a crucial role in the development of wearable and
implantable devices such as healthcare monitoring, flexible electronics, and smart
textiles. 3133164169 Conjugated polymers (CPs), known for their unique tunable organic
structures through synthesis, hold significant potential as stretchable semiconductors
compared to their inorganic counterparts.t’®*”® However, the inherent rigidity and
coplanarity of CPs' backbone, combined with their high degree of crystallinity enhancing
charge mobility, contradict the requirement for CPs to be soft and highly stretchable.®32174
To address this challenge, researchers have explored various strategies to enhance
stretchability. These strategies include the incorporation of long alkyl side
chains,33878990.92 the introduction of conjugated breaking spacers, 30:56.62.64.66.80.109 g the
insertion of elastomer blocks®”%899.103176.177

Fabricating CP/elastomer composites through physical blending has emerged as a
simple but highly efficient as well as promising strategy for developing stretchable
semiconductors.*1%119-1%5 |n this approach, CPs are incorporated into an elastomer matrix,

capitalizing on the soft and stretchable nature of elastomers to impart high stretchability to

57



the composites. More importantly, some of these composites have shown the ability to
maintain or even improve charge mobilities.®”'** Commonly used elastomers include
polydimethylsiloxane (PDMS), 14 styrene-ethylene-butylene-styrene (SEBS),
110,115.120,123 o lystyrene-block-polyisoprene-block-polystyrene (SIS), 116 and rubbers. 172t
For example, Reichmanis group blended poly(3-hexylthiophene-2,5-diyl) (P3HT) into
PDMS, resulting in a significant improvement in stretchability from 5% to more than
100%, accompanied by an increased charge mobility of 0.052 to 0.11 cm?/V s.11* Later on,
Zheng et al. incorporated covalent crosslinks between azide and C=C group in SEBS and
C—C bond in CPs, successfully developing an elastic composite, DPPTT/SEBS, which
didn’t show residual strain with increasing cyclic strain from 10% to 70%.?® Recently, Li
et al. blended a redox-active semiconducting polymer with a bioadhesive brush polymer,
successfully achieving rapid and strong adhesion with wet tissue surfaces.?® This material
showcased high charge-carrier mobility of ~1 cm? V! s, high stretchability, and good
biocompatibility, which showed great potential for in vivo bioadhesive organic
electrochemical transistors (OECTs) measuring under-skin electromyograms (EMGs)
from the gastrocnemius medialis (GM) muscle. In our previous work, we blended DPP-T
with a hydrogen bonding crosslinked elastomer PIB-Amide, successfully achieving a crack
onset strain (COS) of ~1300% while maintaining a charge mobility of 0.15 cm?/V s.*’
The morphology of CP/elastomer semiconducting composites was reported to have
significant impacts on electrical and mechanical properties.*®®2°! Nanofibril aggregates
have been identified as a crucial factor in enhancing the charge mobility of CP/insulator
composites, primarily due to the connectivity between these nanofibril aggregates.'>1%

For example, Angunawela et al. blended PDPP3T and polystyrene (PS) in various ratios. %
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With an increase in the PS ratio, the composites exhibited larger and more extended fibril
networks, resulting in higher charge mobility. Similarly, Nikzad et al. blended
P2TDPP2TFT4 with SEBS, resulting in improved polymer aggregation and orientation,
leading to a five-fold increase in charge mobility from 0.3 to 1.5 cm?/V .1 Consequently,
current research on stretchable semiconducting composites has made significant efforts to
promote fiber-like aggregates.*%202293 |n a very successful example, Xu et al. blended
DPPT-TT into a SEBS matrix to utilize the nanoconfinement effect to induce the formation
of fibril aggregates, and successfully maintained a high charge mobility of 1 cm?/V s at
100% strain.'*® Additionally, the formation of bundle-like aggregations have proven
beneficial for achieving mechanical stretchability.*?® Jeong et al. blended P3HT into PDMS
resulting in the formation of a P3HT bundle network, which significantly improved the
stretchability with a COS exceeding 50%.1% However, the careful manifestation of the
morphology for stretchable CP/elastomer composites is still lacking, and further
understanding of its influence on both mechanical and electrical properties remains to be
investigated.

Introducing hydrogen bonding (H-bonding) crosslinks into two incompatible
polymers is an effective method to control the morphology of polymer composites. 92204205
For example, polystyrene/polyethylene glycol (PS/PEG) composites perform a large phase
separation due to their inherent incompatibility.?%® After introducing complementary H-
bonding into their chain ends, large phase separation depressed resulting in micro-phase
separation. Similarly, when introducing ureidopyrimidinone (UPy) groups to a chain end
of P3HT and PS to enable strong H-bonding interactions, large macroscale phase

separations were successfully depressed.?’”. The same phenomenon was also observed for
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poly(9,9-dioctyl fluorene) (PFO)/PEG and poly(3-hexylthiophene) (P3HT)/PFO
composites. Therefore, hydrogen bonding crosslinks serve as an effective method for
controlling the morphology of CP/elastomer composites. In addition, H-bonding crosslinks
can also improve stretchability. The relatively weak H-bond can be broken upon stretching
allowing for additional energy dissipation pathways to improve the stretchability of
materials. Yan et al. introduced ureidopyrimidinone (UPy) groups to construct a hydrogen
bonding crosslinked supramolecular polymeric material.'®* With 20 mol% UPy groups
incorporated, the supramolecular polymeric material achieved extreme stretchability
(COS= 17,000%). Oh et al. introduced 2,6-pyridine dicarboxamide (PDCA) into DPP-
based CP to enable H-bonding crosslink between CP backbone. The COS was effectively
improved from 5% to over 100%.%° Chen et al. introduced amide groups into soft phase
polyacrylate and copolymerized with rigid PS.2% With H-bonding crosslink, the materials
performed microphase-separated system, which enhanced the toughness and self-healing
ability. From these works and reporting, we hypothesize that introducing H-bonding
crosslinks into both CPs and elastomers can effectively control the morphology of
CP/elastomer composites and modulate the mechanical and electrical properties.

In this work, we introduced amide functional groups to DPPTVT polymers to
obtain a DPPTVT-A and PIB elastomer matrix (amide-polyisobutylene, PIB-A)
respectively, allowing for formation of intra- and inter-phase H-bonding crosslinks. By
blending amide- or non-functional CPs and elastomers, four composites with different H-
bonding crosslinking sites were fabricated: dual-H-bonding crosslinked DPPTVT-A/PIB-
A, uni-HB crosslinked DPPTVT-A/PIB-Br and DPPTVT/PIB-A and non-HB crosslinked

DPPTVT/PIB-Br composites. Their morphologies were studied combining atomic force
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microscopy (AFM), atomic force microscopy with inferred spectroscopy (AFM-IR),
grazing-incidence wide-angle X-ray scattering (GIWAXS) and UV-vis absorption
spectroscopy. The mechanical properties were studied using film-on-water and film-on-
elastomer tensile tester. The effect on electrical properties were studied by fabricating top-
contact bottom-gate organic field-effect transistors (OFETs). The non-H-bonding
crosslinked composite exhibited the most pronounced fibril aggregation and highly ordered
crystallite packing, resulting in the highest charge mobility but the lowest stretchability.
Introducing intra-phase hydrogen bonding crosslinks in CPs and elastomers led to larger
and more large-scale aggregates due to stronger interactions, resulting in lower charge
mobility but enhanced stretchability. Additionally, the charge mobility remained stable
after stretching. Most interestingly, the dual-H-bonding crosslinked composite DPPTVT-
A/PIB-A exhibited micro-phase separation due to a combination of inter- and intra-phase
H-bonding interactions. However, the micro-phase separation morphology wasn’t
beneficial to electrical properties, resulting in the lowest charge carrier mobility. After
stretching, the two phases reorganized into fibril-like aggregates, obtaining improved
charge mobility. From polarized UV-vis spectroscopy study, the deformation was
primarily contributed by the elastomer phase for all the composites. The H-bonding
introduced at elastomer phase also improved the cyclic stretching stability and both
locations will improve the self-healing ability. This work provides a method to control the
morphology of stretchable CP/elastomer composites, enabling the complete understanding
of morphology effects on mechanical and electrical properties, which will valuably guide

the future design of stretchable semiconductors.
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3.2 Experimental
3.2.1 Materials

DPPTVT, DPPTVT-A, PIB-Br and PIB-A were synthesized according to previous
work 377209 poly (sodium 4-styrenesulfonate solution) (PSS, 30% in water) was purchased
from Sigma Aldrich.

3.2.2 Film processing

Conjugated polymers (CPs), DPPTVT and DPPTVT-A, were blended with
elastomer PIB-Br and PIB-A, respectively, with a CP/elastomer weight blending ratio of
1:4 in anhydrous chlorobenzene (CB) with concentrations of 10 mg/ml. The solutions were
heated at 80 °C overnight before processing. Thin films were spin-cast on Si wafers at 1000
revolutions per minute (r.p.m.) for 1 minute. Thin film thickness was ~60 nm. Thick films
were drop-cast on pre-cut Si wafers with thickness of ~40 um.

Stretched thin films were first spin-cast on OTS-treated Si/SiO, wafers and
transferred to PDMS substrates. The thin films were stretched together with PDMS
substrate and transferred back onto Si wafers.

3.2.3 Atomic force microscopic (AFM) and infrared-spectroscopy combined AFM
(AFM-IR)

AFM images were acquired on an Asylum Cypher S AFM microscope in the AC-
air mode. Composite thin films on Si wafers were observed.

AFM-IR was performed using nanolR3 AFM-IR from Anasys Instruments (Santa Barbara,
CA) coupled to a MIRcat-QT quantum cascade, mid-infrared laser (frequency range of
917-1700 cm™t and 1900-2230 cm™* and repetition rate of 1470 kHz). AFM-IR data was

collected in tapping mode using a gold- coated AFM probe (spring constant [k]: 40 N m™
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and resonant frequency [fo]: 300 kHz). The pulsed, mid-IR laser was tuned to resonance
bands unique to each component as determined by FTIR characterization (1666 cm ™ for
DPPTVT-A and 1462 cm™ for PIB-A). Acquired images were flattened using Analysis
Studio software.

3.2.4 Grazing-incidence wide angle X-ray scattering (GIWAXS)

GIWAXS measurements was conducted on beamline 7.3.3 at the Advanced Light
Source in Berkeley Lawrence National Lab. Data was collected under a helium
environment with an incident beam energy of 10 keV and an incidence angle of 0.14°.
Composite thin film samples were performed on Si wafers. The scattering signal was
collected by a Pilatus 2M detector and processed using Igor 8 software combined with Nika
package and WAXSTools.

3.2.5 UV-Vis absorption spectroscopy

UV-Vis-NIR spectra were acquired by using a Cary 5000 UV-Vis-NIR
spectrophotometer. Composite thin films were spin-cast on OTS-treated Si/SiO, wafers
and transferred to PDMS substrate. Polarized UV-vis spectroscopy was recorded using
polarized light with an angle of 0° and 90° to strain direction.

3.2.6 Film-on-elastomer tensile test

Composite thin films were first spin-cast on OTS-treated Si/SiO, wafers and
transferred to PDMS substrates. The thin films were stretched together with PDMS
substrate using a manual linear stage. The images were taken at the engineering strain of

0, 20, 50, 100, 150 and 200% using an optical microscopy (Zeiss Axio Imager).
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3.2.7 Film-on-water tensile test

Tensile tests of composites were performed using thick films. The films were
prepared on PSS-coated Si wafers followed by being floated on top of water and stretched
at a strain rate 2 s until fractured. The detailed instrument setup can be found in previous
literature reports.6-2°
3.2.8 OFET fabrication and characterization

The device performance for stretched composites were measured under a strain-
neutral state. To prepare the samples, 80 nm thin films were spin-coated on OTS-treated
Si/SiO2 wafers and transferred to PDMS substrates. The thin film was uniaxially stretched
on PDMS and transferred fresh to Si wafers. Finally, gold electrodes were deposited to
obtain top-contact bottom-gate OFETs. The error bars were associated with multiple
devices with the same fabrication method.
3.3 Results and Discussion

The overall design strategy of semiconducting composites with or without H-
bonding is shown in Scheme 3.1. We aim to control the morphology of stretchable
CP/elastomer composites by introducing H-bonding crosslinks at different sites (no
interaction or with intra- or inter-phase H-bonding crosslinks), and study the following
effect on mechanical and electrical properties. Amide functional DPPTVT (DPPTVT-A)
and amide functional PIB (PIB-A) were synthesized to endow the capability to form H-
bonding crosslinking networks.3"?%° Their non-amide counterparts DPPTVT and PIB-Br
were used as non-H-bonding crosslinked control sample. By blending DPPTVT-A and
DPPTVT with PIB-A and PIB-Br, four CP/elastomer composites with different H-bonding

crosslinked sites were fabricated including dual-H-bonding crosslinked composite
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DPPTVT-A/PIB-A with both inter- and intra-phase H-bonding crosslinks, uni-H-bonding
crosslinked composites DPPTVT-A/PIB and DPPTVT/PIB-A with intra-CP or intra-
elastomer H-bonding crosslink, and non-H-bonding crosslinked composite DPPTVT/PIB-
Br. All the composites used a CP/elastomer 1:4 weight ratio, which was the optimized ratio
in terms of mechanical and electrical properties reported in previous studies.®” Fourier—
transform infrared spectroscopy (FT-IR) spectroscopy was used to confirm the formation
of H-bonding crosslinks, primarily by analyzing the wide -NH stretching peak in the range
of 3700-3100 cm™* (Figure B.1a).”” However, the presence of an overlapping peak from
the elastomer phase (Figure B.1b) and the shared utilization of amide groups for H-
bonding crosslink formation in both components made it impossible to differentiate the
location of these crosslinks. We expected the H-bonding crosslinking to effectively reduce
phase separation between the semiconducting polymer and elastomer phase and have an

influence on the electrical and mechanical properties (Table 3.1).
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Scheme 0.3 Chemical structure of DPPTVT, DPPTVT-A, PIB-Br and PIB-A and schematic
of non-, uni- and dual-H-bonding crosslinked composites, DPPTVT/PIB-Br, DPPTVT-
A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A.
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Table 0.1 Summary of morphological, electrical and mechanical properties of non-, uni- and dual-H-bonding crosslinked

composites, DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A.

Morphology I}/Iechanlca Electrical property
property
Mobility upon
Sample GIWAXS : i stretching
P Polarized UV Mobility (cm?V s)
2

AFM Lamella I:’air)rgglll(a 0-0/0-1 peak COS (CT)N . .

r('lzﬁ?)k FWHM intensity Ratio 50% 150%
(A™)
Dominated fiber

DPPTVT/PIB-Br aggregates 0.30 0.05 1.04 <1000 | 04%% | 046+ 1 017+

0.05 0.03 0.01

Large-scale aggregates
Reduced fiber aggregates

DPPTVT-A/PIB- o 0.16 £ 0.18 0.16 £

Br Larger large-scale 0.27 0.11 1.18 100-150% 0.02 0.02 0.02

aggregates
Reduced fiber aggregates
0.08 + 0.05+ 0.09+
- - 0,
DPPTVT/PIB-A More large-scale 0.30 0.05 1.02 >200% 0.01 0.01 0.01
aggregates

DPPTVT-A/PIB- Micro-phase separation 0 0.02 = 0.04 + 0.06 +

A Large-scale aggregates 0.27 0.08 119 >200% 0.01 0.01 0.01




The morphology of composites was first characterized by AFM, GIWAXS and UV-
vis spectroscopy. AFM was employed to perform the surface morphology of the
composites. The non-H-bonding crosslinked composite DPPTVT/PIB-Br, exhibited
predominated large fibril aggregates, which was commonly observed in CP/elastomer
composites in literature (Figure 3.1la, B.2a). Upon the introduction of H-bonding
crosslinks into conjugated polymers, the number of fibril aggregates decreased, while the
size of large-scale aggregates increased obviously (Figure 3.1b, B.2b). This observation
can be attributed to stronger fibril aggregates induced by the additional H-bonding
interaction between CP chains. Conversely, when H-bonding crosslinks were introduced
within the elastomer phase, the size of large-scale aggregates from DPPTVT CPs remained
constant, similar to the non-H-bonding crosslinked composite DPPTVT/PIB-Br, but their
quantity increased (Figure 3.1c, B.2c). Thus, the constant size of aggregates results from
the consistent interaction strength between CPs. However, the H-bonding crosslinks within
the elastomer phase led to a preference of more large-scale aggregates formed from fibril
aggregates. Consequently, in uni-H-bonding crosslinked composites, the H-bonding
crosslinks within CPs dominated the size of the large-scale aggregates, while the H-
bonding crosslinks within elastomer dominated the number of large-scale aggregates.
Interestingly, a micro-phase separation morphology emerged in the dual-H-bonding
crosslinked composite DPPTVT-A/PIB-A, accompanied by the presence of large-scale
aggregates (Figure 3.1d, e and B.2d-e), originating from the inter-phase H-bonding

crosslink between the elastomer and CP chains. To further confirm the micro-phase
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separation morphology, atomic force microscopy with infrared-spectroscopy (AFM-IR)
was employed to highlight the distribution of the DPPTVT/A-PIB-A composite (Figure
3.1f). We selectively excited the DPPTVT-A and PIB-A phase using 1666 cm™* laser and
1462 cm™ laser, respectively. Those two wavelengths were selected from the unique
absorption spectrum shown in supporting Figure B.3. The red color represents the
DPPTVT-A domain, while the green color represents PIB-A domain. A similar result was
observed, showing micro-phase separation, further supporting the presence of micro-phase
separation. The bottom surface morphology for the composites were also assessed using
AFM due to its relevance to charge mobility. The composite films were initially spin-cast
onto OTS-treated Si/SiO2 wafer and subsequently transferred onto PDMS. AFM imaging
of the bottom surface was conducted using PDMS as substrates. Remarkably, all the four
composites exhibited similar morphology (Figure B.4). We attributed this similarity to the
comparable surface energy of these composites when compared to Si wafer surface. It’s
worth noting that due to the thinness of the composite films, variations in morphology

between the top and bottom surfaces have little impact on their electronical properties.
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Figure 0.16 AFM phase images of composites.

AFM phase images of (a) DPPTVT/PIB-Br, (b) DPPTVT-A/PIB-Br, (c) DPPTVT/PIB-A and (d) DPPTVT-A/PIB-A composites. (e)
AFM-IR overlay image highlighting the distributions of DPPTVT-A and PIB-A in DPPTVT-A/PIB-A composite films (red color
represents DPPTVT-A domains selectively excited using 1666 cm—1 laser, and the green color represents PIB-A domains selectively

excited using 1462 cm—1 laser).

GIWAXS and UV-vis were then employed to investigate the crystalline structure
and aggregation behavior of the CP domain in the composites. The 2D scattering patterns
and corresponding 1D scattering profiles from GIWAXS are shown in Figure 3.2a-e. The
fitting peak position and FWHM (full width at half maximum) of the lamellar packing
(100) and 7 stacking (010) are summarized in Table 3.2. It should be noted that some
peaks couldn’t be fitted due to the weak scattering signal resulting from the disordered
nature of CPs in the composites. Lamellar packing peaks were observed for all composites,
indicating the formation of a crystalline structure for the conjugated polymer phase for all

composites. The non-H-bonding crosslinked composite DPPTVT/PIB-Br, exhibits the
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most prominent higher-order lamellar packing peak (200), indicating the most ordered
crystalline packing among the composites. In the uni-H-bonding crosslinked composites,
DPPTVT-A/PIB-Br and DPPTVT/PIB-A, a weaker (200) peak was observed, suggesting
a less ordered crystalline packing. In the dual-H-bonding crosslinked composite, DPPTVT-
A/PIB-A, only aweak (100) peak was observed, with no clear (200) peak visible, indicating
a nearly amorphous structure. This amorphous structure is likely a result of the inter-phase
H-bonding crosslinks, which hinder the formation of crystalline structure in the DPPTVT-
A/PIB-A composite. Additionally, composites with the same CP compounds exhibited
similar lamellar packing distance, with values of 20.9 A for DPPTVT/PIB-Br and
DPPTVT/PIB-A composites, and 23.3 A for DPPTVT-A/PIB-Br and DPPTVT-A/PIB-A
composites, indicating the lamella packing distance is sidechain dependent for these
conjugated polymers. The (010) peak of non-H-bonding crosslinked composite
DPPTVT/PIB-Br appeared in the in-plane direction, suggesting a predominantly edge-on
orientation. In contrast, no (010) peak was observed in the other three composites, further
confirming the presence of a less ordered crystalline structure.

UV-vis absorption spectroscopy was utilized to investigate the aggregation
behavior of CP chains in the composites (Figure 3.2f). The 0-0 peak and 0-1 peak were
observed in all composites, indicating the presence of CP aggregations in all composites,
which is consistent with the morphology observed in AFM. All the curves were normalized
with 0-1 peak. The composites containing DPPTVT-A exhibited stronger 0-0 peaks
compared to the composites containing DPPTVT, which can be attributed to the additional

H-bonding crosslinks between CP phases.
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Figure 0.17 GIWAXS and UV-vis results of composites.

2D images for (a) DPPTVT/PIB-Br, (b) DPPTVT-A/PIB-Br, (c) DPPTVT/PIB-A and (d) DPPTVT-A/PIB-A composites from
GIWAXS. (e) 1D line-cut profiles for DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-A (green) and DPPTVT-
AJ/PIB-A (black) composites in both out-of-plane direction (solid line) and in-plane direction (dotted line) from GIWAXS. (f) UV-vis
absorption spectra of DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-A (green) and DPPTVT-A/PIB-A (black)

composites.
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Table 0.2 Crystallographic parameters of non-, uni- and dual-H-bonding crosslinked
composites, DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-

A from GIWAXS.

Out of plane In plane
M ial Lamellar Lamellar Lamellar .
aterials eak peak n—m stacking | Lamellar peak st;::kritn
?/3\‘1) FWHM (A peak (A1) | FWHM (A g
(A (A
DPPTVT/PIB-Br 0.30 0.05 / 0.29 0.05 1.73
DPPTVI-APIB- / / / 0.27 0.11 /
DPPTVT/PIB-A 0.30 0.05 / / / /
DPPTVARIB- / / / 0.27 0.08 /

The effect of morphology on device performance was then investigated by
fabricating top-contact bottom-gate OFETs as shown in Figure 3.3, SB.5. The non-H-
bonding crosslinked composite, PIB-Br/DPPTVT, exhibited the highest charge mobility,
0.45 cm?/V s. This excellent device performance was attributed to the predominated fibril
aggregation and the highest ordered crystalline packing, as discussed previously. However,
when H-bonding crosslinks were introduced into CPs, the mobility decreased to 0.16
cm?/V s due to the reduction of fibril aggregates and less order crystalline packing.
Furthermore, when H-bonding crosslinks were introduced into the elastomer phase, the
charge mobility further decreased to 0.08 cm?/V s, primarily due to the further decreased
amounts of fibril aggregates. Surprisingly, when both components were crosslinked with
H-bonds, the DPPTVT-A/PIB-A composite exhibited the lowest mobility, 0.02 cm?/V s,
which can be attributed to the minimal fibril aggregates and nearly amorphous structure.

The hysteresis of the composites was also analyzed from the transfer curves (Figure B.5).
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The PIB-A/DPPTVT-A composite showed the remarkable hysteresis due to the doping of

electrons by the amide groups in both components.
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Figure 0.18 Charge mobility comparison of DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br
(orange), DPPTVT/PIB-A (green) and DPPTVT-A/PIB-A (black) composites.

The mechanical properties of the composites were next studied using film-on-
elastomer and film-on-water tensile tests. Considering H-bonding crosslinking influence
on mechanical properties, the results originate from an association effect of morphology
and H-bonding crosslink. Film-on-elastomer tensile tests were performed to evaluate the
stretchability of the composite thin films. The spin-cast composite thin films were
transferred onto PDMS and stretched to fixed strains. Optical microscopic (OM) images
were used to monitor the formation of cracks (Figure 3.4a, B.6). Due to the limitation of
PDMS, we only stretched them to the strain of 200%. At 200% strain, only DPPTVT/PIB-
Br composite showed noticeable cracks. AFM images of stretched composites were also
obtained in the following study, which revealed smaller cracks. The DPPTVT/PIB-Br
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composite exhibited cracks starting at a strain of 100%, while the DPPTVT-A/PIB-Br
composite showed cracks at a strain of 150%, indicating the COS of DPPTVT/PIB-Br
composite was less than 100% and COS of DPPTVT-A/PIB-Br was between 100-150%
(Figure 3.6a). In contrast, the other composites exhibited COS higher than 200%. These
results indicate that introducing H-bonding crosslink to CP phases slightly improved
stretchability, while introducing H-bonding crosslinks to elastomer phases significantly
enhances the stretchability. Film-on-water tensile test was conducted to study the modulus
of the composites (Figure 3.4b, B.7). Thick films with ~40 um thickness were drop-cast
on polystyrene sulfonate salt spin-cast Si wafers and transferred onto a water surface. The
representative stress-strain curves were shown in Figure 3.4b, and the elastic modulus (E)
extracted from the slope of elastic region were summarized in Figure 3.4c. The non-H-
bonding crosslinked composite, DPPTVT/PIB-Br, showed the lowest elastic modulus.
After introducing H-bonding crosslinks into the CP phase, the elastic modulus increased
due to the physical crosslinks between CP chains. When introducing H-bonding crosslinks
into the elastomer phase, the elastic modulus further increased. That’s because the
elastomer matrix dominates the mechanical properties of the composites. The H-bonding
crosslinks between elastomers showed a more straightforward influence on the modulus
improvement than that between CPs. Interestingly, when H-bonding crosslinks were
introducing into both components, the E decreased slightly compared to elastomer
crosslinked composite, DPPTVT/PIB-A, which can be attributed to some of the amide
groups in elastomers interacting with the CP chains, reducing the crosslink density of

elastomers and lowering the E of the overall composites. Besides, the lower crystallinity
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observed from GIWAXS should also contribute to lowering the E. The COS determined
from film-on-water tensile test was observed to be lower than that from film-on-elastomer
tensile test, likely due to the presence of more aggregates formed during drop-casting,

which act as defects in the films.
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Figure 0.19 Mechanical properties of composites.

(a) Representative optical images of the stretched composites strained via the film-on-elastomer technique. (b) Representative stress—
strain curve and (c) elastic modulus of DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-A (green) and DPPTVT-

A/PIB-A (black) composites.

The mobility of stretched composites was also studied to evaluate the stretchability
of composite films (Figure 3.5, B.8-11). Sample preparation method was the same as

previous reported literature.3” Mobility measurements were conducted in both parallel and
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perpendicular to the stretching direction. The mobility of the non-H-bonding crosslinked
composite DPPTVT/PIB-Br started to decrease at a strain of 100% in both directions
(Figure 3.5a). After introducing H-bonding crosslinks into either CP or elastomer phase,
the charge mobility remained stable even after stretching to a strain of 150% (Figure 3.5b-
¢). For dual-H-bonding crosslinked DPPTVT-A/PIB-A, the mobility was first constant at
an initial strain of 20% followed by a surprising increase at the strain of 50%, 100% and

150% (Figure 3.5d).
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Figure 0.20 Charge mobility of stretched composites.

Charge mobility of stretched (a) DPPTVT/PIB-Br, (b) DPPTVT-A/PIB-Br, (c) DPPTVT/PIB-A and (d) DPPTVT-A/PIB-A composites

in parallel and perpendicular direction to stretching direction at the engineering strain of 0, 20, 50, 100 and 150%, respectively.
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To thoroughly comprehend the electrical property of the stretched composites, we
conducted morphologies analyses of stretched composites using AFM and polarized UV-
vis spectroscopy. AFM was employed to investigate changes in surface morphology
change after stretching at different strains (Figure 3.6, B.12). For the non-H-bonding
crosslinked composite DPPTVT/PIB-Br, the voids became larger at the strain of 50%, and
cracks began to appear at the strain of 100%. This breakage explains the dropped charge
mobility of DPPTVT/PIB-Br composite at strain of 100%. In contrast, the morphologies
of both uni-H-bonding crosslinked composites, DPPTVT-A/PIB-Br and DPPTVT/PIB-A,
remained stable after stretching to 100%, resulting in stable value charge mobility upon
stretching. After stretching to 150%, intra-CP phase crosslinked composite DPPTVT-
A/PIB-Br exhibited some cracks, leading to a decreased charge mobility. However, the
intra-elastomer crosslinked composite DPPTVT/PIB-A maintained its morphology even
after being stretched to 150%, obtaining a stable charge mobility. For the dual-H-bonding
crosslinked composite DPPTVT-A/PIB-A, the morphology remained unchanged after
stretching to 20%, resulting in constant mobility at strain of 20%. However, after stretching
to the strain of 50%, the two phases reorganized and formed fibril aggregates, improving
the charge mobility along both directions. These fibril aggregates remained stable after
further stretching to 150%, resulting in maintained charge mobility. Polarized UV-vis
spectroscopy was conducted to investigate the alignment of the whole CP chain for
stretched DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A
composites at various strains (Figure 3.7, B.13). The normalized absorption spectrum for

the composite films under strain of 0, 20%, 50%, 100% and 150% was plotted in Figure
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B.13. Peaks at =795, 806, 800 and 804cm™ correspond to the 0—0 peaks of DPPTVT/PIB-
Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A composites,
respectively, while peaks at =795, 806, 800 and 804cm™ represent 0— 1 peaks. Orientation
parameter f was calculated from the dichroic ratio, R, using the formula f = (R—1)/(R+1).
For all the composites, f showed only a slight increase at strain of 150% (0.09, 0.01, 0.09,
0.02 for DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A
composites, respectively). These values were significantly lower than the reported value
for pure DPP polymer (f = 0.36 at 100% strain), indicating the whole chain of conjugated
polymers didn’t align extensively.®® Combining these results with the AFM findings, it is
evident that the deformation was primarily contributed by the elastomer phase in
DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A composites, which is consistent
with our previous report.®” In the case of DPPTVT-A/PIB-A composites, while the
conjugated polymer phase reorganized into fibrils after strain of 50%, no distinct preferred

orientation was observed.
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Figure 0.21 AFM phase images of stretched composites.

AFM phase images of stretched DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-A (green) and DPPTVT-A/PIB-A

(black) composites at strain of 0, 20, 50, 100 and 150%. The red arrows point out the fibril aggregates.
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Figure 0.22 Herman'’s orientation parameter f versus strain based on polarized UV-Vis for
DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A composite
films at 0%, 20%, 50%, 100%, and 150% strain.
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The cyclic stretching stability and self-healing ability was evaluated by measuring
electrical performance after subjecting the composites to 10 cycles of stretching at strain
of 50% and 150%, with subsequent rests of 24 and 48 h (Figure 3.8, B.14). Upon
subjecting the composites to 10 cycles of stretching at a 50% strain, the charge mobility
decreased for DPPTVT/PIB-Br and DPPTVT-A/PIB-Br composites. Conversely, the
charge mobility increased for DPPTVT/PIB-A and DPPTVT-A/PIB-A composites,
indicating that the introduction of H-bonding crosslinks in the elastomer phase improves
device stability during cyclic stretching at a 50% strain. However, after undergoing 10
cycles of stretching at a 150% strain, no consistent trend was observed among the
composites. The charge mobility improved for DPPTVT/PIB-Br and DPPTVT/PIB-A
composites, decreased for DPPTVT-A/PIB-Br composites, and remained constant for
DPPTVT-A/PIB-A composites. This suggests that H-bonding crosslinks may not provide
sufficient stability at very high strains (150%) for not chemically crosslinked network.
Hysteresis changes after cyclic stretching were evaluated based on the transfer curves
(Figure B.15). At a 50% strain, the hysteresis decreased after cyclic stretching for
DPPTVT/PIB-Br and DPPTVT-A/PIB-Br, while there was almost no change for
DPPTVT/PIB-A and DPPTVT-A/PIB-A composites. This further confirms the enhanced
device stability when introducing H-bonding crosslinks in the elastomer phase. However,
at a 150% strain, all hysteresis values remained unchanged after cyclic stretching,
reinforcing that H-bonding crosslinks may not significantly improve stability at higher

strains.
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To assess the self-healing ability of the composites, charge mobilities of the cyclic
stretched composites were measured after 24 and 48 hours. The charge mobility increased
for DPPTVT-A/PIB-Br, DPPTVT/PIB-A, and DPPTVT-A/PIB-A composites after both
24 and 48 hours, whereas it remained almost constant for DPPTVT/PIB-Br. This indicates
that the introduction of H-bonding crosslinks at either location enhances the self-healing
ability, particularly when H-bonding is introduced into the elastomer phase, leading to

charge mobility exceeding that of the original stretched state.
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Figure 0.23 Charge mobility comparison along parallel direction of stretched composites
after stretching 1 and 10 cycles and staying for 24 and 48 h at strain of 50% and 150%.

Charge mobility comparison along parallel direction of stretched DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-
A (green) and DPPTVT-A/PIB-A (black) composites after stretching 1 and 10 cycles and staying for 24 and 48 h at strain of (a) 50%

and (b) 150%.

3.4 Conclusion

In summary, we created amide-functional CP and elastomer, DPPTVT-A and PIB-
A, respectively, for formation of H-bonding crosslinks to control morphology of
CP/elastomer composites and further influence on mechanical and electrical properties. By
blending amide- and non-amide function CP and elastomers, we fabricated four different
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CP/elastomer composites including non-H-bonding crosslinked composite, DPPTVT/PIB-
Br, uni-H-bonding crosslinked composites, DPPTVT-A/PIB-Br and DPPTVT/PIB-A, and
dual H-bonding crosslinked composite, DPPTVT-A/PIB-A. The non-H-bonding
composites exhibited predominant fibril aggregates and the highest degree of ordered
crystalline structures, resulting in the highest charge mobility. However, these composites
exhibited the poorest stretchability, with the lowest COS and decreased mobility upon
stretching. Introducing H-bonding crosslinks in CP or elastomer led to the larger and more
large-scale aggregates, respectively, resulting in decreased charge mobility. However, the
stretchability was improved, and the mobility was maintained after stretching. Most
interestingly, the dual-H-bonding crosslinked composite, DPPTVT-A/PIB-A, displayed
the lowest charge mobility, which could be attributed to the formation of micro-phase
separation and large-scale aggregation without fibril formation. However, upon stretching,
the H-bonds broke and the two-phase reorganized into fibril aggregates, leading to an
improvement in charge mobility. Importantly, creating H-bonding crosslink into both
domains of CP/elastomer composites was found not only improved stretchability, but also
maintain the electrical performance when applying high tensile stress. Besides, the H-
bonding introduced at elastomer phase also improved the cyclic stretching stability and
both locations will improve the self-healing ability. These findings shed light on
controlling the morphology of CP/elastomer composites and studying the effects of
morphology on mechanical and electrical properties, which provides guidance in future

design of stretchable semiconductors.
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CHAPTER 4 — HIGHLY DEFORMABLE RIGID GLASSY CONJUGATED
POLYMERIC THIN FILMS

(Adapted from “Wang, Y.; Zhang, S.; Freychet G.; Li, Z.; Chen, K.; Liu, C.-T.; Cao, Z,;
Chiu, Y.; Xia, W.; Gu, X. Highly deformable rigid glassy conjugated polymeric thin films.
Adv. Funct. Mater. 2023, 2306576, 1-11.)
4.1 Introduction

Over the past decades, there has been remarkable progress in the development of
stretchable semiconductors, which find applications in wearable and implantable devices
such as electronic skins, personalized healthcare monitors,*33148210-212 \yearable smart
displays,'46162213 and energy storage devices.'® These wearable devices hold immense
potential in the field of health sensors, as they can be directly attached to the human skin,
offering convenience and accuracy. For seamless integration with the skin, the materials
utilized in these devices must be deformable to accommodate the strains resulting from
body motion. Conjugated polymers (CPs) have emerged as preferred materials for
wearable devices due to their tunable chemical structures and compliant mechanical
properties compared to their inorganic counterparts,*-63°42.108.119214.215 Hoywever, achieving
high charge carrier mobility and high stretchability concurrently presents a challenge, as
high charge carrier mobility often necessitates high crystallinity and chain rigidity, which
tend to make the materials brittle.

In the pursuit of designing novel stretchable conjugated polymers (CPs),
researchers have primarily focused on reducing the materials' elastic modulus, as it is

widely believed that softer materials offer higher stretchability.'® For example, intrinsically
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stretchable  CPs  were  synthesized via incorporating  conjugation-break
spacers®30:°6.62648680.109 o goft moieties®” 9899103176177 into the backbone and attaching
longer or more flexible side chains.33878990.92 Angther effective method involves blending
conjugated polymers with soft and deformable elastomers such as PDMS, rubber, or SEBS,
resulting in the fabrication of soft CP/elastomer composites,10114115117.120-123 Thege
strategies have demonstrated success in achieving stretchability in CPs and have provide
solution for the development of innovative materials for various applications.

In a recent work, Zheng et al. made a remarkable discovery demonstrating that
indacenodithiophene-cobenzothiadiazole (IDTBT), a high modulus (745 MPa) CPs, can be
reasonably deformable (crack onset strain (COS) ~22%).° This interesting finding
challenges the conventional notion that softness is a prerequisite for achieving
deformability in stretchable semiconductive polymers. Similar phenomena have been
observed in traditional non-conjugated polymers as well. For instance, polypropylene (PP)
with a modulus (E) of 1360 MPa exhibits a COS of around 180% (true strain), while high-
density polyethylene (HDPE) with E of 1050 MPa demonstrates a COS of approximately
200% (true strain).?'® These observations highlight the importance of stretchable rigid
polymers for various applications that require robust mechanical properties (e.g. high
toughness).?!4 Consequently, it is crucial to consider rigid CPs as viable options for
deformable materials, as they could become a pivotal component within the stretchable CP
family. Despite their potential, the field of stretchable rigid CPs lacks in-depth studies and

comprehensive understanding, warranting further research in this area.
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The present study aimed to investigate the stretchability of rigid conjugated
polymers (CPs) (e.g. E > 700 MPa) in order to explore their molecular origin of high
deformability. Mechanical properties of 65 CPs based on different chemical building
blocks measured by our group using the “film-on-water” (FOW) characterization technique
were organized (chemical structure, molecular weight (MW), elastic modulus (E), and
COS are summarized in Table C.1). Surprisingly, 11 CPs showed both high stretchability
(> 20%) and high elastic modulus (> 700 MPa), indicating that rigid IDTBT is not the sole
example of stretchable rigid CPs. Again, this interesting finding challenges the notion that
deformability is directly linked to softness. Subsequently, we conducted a thorough
analysis of polymers with the same structure but different MWSs and film thicknesses. We
found both molecular weight and thickness influenced the mechanical properties by
modulating the entanglement behavior of CPs.?!” This led us to deduce that the
entanglement effect plays a dominant role in deformability. Furthermore, we
systematically investigated the deformation mechanisms and electrical properties of glassy
stretchable rigid CPs, focusing on a model polymer, poly(3-butylthiophene-2,5-diyl)
(P3BT). This investigation involved multimodal characterization methods, including hard
X-ray scattering to probe polymer crystallite, tender X-ray scattering to examine backbone
alignment, polarized UV-vis absorption spectroscopy, and coarse-grained molecular
dynamics (CG-MD) simulation for analyzing and understanding polymer chain
conformation upon deformation. Notably, we observed different deformation mechanisms
between glassy P3BT and a viscoelastic P3OT sample, primarily characterized by their

initial strains. Only the amorphous domains deform at initial stretching (< 20%) for rigid
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stretchable CPs, whereas both amorphous and crystallite domains align for normal
viscoelastic CPs. After stretching, the mobility increased for both P3BT and P30T along
the parallel direction to stretching. However, in perpendicular direction, the charge
mobility decreased for P30T at initial strain due to the alignment of crystallite domain
whereas kept constant for P3BT. Such differences did not influence the changed mobility
of CPs after stretching. Overall, this work provides new insights into the stretchability of
rigid CPs, which can serve as valuable guidelines for the design of rigid stretchable organic
semiconductors.
4.2 Experimental
4.2.1 Materials and processing

CPs were listed in Table C.1. The molecular weight (M,) and PDI were measured
by high-temperature gel permeation chromatography (HT-GPC) using trichlorobenzene as
the eluent at 160 °C, polystyrene for calibration viscometer, and light scattering as the
detectors. All polymers were dissolved in chlorobenzene with a concentration of 15 mg/ml
upon stirring on the hot plate at 80 °C overnight. A commercially available water-soluble
poly(sodium 4-styrenesulfonate) (PSS, Sigma-Aldrich) was dissolved in deionized water
and coated on the bare silicon wafer with a thickness of 30 nm. Then the solution was spin-
coated on the PSS-coated silicon substrate at 800 rpm/s to form a 60 nm thin film.
Thermally annealed samples were prepared in the glove box through post-heating as-spun
films on the hot plate at 100 and 200 °C for 1 h. The film thickness was measured by AFM

using step height between film and substrate.
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4.2.2 Tensile deformation of 60nm thin-film sample

The method was detailed in our previous works.'® The elastic modulus was
calculated from the slope of elastic region in stress-strain curve. Crack onset strain (COS)
is the strain the thin film began to break.
4.2.3 Morphological characterization

Both hard and tender X-ray scattering experiments were performed at NSLS-II
Beamline 12-ID. The energy for hard X-ray was 16.1 keV, while the energy for tender X-
ray was scanned from 2.45 keV to 2.5 keV with a spacing of 2 eV. The wide-angle X-ray
scattering (WAXS) signal was captured by a Pilatus 300K-W detector, consisting of 0.172
mm square pixels in a 1475 x 195 array, mounted at a fixed distance of 0.275 m from the
sample position. To cover the range of scattering angles desired, the vertically oriented
elongated detector was moved horizontally on a fixed arc at three angles: 0°, 6.5°, and 13°.
The images were later visualized in Xi-CAM software and stitched using custom code.?!
Two-dimensional (2D) Herman’s orientation parameter f was then calculated based on the
pole figures to quantify the degree of alignment, given by combining equations (1) and (2):

f=2<cos? > -1 (1)

T
21(9) cos?6 do
< COSZQ > = fon—

2

J, 21(6) d
where 0 is the azimuthal angle, 1(0) represent the scattering intensity at 6. The equatorial
direction was defined as 6 = 0, where vertical direction was 0 = -90°,
The small-angle X-ray scattering (SAXS) signal was obtained simultaneously with

the WAXS data with a Pilatus 1M detector. The sulfur fluorescence yield was extracted
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from the high-q intensity from 2D scattering images. The solid-state UV-vis spectra were
recorded on Agilent Cary 5000 using polymer thin films using polarized light with an angle
of 0° and 90° to strain direction.
4.2.4 OFET fabrication

The organic semiconducting thin films were first prepared on highly doped n-type
Si(100) wafers with a 300 nm thick SiO» (capacitance per unit area Ci = 10 nF cm2)
modified with octadecyltrimethoxysilane (OTS) self-assembled monolayer. The polymer
solutions (10 mg mL ') were prepared in chlorobenzene at 80 °C. The solution was dropped
onto the OTS-modified Si substrate then spin-coated at 1000 rpm for 1 min. The organic
semiconductor thin films were transferred onto PDMS substrates (15:1 base to cross-linker
by mass ratio) where the films are stretched to desired strain level. After 5 minutes, the
stretched thin films were transferred from PDMS substrates back onto silicon substrates
with 300 nm SiO2 layer. The source and drain electrodes were subsequently deposited as
Au (50 nm) through a small-scale shadow mask with the channel length (L) and width (W)
were 10 and 200 pm, respectively. All of the electrical characteristics of the stretched
polymer thin films were measured with a Keithley 4200 semiconductor parameter analyzer
at room temperature under a nitrogen atmosphere.
4.2.5 Overview of CG-MD Simulations

The present work employed a coarse-grained (CG) “bead-spring” model of glass-
forming polymer, where the force field of model was expressed as the sum of the bonded
and nonbonded interactions. The nonbonded interactions between all types of beads were

modeled by the standard 12-6 Lennard-Jones (LJ) potential,
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. 12 p 6
U, (r) = {48 [(?) B (?) ] ST (3)
0, r=>1,

where 7 is the distance between the centers of two beads, € sets the energy scale of the
system and o refer to the effective diameter of the beads. The potential was truncated at
the cutoff distance r. = 2.5 o to include attractive nonbonded interaction. Note that the
parameter € (i.e., the energy-well depth) controls the strength of the nonbonded
interactions between the beads, where € = 1.0 was chosen for the CG beads of backbones
and € = 0.5 for the CG beads of side-chains, which is consistent with previous studies.** In
our simulations, all quantities and results were expressed in standard reduced LJ units by

the properties of the polymer. Specifically, length, energy, time, pressure and temperature

are, respectively, given in the units of g, &, T, €/0°, and &/ks, where T = W with m
being the bead mass and kg is Boltzmann’s constant. The potential energy of bond
stretching between neighboring beads was ensured by a stiff harmonic spring potential,
Ubond(r) = kn(r - 10)%, where o = 0.99 ¢ is the equilibrium bond length, and k, = 2500 & /02
is the spring constant. Moreover, chain stiffness was controlled by using a three-body
angular potential, Uangle(6) = kg(1+cos(8)), where angular stiffness constant kg was set as
1.0 € to control the stiffness of backbone, kg = 0.5 € for the angles between backbone
beads and chain branching sites, and kg = 0.2 € for the angles in the side-chains,
respectively, consistent with the other investigated branched polymer studies.?!*22! It
should be noted that these forcefield parameters were implemented to qualitatively describe

the approximate molecular structure informed from the experimentally studied CPs.
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Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS)
simulation package was applied to perform all CG-MD simulations®?? and the visualization
of simulation snapshots was performed through the Visual Molecular Dynamics (VMD).??3
For the simulation of bulk system, all models with different side-chain length where each
backbone chain was composed of 20 CG beads were randomly packed into the simulation
cell. Periodic boundary conditions were applied in all directions, and a timestep of Az =
0.005 T was adopted to integrate the equations of motion for the better saving of
computational cost. To equilibrate the system, the energy minimization was firstly
performed using the iterative conjugate gradient algorithm; then, the equilibration of the
bulk system was continued at the melt state a temperature 7= 2.0 &/ks. The T was chosen
to be sufficiently high so that the polymer melt can be properly equilibrated within the time
window. Next, the system was performed under isothermal-isobaric (NPT) ensemble for 1
x 10° timestep where the pressure linearly ramped from the initial 10 to the final 5 &/a”,
and further cooled down to the target temperature under zero pressure via NPT ensemble
for 1.8 x 10° timestep before collecting the density to measure the Ty.

To carry out additional free-standing thin film simulations, we took the model with
side-chain length of two as a representative polymer model to examine the influence of
temperature on the mechanical behavior and chain alignment in thin film system.
Specifically, periodic boundary conditions were applied in both x- and y-directions with
dimensions of 20 o x 20 o, and non-periodic boundary conditions were applied in the z-

dimension, allowing two free surfaces on top and bottom. The center of the film was

aligned with the x-y plane at z = 0 ¢. Then, a similar equilibrium process has been adopted
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for MD simulations under the canonical ensemble (NVT). From the density profile of
beads, the effective thickness can be estimated based on the z-coordinate where the number
of beads deviates from 0. After the equilibration, the uniaxial tensile test was performed in
the x-direction for the thin film polymer system under a constant strain rate of 5 x 104,
which lies in the range of values adopted in previous simulation studies.**?%* Three models
were generated with independent initial configurations for each system to ensure adequate
samplings and determine the averaged properties with standard deviation.
4.3 Results and Discussion

We initiated our study by examining the mechanical properties of a wide range of
conjugated polymers (CPs) including the rigidity (determined by elastic modulus, E) and
deformability (determined by crack onset strain, COS). To accomplish this, we employed
a pseudo-free-standing (also known as film-on-water, FOW) tensile test, and the results of
65 CPs, measured by our research group, were organized (Figure 4.1, C.1-6, Table C.1).1®
The CP thin films were all spin-cast on PSS-coated Si wafer followed by flowing on water.
The elastic modulus E and COS were calculated based on the stress-strain curve of each
CP, which are summarized in Figure 4.1a. Based on their softness and deformability, we
categorized the CPs into four regions: Region | represents brittle rigid CPs, which is similar
to ‘brittle plastics’ in polymer science. Region II represents stretchable rigid CPs, similar
to ‘hard plastics’. Region III represents brittle soft CPs, similar to ‘tough plastics’. And
Region IV represents stretchable soft CPs, similar to ‘elastomers’. The representative
stress-strain curves for CPs from each region are shown in Figure 4.1b. It is evident that

multiple CPs are distributed in each region, suggesting that there is no direct correlation
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between the deformability and softness of CPs. Notably, Region Il includes 11 rigid CPs
that exhibit substantial deformability, thereby challenging the conventional notion that
deformability is exclusively associated with softness. This discovery highlights that
stretchability can be achieved by rigid CPs, breaking the stereotype that softness is a
prerequisite condition for deformability.*°

To understand why rigid CPs can exhibit high deformability, we conducted an
analysis of CPs with similar structures but varying thicknesses and molecular weights
(MWs). Notably, CPs with the same polymer but different MWSs and thicknesses
demonstrated distinct deformability. In a previous study by Galuska et al., the mechanical
properties of poly(naphthalenedimide) (PNDI)-based CPs with MW ranging from 10 kDa
to 144 kDa were investigated, revealing the significant influence of MW on deformability,
moving the point from Region 11l to Region IV (COS ranging from approximately 2% to
over 400%).*” We observed similar outcomes in our research. For example,
DPPTC2C10C12 with a high MW of 60.6 kDa exhibited a COS approximately 16 times
higher than that of the 19.0 kDa counterpart, also moving the point from Region Il to
Region IV (Figure C.2, Table C.1). Besides, Zhang et al. measured the mechanical
property of P3HT with thickness of 20~95 nm.?° The COS increased firstly with increasing
thickness and then decreased for films thicker than 80 nm. The decreased COS in thin films
was attributed to the reduced interchain entanglements in this film, whereas the decreased
COS of thicker film was attributed to the presence of more defects which can initiate and
propagate the cracks. Both MW and thickness have an effect on the entanglement of CP

chains.?!’ Based on these observations, we deduced that chain entanglement is a critical
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factor governing the deformability of CPs, which is consistent with previous reports by the
Lipomi group and the Lim Group.>®??® Rigid CPs with higher chain entanglement can still

exhibit deformability.
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Figure 0.24 Mechanical properties of 65 samples were tested here.

(a) Summarized E and COS of a library of CPs surveyed in this work. Region I: Rigid and brittle CPs with high E and low COS.
Region I1: Rigid and deformable CPs with high E and high COS. Region IlI: Soft and brittle CPs with low E and low COS. Region
IV: Soft and deformable CPs with low E and high COS. (b) Representative stress-strain curve for polymer from each region.
Representative material for Region I: PCPDTBT (MW: 17.8 kDa, thickness: 76 nm), Region 1l: P3BT (MW: 50-70 kDa, thickness: 46

nm), Region I1I: DPPTTC2C10C12 (MW: 29.0 kDa, thickness: 82 nm), Region IV: P30T (MW: 70-90 kDza, thickness: 53 nm).

We proceeded to investigate the mechanical behavior, the influence of rigidity on
electrical properties, and the deformation mechanism of deformable rigid CPs using a
representative pair of model CPs: a glassy rigid P3BT and a viscoelastic soft P30T (Figure
4.2a). These model CPs share a similar structure, molecular weight and thickness, differing
only in their side-chain lengths. The rigidity of P3BT stems from its restricted chain
mobility, attributed to its glassy state at room temperature (Tg =52 °C) (Figure C.7, Table
C.2). In contrast, the lower elastic modulus (E) of P3OT is a consequence of its lower Ty
(-13 °C), achieved through the incorporation of longer alkyl side chains (Figure C.7, Table

C.2).
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The mechanical behavior of P3BT and P30T was first studied. True stress-true
strain (o7 — &) curve was used to describe the mechanical properties. True strain takes
into account the instantaneous and local changes in the material's dimensions as it
deforms.??® It provides a more accurate measure of strain when the material undergoes
plastic deformation. True stress was calculated using the equation o = o (1 + ¢€), where
o is the engineering stress, ¢ is the engineering strain. True strain was calculated using the
equation, e; = In (1 + €). The true stress-true strain (o7 — &) curves for both CPs were
shown in Figure 4.2b. P3BT showed a significantly higher E of 2216 MPa compared to
P30T (86 MPa) due to the limited chain mobility in its glassy state.??’ Despite the
approximately 30-fold difference in E, both CPs displayed high crack onset strains (COS)
of approximately e ~ 60-80 %. However, distinct mechanical behaviors were observed
between P3BT and P3OT. Four regions were observed for P3BT from the o — & curve,
including a linear elastic region (e = 0 — 3%), a well-defined mechanical yielding (e; =
5%), a strain-softening (e = 5 — 9%) and strain hardening region (e; > 9%), which were
similar to the previous report.?? In contrast, P30T lacked a clear yielding point and strain-
softening region. Traditional semicrystalline polymers with high degree of crystallinity,
such as polyethylene (PE), typically exhibit yielding and strain-softening mechanisms
associated with crystallographic deformations and necking.?*62?° However, P3BT did not
show necking behavior. The yielding and strain-softening observed in P3BT originated
from amorphous chain deformations, as supported by the subsequent morphology study,
distinguishing it from PE. Strain-hardening is typical for CPs. Previous finding from our

group demonstrated that the slope of the strain-hardening region decreases with increasing
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side-chain length, which is consistent with the behavior observed in P3BT and P30T.%
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Figure 0.25 Molecular structure and true stress-strain curves for P3BT and P30T thin
films.

(a) Molecular structure and (b) true stress-strain curves for P3BT and P3OT thin films. Note the distinct mechanical response from

glassy P3BT and viscoelastic P30T systems.

The effect of glassiness on the electrical properties of strain-aligned CPs is then
studied by fabricating top-contact bottom-gate OFET. To highlight the local alignment and
charge transport anisotropy, we utilized a small channel length of 10 um, a method
previously employed to measure the anisotropy of charge mobility for P3AT CPs.%
Results are summarized in Figure 4.3, Table 4.1 and C.3-4. Transfer curves are shown in
Figure C.8-11. We measured the charge mobility along both the parallel and perpendicular
directions to the stretching, aiming to study the anisotropy in charge carrier mobility under
deformation. Along the direction parallel to the strain, the charge mobility for both P3BT
and P30T remained relatively constant within the elastic region, as only the amorphous
components were aligned. Subsequently, a significant increase in charge mobility was
observed due to the alignment of the crystallite domains. Conversely, along the

perpendicular direction, the charge mobility decreased for P30T, similar to the previously
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reported behavior for P3HT,?3 but remained nearly constant for P3BT. This discrepancy
can be attributed to the frozen nature of the chains in P3BT, which hinders their alignment.
Moreover, the charge transport along the polymer main chain exhibited significantly better
performance compared to the -7 intermolecular transport. The intricate mechanism behind
chain alignment will be further investigated in subsequent section. The changes in charge
transport did not exhibit significant differences between rigid and soft stretchable CPs,
highlighting the substantial potential of rigid stretchable CPs for future applications. The
threshold voltage was found to be overall similar for both P3BT and P3OT. However, the
on/off ratio of P3BT was observed to be lower compared to P3OT. This difference can be
attributed to the higher homo energy level of P3BT, which makes it more sensitive to the

doping effect caused by oxygen/water 232234

a 5o b 3
-O-«l= P30T
= = 24 /
8 304 8
£ £
E E /
= s
£ £ E
5 104 5 L
2 2 | OO
04
10 20 30 40 50 0 10 20 30 40 50

Figure 0.26 Normalized transistor mobility of stretched P3BT and P30T at different

degree of strain.

Normalized transistor mobility of stretched a) P3BT and b) P3OT at different degree of strain. The value of the charge carrier mobility

True strain (%)

is listed in Table 1, obtained from a organic thin film transistor setup.
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Table 0.3 Summary of the OFETSs performance of stretched P3BT and P3OT thin films.

P3BT P30T
er (%) pa? Mave

(cm? V1S ol ot Vin lon/ loft Vith

(cm2Vvist)

)
0 9.5x10° 1.6 x10' 7.9 35x 103 6.8x10° -10.6
S 3.4x10° 1.3x10% -24.5 3.4x10% 26x10% -147
51 1.8 x 107 3.1x10% -14.9 6.7 x 10* 41x10* -7.8
181 2.7 x10* 6.8 x 10> -15.8 4.0x 103 6.2x10° -12.2
18 1 7.9 x10° 3.8x10' -25.1 45 x10* 3.8x10%2 -49
341 4.0 x 10 1.2x10* -125 5.9 x 1073 6.2x10° -11.3
34 1 7.4 x10° 3.2x10% -17.4 3.3x10% 5.8x10%2 27
4710 3.3x10% 1.3x10% -10.0 8.0x 10 55x10° -10.0
47 1 1.3x10° 1.7x 10" 3.8 3.2x10% 1.6x10° -3.4

The applied strains and channel directions parallel (ll) and perpendicular (1) to the applied strains. °The calculated electron mobility

of the devices averaged from 5 devices within three batches.

The deformation mechanism difference between glassy P3BT and viscoelastic
P30T was then investigated using a comprehensive set of characterization methods to fully
understand the device performance. The detailed procedure for sample preparation can be

found in the Supporting Information. In summary, thin films of stretched CPs with a
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thickness of approximately 60 nm were subjected to stretching using a pseudo-free-
standing tensile tester. Subsequently, these strained free-standing films were transferred
onto a washer's frame to facilitate further characterization (Figure C.12a).

Wide-angle hard X-ray scattering (WAXS) was conducted to investigate the
alignment of crystallite domains.?®® The measurements were performed in transmission
geometry, with the X-ray beam perpendicular to the sample plane. The samples were
mounted in a manner that aligned the stretching direction horizontally with the polarization
direction of the beam (Figure C.12b). As a result, the equatorial and meridian directions
corresponded to the parallel and perpendicular directions to the stretching axis,
respectively. Detailed information about the characterization methods can be found in the
Supporting Information. The 2D scattering patterns of the samples under different strain
conditions are shown in Figure 4.4a-b, accompanied by the corresponding 1D scattering
profiles and pole figures shown in Figure C.13-14. The results were processed using
Python code according to a previous literature report.?® Key parameters including peak
position (q), full width at half maximum (FWHM), and coherence length (t) extracted from
the WAXS measurements were summarized in Table 4.2. Three representative peaks can
be observed on the 2D patterns as illustrated on Figure 4.4a: the lamellae packing peak
(100), the -t stacking peak (010) and an amorphous halo. P3BT showed a smaller lamellar
packing distance (13.4 A) compared to P30T (20.9 A) due to its shorter side chain. Upon
stretching, the peak position of the (100) peak for both polymers showed only a slight
change, indicating an unchanged packing distance. For P3BT, the (100) peak stated to

exhibit anisotropy at e = 34%, signifying the initiation of crystallite orientation/rotation.
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Concurrently, the coherence length along the equatorial direction experienced a significant
decrease from &, = 34%, indicating the deformation of crystallite domain parallel to the
strain direction. In contrast, for P30T, the (100) peak began to exhibit anisotropy at an
earlier strain of e = 18 %, while the coherence length started to decrease from &, = 47%,
suggesting the initiation of crystallite rotation at the smaller strain but large deformation
occurring at ey = 47%.

Two-dimensional (2D) Herman’s orientation parameter f for the (100) peak was
then calculated based on the pole figures (Figure C.14) to quantify the degree of alignment,
following the method described in a previous report (Figure C.4b).® The values of f for
P3BT and P30T started to increase at e = 34% and &, = 18%, respectively, which aligned
well with the observations from the 2D images shown in. At e = 0.47, f increased by 0.23
for P3BT but 0.34 for P3OT. The larger increase in f for P30T indicates a higher degree
of alignment of the crystalline domain, attributed to the greater chain flexibility of
viscoelastic polymer. Small-angle hard X-ray scattering (SAXS) was also performed to
investigate the crystallite distance (Figure C.15). However, no peak was observed,
probably due to a low degree of crystallinity. As a result, the spacing between crystals falls
outside the g range probed by the measurement, similar to previous observations for DPP-
based donor-acceptor polymers.®® The alignment of the m-m stacking peak and the
amorphous halo is discussed in Figure C.16. Based on the findings from hard X-ray
scattering, we can conclude that there is no crystallite domain alignment for P3BT at initial
strain, whereas crystalline rotation contributes to the strain at first and crystallite

deformation join after e = 47 % for P3OT. Additionally, we performed in-situ hard
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WAXS to stretch CP films under the same beamline (Figure C.17-20). The peak position
almost kept constant upon stretching, indicating the film relaxation did not influence the
study of the deformation mechanism (Figure C.18e, f). However, FWHM didn’t change
at strain of 50% either, which was different from the ex situ experiment. We attributed this
difference to the variation in the thickness of the materials, which was thin-film for ex situ
experiment and bulk for in situ experiment. The crystallite structure under thin-film state
was easier to break due to less entanglement.

Tender WAXS was conducted using an X-ray energy near the sulfur K-edge (~2.47
keV) to specifically detect the backbone orientation in the crystalline regions of the CPs.33-
3 The backbones of CPs are crucial for charge transport due to the conjugated structure.
Given the inherent difference in rigidity between backbone and sidechain of CPs, we
hypothesize that there may be distinct alignment behaviors between backbone and the
entire polymer chains. As the energy was scanned across the sulfur K-edge (2.46 keV - 2.5
keV), scattering patterns were recorded. The background intensity variation at different
energies, shown in Figure C.21, originates from the fluorescence of sulfur atoms. The
fluorescence signal exhibits a plateau below 2.47 keV and a sharp increase for both
polymers at 2.476 keV. The maximum of the fluorescence signal was reached at 2.478
keV, which is usually close to the energy where the sulfur atoms contribute optimally to
the scattering signal. Characteristic 2D scattering patterns and corresponding 1D plots
along equatorial and meridian directions under an X-ray energy of 2.478 keV are shown in
Figure 4.4c and C.22-26. Due to the restricted high g range accessible with tender X-ray,

only the (100) peak could be easily measured in this work. The fluorescence of sulfur was
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too strong as the background at the sulfur K-edge (~2478 eV), which hindered the lamellar
peak. Consistent with the findings from hard X-ray scattering, P3BT exhibited higher q
values and a shorter packing distance compared to P30T, attributable to its shorter side
chains. Similar to the hard X-ray analysis, Herman’s orientation parameter f at five energies
from 2.470 to 2.478 keV was obtained from pole figures (Figure C.25-26) of both
polymers, as summarized in Figure 4.4d and C.27. The f value obtained at 2.470 keV,
away from the edge, closely matched the value extracted from the hard X-ray scattering
experiments, as no resonant effect was present. From 2.470 to 2.474 keV, the f value
gradually decreased. At 2.478 keV, the backbone orientation signal predominated. For
P3BT, f remained almost unchanged upon stretching, suggesting the absence of backbone
orientation in the crystallites. Conversely, for P30T, a slight increase in f indicated less
pronounced chain slippage behavior, consistent with our previous findings for low-Ty DPP-
based CPs.*® Consequently, while noticeable backbone alignment in the crystalline regions
was observed in viscoelastic CPs, it was limited in glassy CPs. For both P3BT and P30T,
fs from tender X-ray scattering are much lower than those from hard X-ray scattering,
indicating the backbone orientation is smaller than whole chain orientation due to the

limited mobility of conjugated structures.
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Figure 0.27 Experimental result for hard/tender WAXS experiment on P3BT and P30T
polymer thin films under various true strain.

Representative 2D scattering patterns and characteristic crystallographic peaks of P3BT and P3OT from (a) hard and (c) tender

WAXS. Herman’s orientation parameter f versus strain based on (100) peak of P3BT and P3OT from (b) hard and (d) tender WAXS.
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Table 0.4 Crystallographic Information for P3BT and P3OT extracted from wide-angle

hard X-ray scattering.

Equatorial direction Meridian direction
(100) (010) | (200) (010)
(100) (100)
ér (010) (010)
peak FWHM T peak | FWHM T
peak q peak q
q (A1) A) q (A1) A)
(A1) (A1)
(A1) (A1)
0 0.47 |0.10 1.7 1.65 0.47 |0.10 7.98 |1.64
P |10% |0.47 |0.10 7.3 1.65 0.47 10.10 7.93 |[1.65
3 |18% |047 |0.11 7.1 1.64 047 |0.11 7.27 |1.62
B [34% |0.49 |0.25 3.2 1.67 0.47 10.10 7.48 |1.63
T [47% |0.48 |0.23 3.5 1.66 047 |0.12 6.49 |1.65
0 0.30 | 0.04 17.1 | 1.66 0.30 |0.04 17.3 | 1.65
P |18% |0.30 |0.04 17.4 | 1.63 0.30 |0.04 17.3 |1.64
3 |34% |0.30 |0.04 17.2 |1.64 0.30 |0.04 17.3 |1.64
O |47% |0.30 |0.07 10.8 | 1.65 0.30 |0.04 17.3 |1.64
T |59% |0.30 |0.06 12.6 | 1.65 0.30 |0.04 17.3 |1.63

*The coherence length T is calculated by the Scherrer equation: T = (K- 1)/(B - cos®), where K = 0.9, A = 0.77 A for X-ray energy of

16.1 keV, B is the FWHM, 8 is the Bragg angle.

Polarized UV-vis was used to study the overall polymer backbone alignment

combining crystallite region and amorphous chain. This technique enables the examination
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of the combined alignment of the crystalline regions and amorphous chains when the
transition dipole moment (n-n*) is parallel to the long axis of the polymer backbone.?*®
The normalized absorption spectrum of strained P3BT and P3OT thin films under strain
were plotted in Figure 4.5a, b, respectively. The 0—0 and 0—1 transition occurred at
~591 nm and ~499 nm, respectively. 0-0 absorption peak was favorable along the strain

direction, attributed to polymer long axis alignment.?®! To quantify the anisotropy, the

dichroic ratio, R, was calculated using the following equation:

A
R=2
Ay

1)
where 4, and A, is the 0-0 peak absorbance of the film with polarized light parallel and
perpendicular to the strain direction, respectively. Then, Herman’s orientation parameter f
can be determined:

f=1a 2)
Surprisingly, the Herman's orientation parameter, f, exhibited similar behavior for both
P3BT and P30T, suggesting that the glass transition temperature (T) did not significantly
affect the alignment of the entire polymer chain during stretching (Figure 4.5c¢). Notably,
f showed a gradual increase throughout the stretching process, albeit with a limited extent.
This trend aligns with our previous findings in DPP-based polymers,® indicating that
polymer chain alignment occurs throughout the deformation process but with relatively
low anisotropy. In the case of P3BT, where crystallite alignment was initially limited, the
alignment of the amorphous chains played a significant role in the initial deformation (e

< 0.18). On the other hand, P3OT exhibited a distinction between crystallite and overall

chain alignment, suggesting that both crystalline and amorphous regions contributed to the
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deformation process. Therefore, the limitation in alignment was primarily observed in the
crystallite domain for glassy CPs. Additionally, we also investigated polarized UV-vis
spectroscopy for samples supported by PDMS, and the results are presented in Figure

C.28. For more details, please refer to the Supporting Information.
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Figure 0.28 Whole chain alignment study from polarized UV-vis spectroscopy.

UV-vis absorption plot at different wavelengths for (a) P3BT and (b) P30T under various strains. (c) Herman’s orientation parameter f

under strain.

In addition to the experimental investigations, we utilized coarse-grained molecular
dynamics (CG-MD) simulation to gain further insights into the impact of measurement
temperature on the mechanical behaviors and chain alignment upon thin-film deformation
(Figure 4.6, C.29-32). Our CG model utilized a "bead-spring" representation of the
polymer, incorporating a branched chain structure to capture the essential structural
characteristics of CPs. Specifically, the CG model consisted of a linear backbone chain
(represented by pink beads), with each backbone bead connected to an alkyl side chain
(represented by blue beads) to simulate the alkyl groups (Figure 4.6a). Figure 4.6b
showed a snapshot of free-standing thin film simulations using the CG model. The effect
of side-chain length on thermomechanical behavior was first simulated, which was
discussed in detail in Supporting Information. The result agreed reasonably well with

experimental data. The orientation of polymer chains was evaluated by calculating the
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orientation parameter f of the thin film system3327:
f = (Geos?0 —3) ®3)

where 6 is the angle formed by the bond vector connecting two consecutive backbone CG
beads relative to the deformation direction, and the bracket denotes the ensemble average
over all bond vectors (Figure 4.6¢). Furthermore, we calculated the end-to-end distance of
the polymer backbone to gain a deeper understanding of the chain orientation. Figure 4.6d
showed clear evidence that, as the tensile strain increased, the polymer chains exhibited a
greater tendency to align along the deformation axis, resulting in a higher orientation
parameter, accompanied by the increase in the end-to-end distance of the polymer chains.
To explore the local orientation distribution, we further generalized equation (3) to evaluate
the local orientation parameter based on individual bond vector in the thin film system. The
probability distributions of local orientation parameter upon deformation for different T
were presented in Figure C.31a. In all cases, a Gaussian-like distribution was observed,
with the peak gradually decreasing and shifting towards higher values, indicating a
propensity for backbone orientation in the direction of strain. A similar trend was observed
for the end-to-end distance distribution, as shown in Figure C.31c. It is worth noting that
both f value and end-to-end distance at each strain were nearly independent of temperature
(Figure C.30, 31b, d), which was also consistent with the above experimental observation
that the T¢ of CPs did not show direct influence on the chain alignment under strain. This
observation aligns with the experimental finding, indicating that the T4 of CPs does not

directly influence chain alignment under strain.
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Figure 0.29 Amorphous component alignment study from CG-MD simulation.

(a) Schematic illustration of CG polymer model with branched side-chain. (b) Snapshot of the CG free-standing thin film. (c)
Schematic of a single polymer chain with a defined angle between the bond orientation and tensile direction. (d) Average orientation

parameter (left-y axis) and end-to-end distance (right-y axis) vs. strain for two representative T.

By combining the findings from both experiments and simulations, we can
elucidate the deformation mechanisms of glassy P3BT and viscoelastic P3OT. In the case
of glassy P3BT, during the initial stage of deformation (e < 0.18), only the orientation of
the amorphous chains contributed to the overall deformation process. Subsequently, the
crystalline domains experienced breaking, rotation, and alignment, as evidenced by the
decreased coherent length and increased orientation parameter (f) values for the lamellar
stacking peak, m-7 stacking peak, and amorphous halo. The amorphous domain within
P3BT serves as tie chains (bridging chains) between crystallite domains. It’s reported that
high content of tie chains in amorphous domain plays a crucial role in facilitating the charge
transport due to the difficulty of charge transport between ordered regions.?*® Therefore,
with amorphous domains alignment within &, < 0.18, the charge mobility increased. Upon
further stretching, the crystallite domain begins to align resulting in higher charge mobility.
In contrast, for the viscoelastic polymer P30T, both the alignment of lamellar structures
and the amorphous chains played significant roles throughout the entire deformation
strains. The alignment of crystals is known to facilitate charge transport along the direction
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parallel to the stretching direction, whereas crystal deformation can sometimes have a
negative impact on charge mobility.?*! In the case of P30T, both crystal alignment and
crystal deformation occur. Interestingly, the charge mobility continues to increase in
parallel direction but decreases in perpendicular direction indicating crystal alignment
somehow overcompensate for the crystal disruption in P3OT. In a previous study, Salleo
Group found that short-range intermolecular aggregation is sufficient for charge
transport.3? Based on this understanding, we deduce that the deformed crystals are still
large enough to support charge transport. This behavior is consistent with what has been
observed in viscoelastic DPP-based polymers previously studied.®

To verify the universality of our observations, we selected F8BT as another
deformable glassy CP with a high Ty of 111.6 °C (Figure 4.7a). The stress-strain behavior
of F8BT is shown in Figure 4.7b, with a critical strain (COS) of approximately 20% and
a similar high elastic modulus of 1807 MPa compared to P3BT. Same morphology
characterization methods were used for F8BT. However, unlike P3BT, F8BT did not show
the 0-0 aggregation peak at 540 nm in UV-vis spectra as reported.?3® Therefore, we focused
on evaluating the chain alignment mechanism of F8BT using wide-angle hard/tender X-
ray scattering. The results were shown in Figure 4.7c, C.33-39, Table C.5. We found the
thin film broke without any crystallite alignment and deformation for F8BT, resembling
the initial deformation region observed in P3BT. The earlier breakage in F8BT may be
attributed to the difficulty in aligning the crystalline region, primarily influenced by
intra/inter-crystallite interaction strength and a reduction in the number of

entanglements/tie-chains. It is important to note that if there is a sufficient amorphous
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domain allowing for the rotation of crystallite domains, rigid CPs can exhibit stretchability.

However, if the amorphous domain is insufficient, the CPs tend to be brittle.
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Figure 0.30 Molecular structure, true stress-strain curves, representative 2D scattering
patterns and Herman's orientation parameter f versus strain based on (100) peak from
hard and tender WAXS and of F8BT.

(a) Molecular structure for high-T, F8BT. (b) True stress-strain curves for F8BT. (c) Representative 2D scattering patterns and
characteristic crystallographic peaks of F8BT from hard and tender WAXS. (d) Herman’s orientation parameter f versus strain based

on (100) peak of F8BT from hard and tender WAXS.

4.4 Conclusion

Our study focused on the mechanical performance of 65 different CPs with the aim
of assessing their suitability for stretchable electronics applications. Contrary to common
assumptions, we discovered that the rigidity of a CP does not necessarily determine its
deformability. In fact, our results suggest that even rigid, glassy CPs exhibit promising
characteristics for stretchable electronics. To gain deeper insights into the mechanical
behavior, electrical properties, and chain alignment mechanisms of these unique glassy

CPs, we conducted a comprehensive analysis focused on a model CP called P3BT, as well
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as its viscoelastic counterpart, P30OT. Our investigation revealed an intriguing feature in
P3BT, namely an additional yielding and strain-softening region compared to P3OT.
Remarkably, this difference did not significantly impact the charge mobility of the
stretched CPs. By employing a combination of wide-angle hard/tender X-ray scattering,
polarized UV-vis, and CG-MD simulation techniques, we scrutinized the chain alignment
mechanism of these CPs. The results uncovered a key disparity between P3BT and P30T,
primarily in their initial strain behavior. In the case of P3BT, the deformation was
predominantly facilitated by the slipping of amorphous domains, attributed to its frozen
chain nature at room temperature, for the first 18% strain. In contrast, both amorphous
chain and crystallite rotation played a role in the deformation of P3OT. Overall, our study
provides a comprehensive understanding of the stretchability of glassy CPs and challenges
the conventional notion that only flexible CPs are suitable for wearable electronics. These
findings underscore the great potential of even rigid CPs in the realm of wearable
electronics and offer valuable insights for the design and development of future stretchable

electronic devices.
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FUTURE DIRECTIONS

In summary, this dissertation has pioneered the development of stretchable and self-
healable semiconducting polymers and composites, and has provided an in-depth
examination of their deformation mechanisms. These foundational studies represent a
significant step toward unlocking the potential of stretchable and self-healable
semiconducting materials. However, the journey of discovery and innovation in this field
is just beginning, with several avenues open for further exploration:

Elastic Semiconducting Composites Design: Despite the advancements made, the
design of elastic semiconducting composites that can sustain repeated use due to their
intrinsic elasticity remains a vital area for further research. This necessitates the exploration
of covalently crosslinked semiconducting composites that retain both high stretchability
and self-healing capabilities.

Morphology Dynamics During Processing: The transition of morphology from
solution-state to solid-state during spin-coating processes warrants further investigation.
The inherently weak and dynamic nature of hydrogen bonds, coupled with the high-speed
conditions of spin-coating, poses challenges to the stability and morphological formation
of the composites. A deeper understanding of thin film morphology dynamics during spin-
coating and the influence of polymer solution and spin-coating parameters is essential for
optimizing these materials for practical applications.

Thermal Annealing Effects: Thermal annealing serves as a critical processing
technique that can potentially enhance the alignment of conjugated polymer (CP) chains

and subsequently improve electrical properties. Investigating the effects of thermal
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annealing on both the newly developed composites and rigid stretchable CPs is imperative
for enhancing their performance and expanding their application scope.

These future directions underscore the ongoing need for innovative design
strategies, advanced processing techniques, and comprehensive characterization to fully
harness the capabilities of stretchable and self-healable semiconducting materials. As we
continue to explore these pathways, the potential for groundbreaking applications in

wearable and implantable electronics grows ever more promising.
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APPENDIX A — Supporting Information

Synthesis and properties of amide-polyisobutylene (PIB-Amide). PIB-amide
was synthesized via three steps including acid-catalyzed constructive degradation (CD)
reaction of BR to introduce bromine group (PIB-Br), Gabriel reaction to transfer bromine
to amine groups (PIB-amine) and esterification reaction to obtain amide functional PIB
(PIB-amide) (Scheme A.1). PIB-Amide was the hydrogen bonding crosslinked elastomer.
The precursor, PIB-Br, was the comparative reference.

Synthesis of PIB-Br. PIB-Br was first synthesized via constructive degradation
reaction of butyl rubber according to previous report.*° Butyl rubber (5 g, 0.026 mmol)
was dissolved in n-hexane (75 ml). After fully dissolving, DCM (50 ml) and (3-
bromopropoxy)benzene (5.12 g, 23.8 mmol) were added. The mixture was stirred and
cooled down to -50 °C. Then the catalyst TiCls (4.33 g, 22.8 mmol) and sulfuric acid (0.23
g, 2.35 mmol) were injected. The reaction mixture was then stirred at -50 °C for 2.5 h.
Methanol (10 ml) was injected to quench the catalyst. The crude product was collected by
precipitation in excess methanol, followed by being purified using re-
dissolving/precipitating in hexane/methanol for three times. The residue was then
dissolved in hexane (100 ml) and extracted with two portions of water (50 ml). The organic
phase was dried with anhydrous MgSO4 and evaporated to give transparent elastomer. The
H NMR spectrum of PIB-Br was shown in Figure S1 and the number of Br group was
calculated to be ~17 comparing the ratio of the integrated intensity of the peak at 2.4 ppm
attributed to the methylene protons adjacent to the side chain to that of the peak at 1.1 ppm
assigned to the methyl protons adjacent to PIB in the *H NMR spectrum. The molecular
weight and molecular weight distribution (P) were determined by SEC-MALLS using
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THF as an eluent. The SEC elution trace of PIB-Br reveals uni-modal and narrowly

distributed molecular weight with Mn = 56.1 kDa and & = 1.70 (Figure A.3).
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Figure A.1 *H NMR spectrum of PIB-Br in CDCI3.

Synthesis of PIB-Amine. PIB-Br (5.00 g, 0.09 mmol) was dissolved in THF (150
ml). After fully dissolve, NMP (75 ml), potassium phthalimide (17.55 g, 94.7 mmol), was
added to the solution. The reaction mixture was then stirred at 85 °C for 4 h and cooled to
room temperature. The crude product was collected by precipitation in excess methanol,
and re-dissolved in hexane. The product was washed with DI-water (50 ml) for 6 times.
The organic layer was dried with anhydrous MgS0O4 and evaporated to PIB-PI.

PIB-PI (2.42 g, 0.044 mmol) was then dissolved in heptane (100 ml) followed by
adding ethanol (50 ml) and hydrazine hydrate (6.054 mg, 0.19 mmol). The reaction mixture
was stirred at 105 °C for 5 h and cooled to room temperature. The crude product was
precipitate in exceeded methanol and washed with water for 6 times. The organic layer was

dried with anhydrous MgS0O4 and evaporated to PIB-Amine.
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Synthesis of PIB-Amide. PIB-NH; (300 mg, 0.093 mmol) and triethylamine
(14.12 mg, 0.014 mmol) was dissolved in anhydrous DCM (15 ml). Acetyl chloride (100
mg, 1.395 mmol) dissolved in anhydrous DCM (5 ml) was dropwise to the solution at 0 °C.
The reaction mixture was stirred under 0 °C for another 1h and stirred at room temperature
for 24 h. The crude product was precipitate in exceeded methanol and washed with water
for 6 times. The organic layer was dried with anhydrous MgSO4 and evaporated to PIB-
Amide.

The successful synthesis of PIB-Amide was certified using 'H NMR and SEC-
MALLS (Figure A.2-3). From 'H NMR spectra, the peak a always shifted during both
Gabriel reaction and esterification reaction (the original peak a dismissed while new peaks
showed up after reaction) confirming all end groups were successfully conversed. The
elution peak from SEC-MALLS didn’t move for PIB-Br and PIB-Amide indicating the
molecular weight kept constant during end-group functionality processing.

The formation of hydrogen bonding was confirmed using FT-IR (Figure A.4). The
relative intensity of -NH stretching peak (3051-3673 cm-1) of PIB-Amide was much higher

than PIB-Br indicating the successful formation of hydrogen bonding.
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Figure A.2 'H NMR spectra of PIB-Br, PIB-PI, PIB-Amine and PIB-Amide in CDCls.
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Figure A.3 SEC elution trace of BR, PIB-Br and PIB-Amide.
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Figure A.4 FT-IR absorption spectrum of PIB-Br and PIB-Amide.
Thermomechanical properties of BR, PIB-Br and PIB-Amide. 7, of BR, PIB-
Br and PIB-Amide was measured using DSC, which is -67.8, -64.1 and -63.1 °C for BR,

PIB-Br and PIB-Amide, respectively, indicating decreased MW and hydrogen bonding

crosslink didn’t influence 7y a lot. (Figure A.5).
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Figure A.5 DSC curve of BR, PIB-Br and PIB-Amide.

Mechanical properties of elastomers were evaluated using pseudo-free standing
tensile tester (Figure A.6-7, Table A.1).1%2° 80 nm-thickness films of BR, PIB-Br and PIB-
Amide were spin-coat on Si wafer followed by being transferred to the surface of water.
Due to lower MW after CD reaction, PIB-Br showed lower E and COS (1.26 vs 0.45 MPa,
227% vs 66%) than original BR. After introducing amide group, the COS for PIB-Amide
reached ~1660% with only slightly increased E (0.57 MPa) (Figure A.6¢c). The result

indicated hydrogen bonding crosslink can effectively improve deformability of elastomer

due to more energy dissipation without much influence on the softness.
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Figure A.6 a) Chemical structure of PIB-Amide and illustration showing the proposed
mechanical and self-healing mechanism of the stretchable PIB-Amide. b) True stress—
strain curves of BR, PIB-Br, PIB-Amide, with the plot of the engineering stress-strain
curve of BR, PIB-Br, PIB-Amide insert. ¢) Elastic modulus and crack onset strain for BR,
PIB-Br, PIB-Amide. d) Optical images of self-healing behavior f

or PIB-Amide.
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Figure A.7 Repeated tensile test result of BR, PIB-Br and PIB-Amide.
Self-healing ability of PIB-Amide

Self-healing ability of PIB-Amide was investigated visibly. A piece of elastomer
was cut to two separated parts. Once being touched with each other, the PIB-Amide
totally self-healed. (Figure 1d, video S1).

In summary, hydrogen bonding cross-linked made PIB-Amide elastomer
extremely soft, stretchable and self-healable, which should be a great candidate for matrix

of stretchable CP/elastomer semiconducting composites. The physical parameters were

summarized in Table A.1.
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Figure A.9 Output curve of pristine DPP-T.
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Figure A.10 Transfer curve of 10-40% DPP-T/PIB-Amide.
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Figure A.12 Repeated tensile test result of DPP-T and 10-40% DPP-T/PIB-Amide.
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Figure A.13 FT-IR spectra of DPP-T and PIB-Amide.
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Figure A.14 AFM a) height and b) phase image of bottom surface of 20% DPP-T/PIB-

Amide composite.
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Figure A.15 2D images and 1D line-cut profiles for DPP-T and 10-40% DPP-T/PIB-
Amide composites in both in-plane direction (dotted line) and out-of-plane direction

(solid line) from GIWAXS.
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Figure A.16 Pole figure analysis for DPP-T and 10-40% DPP-T/PIB-Amide composites

from GIWAXS.
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Figure A.17 (a) Charge mobility DPP-T, 20% DPP-T/BR, 20% DPP-T/PIB-Br and 20%
DPP-T/Amide composite films. (b) Representative stress-strain curve of 20% DPP-

T/PIB-Br and 20% DPP-T/Amide composite films.
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Figure A.18 Repeated tensile test results of 20% DPP-T/PIB-Br.
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charge transfer direction. Drain voltage is -60V.
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Figure A.20 Output curve of stretched 20% DPP-T/PIB-Amide in parallel direction to

charge transfer direction. Drain voltage is -60V.
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Figure A.21 Transfer curve of stretched 20% DPP-T/PIB-Amide in perpendicular

direction to charge transfer direction. Drain voltage is -60V.
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Figure A.22 Output curve of stretched 20% DPP-T/PIB-Amide in perpendicular direction
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Figure A.23 Transfer curve of cyclic stretched 20% DPP-T/PIB-Amide
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Figure A.24 Output curve of cyclic stretched 20% DPP-T/PIB-Amide.
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Figure A.25 Representative 2D scattering of 20% DPP-T/PIB-Amide films under strain

of 0, 20%, 50%, 100%, 150%, 200% from WAXS.
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Figure A.26 1D integration and Pole figure analysis for 20% DPP-T/PIB-Amide films

under strain of 0, 20%, 50%, 100%, 150%, 200% from WAXS.

Figure A.27 AFM images for 20% DPP-T/PIB-Amide films under strain of 0, 20%, 50%,

100%, and 150%.
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Table A.1 Summary of mechanical performance of BR, PIB-Br and PIB-Amide.

Material Elastic modulus (MPa) Crack onset strain (%)
BR 1.26 £0.11 2275+55.1
PIB-Br 0.45+0.04 66.2 +41.7
PIB-Amide 0.57+0.16 1660.0 + 150.0

Table A.2 Summary of mechanical performance of DPP-T and 10-40% DPP-T/PIB-

Amide composites.

Material Elastic modulus (MPa) Crack onset strain (%0)
DPP-T 483.6 21.9 13.2+04
[0) - -
20% DPP-T/PIB 1.99 +0.29 1500.0 + 100.0
Amide
[0) - -
30% DPP-T/PIB 208 £ 0.20 153.0 + 54.1
Amide
[0) - -
40% DPP-T/PIB 2434+ 8.90 767+5.6
Amide
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Table A.3 Crystallographic parameters for DPP-T and 10-40% DPP-T/PIB-Amide

composites from GIWAXS.

Out of plane In plane
i Lamellar
Materials Lamellar Lamellar peak Lamellar
. ] peak FWHM
spacing [A] | FWHM [A™] | spacing [A] A
DPP-T 17.95 0.07 18.48 0.10
10% DPP-
) 19.04 0.07 - -
T/PIB-Amide
20% DPP-
) 19.04 0.06 18.48 0.06
T/PIB-Amide
30% DPP-
) 19.04 0.06 18.48 0.08
T/PIB-Amide
40% DPP-
) 19.04 0.06 19.03 0.08
T/PIB-Amide

Table A.4 Crystallographic parameters for 20% DPP-T/PIB-Amide composites from

WAXS.

Material

Lamellar spacing [A]

Lamellar peak FWHM
[A7]

20% DPP-T/PIB-Amide

19.03

0.05
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APPENDIX B — Supporting Information
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Figure B.1 FT-IR spectra of (a) DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A,

DPPTVT-A/PIB-A composites and (b) PIB-Br.
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Figure B.2 AFM height images of (a) DPPTVT/PIB-Br, (b) DPPTVT-A/PIB-Br, (c)

DPPTVT/PIB-A and (d) DPPTVT-A/PIB-A composites.
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Figure B.3 FT-IR spectra of DPPTVT-A and PIB-A.

Figure B.4 AFM a) height and b) phase image of bottom surface of DPPTVT/PIB-Br,

DPPTVT-A/PIB-Br, DPPTVT/PIB-A and DPPTVT-A/PIB-A composites.
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Figure B.5 Transfer curves of DPPTVT/PIB-Br, DPPTVT-A/PIB-Br, DPPTVT/PIB-A and

DPPTVT-A/PIB-A composites. Drain voltage was -60V.
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Figure B.6 Representative optical images of stretched composites strained via the film-
on-elastomer technique.
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Figure B.8 Transfer curves of stretched non-H-bonding crosslinked DPPTVT/PIB-Br

composites. Drain voltage was -60V.
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Figure B.10 Transfer curves of stretched uni-H-bonding crosslinked composites from

elastomer, DPPTVT/PIB-A. Drain voltage was -60V.
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Figure B.11 Transfer curves of stretched dual-H-bonding crosslinked composites

DPPTVT-A/PIB-A. Drain voltage was -60V.
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Figure B.12 AFM height images of stretched DPPTVT/PIB-Br (red), DPPTVT-A/PIB-Br
(orange), DPPTVT/PIB-A (green) and DPPTVT-A/PIB-A (black) composites at strain of

0, 20, 50, 100 and 150%.
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Figure B.14 Charge mobility comparison along perpendicular direction of DPPTVT/PIB-
Br (red), DPPTVT-A/PIB-Br (orange), DPPTVT/PIB-A (green) and DPPTVT-A/PIB-A
(black) composites after stretching 1 and 10 cycles and staying for 24 and 48 h at strain

of (a) 50% and (b) 150%.
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Figure B.15 Transfer curves of stretched DPPTVT/PIB-Br, DPPTVT-A/PIB-Br,
DPPTVT/PIB-A and DPPTVT-A/PIB-A at strain of 50% and 150% for 1 and 10 cycles.

Drain voltage was -60V.
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APPENDIX C — Supporting Information

In-Situ Wide-Angle Hard X-Ray Scattering

While all the data presented above result from ex-situ experiments, where the
scattering experiments were performed days after the sample preparation, stress
relaxation of aligned films could affect the final state of alignment. In situ hard X-ray
WAXS measurments of P3BT and P3OT bulk samples (> 2 um thick) were also
performed. A low fracture strain of e = 0.12 for P3BT and &; = 0.65 for P30T was
reached, which could result from a high defect density for drop-cased samples that
iniciated early fracture. The corresponding 2D scattering patterns, 1D intensity profiles
and pole figures were shown in Figure C.5-7. The f value of all three peaks didn’t change
for P3BT, which agreed well with the result from ex situ experiments (Figure C.8a). For
P30T, f began to increase at e, = 0.13, while the f value for both (010) peak and
amorphous halo did not change (Figure C.8b).
Polarized UV-vis optical absorption spectroscopy for samples supported by PDMS

Previous literature reported higher increasing f on PDMS substrates (~0.7 at
engineering strain = 140%).23! To directly compare our work with previous work, we
then repeated chain alignment characterization using polarized UV-vis for samples
supported by PDMS. f did increase more for PDMS-supported thin film than free-
standing one (Figure C.13). We expected the difference between the two methods to lie
in the PDMS substrate which can preserve all the chain slippage during deformation due
to delocalized stress and consequently uniform strain.

CG-MD simulation of effect of side-chain length on thermo-mechanical properties
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As discussed from experimental findings, side-chain groups affected the 7 of CPs
considerably. Thus, glassy P3BT exhibits a higher elastic modulus than viscoelastic
P30T at the temperature between the 7, of the two materials. We began by characterizing
the sidechain length-dependent bulk 7, of the CG model to verify the experimental
results and gain more insights. Specifically, a generic “bead-spring” CG model of
polymer with a branched chain structure was employed to preserve the essential structural
features of CPs. The CG model has a linear backbone chain (pink beads) and each bead
in the backbone is attached by a side-chain (blue beads) to represent alkyl groups (Figure
C.29a). Figure C.29a, b displayed a representative CG chain configuration having the
side-chain length n varying from 1 to 4 and a simulation box consisting of polymer
chains, respectively. The CG model description was discussed in detail in our
experimental section. As shown in Figure C.29c, the typical 7 was determined by
linearly fitting the density vs. temperature data in the low- and high-7 regimes,
respectively, where the intersection value of two distinct slopes marks the 7;. Figure
C.29d indicated that the growth of side-chain length leads to a noticeable reduction in 7
of the bulk polymer system, as the experiments found it that P3OT with more alkyl
groups on side-chain exhibits lower 7y comparing to P3BT.

Taking the model with side-chain length of two as a representative polymer
system, we proceed to carry out free-standing thin film simulations with free surfaces to
investigate 7 effect on the mechanical properties and chain deformation at the
fundamental molecular level (snapshot of thin film system was shown in Figure 4.5b).
We compared the mechanical response of systems to uniaxial tensile loading over a T’

range from 0.7 to 1.3 7 (Figure C.30a). Figure C.30b showed two representative stress-
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strain curves obtained from these simulations, from which a clear difference in their
mechanical response can be observed. At a strain less than 3%, we observed that the
stress increases linearly with strain for both systems, where the elastic modulus £ was
determined by linearly fitting the stress-strain data. As the strain increased beyond the
linear elastic regime, the polymer system at 7= 0.7 7, exhibited a yielding behavior,
followed by a strain-softening and strain-hardening; while the strain-softening was not
obvious for system at 7= 1.3 T,. Moreover, the strain-hardening phenomenon at low 7
was more noticeable with a higher slope (i.e., strain-hardening modulus) and the
fluctuation amplitude of stress becomes larger in the strain-hardening regime. We also
performed additional simulations at multiple 7, indicating that the elastic modulus did
show an obvious reduction with increasing 7" (Figure C.30c¢). These findings obtained
from CG-MD were consistent with the experimental results, demonstrating that the 7" can
strongly impact the mechanical behavior of polymer thin film, and verifying the fact that
glassy P3BT exhibits enhanced mechanical performance compared to viscoelastic P30T

at the 7 between the T} of the two polymers.
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Figure C.2 Engineering stress-strain curve of DPP-based CPs.
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Figure C.11 FET transfer curves for stretched P30T perpendicular to strain direction.
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Figure C.12 (a) Representative optical images of strained P3BT polymer thin films on top
of hollow washers. (b) Schematic of transmission x-ray scattering on tensile strained
free-standing thin films. The rubbing direction of the polarized X-ray beam is also shown.
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Figure C.13 1D integration for P3BT and P30T thin films under various degrees of
strain from wide-angle hard X-ray scattering.

154



a
P3BT
10.0 (100) peak =010
- : ——,~0.18
©
©
-
-~
oy
7]
c
]
=
£
Azimuthal angle (°)
11 ——2=0
1 P3BT £~0.10
104 (010) peak
—_ —z~0.18
©
©
-
-
2
N
c
2
£
] T ]
-80 -60 -40 -20
Azimuthal angle (°)
&0
81 A F3B;:' 2010
_ morphous €018
3
©
)
o
-
-
z
7]
c
¥
£

-80
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Figure C.15 Small-angle hard X-ray scattering 2D patterns and 1d line-cut of strained
P3BT and P30T thin films. (a, b) 2D scattering patterns for thin-films under various
degrees of strain, (c, d) 1D radial averaged intensity versus ¢ plot.
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Figure C.16 Herman's orientation parameter f versus strain based on (100) peak of P3BT
and P30T from (b) hard and (d) tender WAXS. f from (010) peak slightly increased at eT
= 0.47. No clear alignment from the amorphous halo was observed.
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Figure C.17 In Situ wide-angle hard X-ray scattering 2D patterns of strained (a) P3BT
and (b) P30T thin films.
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experiment.
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Figure C.21 The plot of background scattering intensity of (a) P3BT and (b) P30T at
various incident X-ray energies, indicating the fluorescence yield of sulfur atom at
different energies, which corresponds to the sulfur absorption. The absorption starts from
2470 eV and the maximum absorption is shown at 2478 eV.
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Figure C.22 Wide-angle tender X-ray scattering 2D patterns of strained P3BT thin films
at different energies.
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Figure C.23 1D integration for P3BT and P30T thin-films under various degrees of
strain from wide-angle tender X-ray scattering at different energies.
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Figure C.24 Wide-angle tender X-ray scattering 2D patterns of strained P30T thin films
at different energies.
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Figure C.26 1D line-cut (a-d) and (100) pole figure analysis (e-i) for strained P30T thin
films from tender X-ray scattering at different energies (a, €) 2.47 keV, (b, f) 2.472 keV,
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Figure C.29 (a) Schematic illustration of CG polymer model with different side-chain
length varying from 1 to 4. (b) Snapshot of the bulk simulation box consisting of polymer
chains. (c) Density vs. temperature for calculation of Tg of the CG bulk system with
various side-chain length. The intersection of two distinct slopes was determined as value
of the predicted Tg. (d) Simulated Tg vs. side-chain length n.
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Figure C.30 (a) Averaged orientation parameter S within the films vs. strain for various
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parameter of the CG thin film model for various side-chain length n under two
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Figure C.31 (a) Representative tensile stress-strain response of polymer thin film system
for different T, where the elastic modulus E was determined by linearly fitting the stress-
strain data within 3% strain as marked by the dashed lines. (b) Representative tensile
stress-strain response of polymer thin film system for two representative T. (c) Elastic
modulus vs. T for polymer thin film system. CG-MD simulation results were expressed
using the reduced LJ units.
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Figure C.32 (a) Probability distribution of local orientation parameter of the CG thin
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Figure C.33 Wide-angle hard X-ray scattering 2D patterns of strained F8BT.
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Figure C.35 Pole figure analysis for strained F8BT polymer based on wide-angle hard X-
ray scattering result. (a) (100) peak, (b) (010) peak, (c) Amorphous peak.
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Figure C.36 Wide-angle tender X-ray scattering experiment for F8BT under various
strain. The plot of background scattering intensity of F8BT at various incident X-ray
energies
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Figure C.37 Wide-angle tender X-ray scattering 1D line-cut of strained F8BT.
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Figure C.39 UV-vis absorption spectroscopy result for stretched F8BT thin films.
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Table C.1 Summarized molecular weight (MW), elastic modulus (E) and crack onset
strain (COS) of CPs.

MW E
Type Polymer brand (kDa) COS (MPa)
P3BT
/ \°‘”9 Rieke 50-70 0.805 2177
P3HT Sigma-
I’ Aldrich 50-70 1.22 262
P30T
/ \°“” Rieke 70-90 1.38 85
P3DT
/ \°‘” Rieke 50-70 1.08 79
branched P3AT-C2C2C2
P3AT
- 14.1 0.015 990
A\
s n
branched P3AT-C3C1C2
- 17.3 0.012 709
7
S n
branched P3AT-C2C1C3
- 20.5 0.018 1205
/A
S ’'n
DPPC2C8C10
R KC:°H21
OfS~p - 76.6 0.953 298.6
o N\ \s/ /s\ O
CEHW\QHU
DPP DPPC2C10C12
R . 190 | 0039 | 184
o N\ \s/ /S\ O
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

DPPC2C10C12

CizHzs

I \__N_o _
ot 470 | 053 173
O\HN Yt O

CiaHas

DPPC2C10C12

CizHzs

/' N N_o _
O, A 60.6 0.649 150.8
O\HN \ ] s O

CizHzs

DPPTC2C12C14

CiaHas

O~y - 61.8 0.804 104.2
Ns N
o s O
C‘AHZQ\CiHﬂ
DPPT2C2C10C12
“ U‘;ﬂ CizHas o~
T s - 23.0 0.04 280
CZHB""-/‘H

e - 24.0 0.2 250

DPPT3C2C10C12
T O : 340 | 03 415
L;/ Déx,;}_{.j/ -5 Nl

DPPT3C8C2C10C12

= N
RN

O - 267 | 0275 | 16114

O e
DPPTTC2C10C12
e O
D i 29.0 0.02 255
E\;:ﬁ o-’)“ N\>—\/_§“‘Ir 8
CEHE.,_‘I/.‘
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

DPPTTC2C10C12

At ﬂ&]
N S f
- “f’o S ,_E'rh
= £ =

Y

L 1 - 51.0 0.16 400

A
Cues”
Eyob
DPPTTTC2C10C12
C”:icun;;
Y SO - 26.0 0.03 480
y oy
Ctos”
DPPTVT
Cighay
o Cus
@,’%‘455\@-«*“ e - 15.7 0.05 248
T AN O
Ctern. -
CiaHas

s
3 \
N . i 17.7 0.105 270
T ARG RO
CagHro =
CizHas
DPPTVT
[
(O
o . i 275 0.38 338
T AN
CioHar =

CyzH:

PART DPPTVT 5%

Cuty

CC.::
So AN MY s.

- 52.0 0.27 340

P5: R =-§CpHys , X = 0.05 (5 mol%)

PART DPPTVT 10%
c'"'z;_c,;-,

o oot ool - 52.0 0.24 325

- 18.0 0.22 320

P7:R = ‘%‘cu"zs , X=0.2 (20 mol%)
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crack onset strain (COS) of CPs.

Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

DPPCO

C1oH21
CioHar
0,

0.035

263

m—;
CioH
Ciohlpy 2107121

0.035

153

DPPC12

C1oHz1

CioHar
O,

s ¥ \W/A \ /

(¢}
m=12
CmszcmHz'

Z

0.05

50

PDPP3T
CgHiz
CgHig

CeHiz
CgHi7

Ossila

24.0

0.282

419.16

PDPP4T
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834
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

PBDTT-DPP

Ossila | 1202 0.078 872
PFO-C8
; 20.0 0.425 1689
HID
PFO-C8-2.5% ene
; 22.9 05 1523
; 36.0 0.34 2007
PFOC8C13
GO, ; 9.3 0.33 861
PFOCSC15
; 9 0.63 370
P FO /_/_FS Hexane thiol- C15 Derivative S‘\_\_\
FSBT
Ossila | 26.79 0.225 1807
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

TFB
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

1IDC4C10C10
Ossila - 0.009 263
lIDDT-C2C8C10
T - . 004 | 65557
N ey
IIDDT-C3C10C10
B ] ] 0.026 | 360.72
o N s ern
lIDDT-C4C10C10
‘_ - ] 0.036 410
IIDDT-C5C10C10
B ] ] 002 | 349.44
o IDTVT
e e st ] 18.7 0.021 580
T IIDBT
o) ; 23.0 0.016 330
PCPDTBT
5 Ossila | 17.77 0.04 2577
LY
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

CigHz

PA3T-BC2-C10C12

PM6
Ossila 42.67 0.124 1052
Ossila 25.73 0.114 1017
Ossila 62.32 0.035 1033
Ossila 24.21 0.128 663
Ossila 22.1 0.055 446
Others
IDTBT
g - - 0.22 745
g 2\
PA3T-BC2-CLOCL2
::HH,S{“)%
o laty - 103 0.17 103
oy R
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Table C.1 (continued). Summarized molecular weight (MW), elastic modulus (E) and

crack onset strain (COS) of CPs.

PA3T-BC4-CLOCLO
{\:’w@ - 81 0.6 81
N
- - 0.09 471
> - 18 0.4 84
BDPPV318
- 27.4 0.006 333.35
BDOPVDT
|‘“|‘:
o - 35.4 0.01 211.44
Tl CiaH:
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Table C.2 Polymer characteristics for P3BT, P30T and F8BT

Polymer M (kDa)! Dispersity? Elastic modulus (MPa) | T4 (°C)?
P3BT 12.3 2.81 2216 + 30 52
P30T 23.8 2.00 862 -13
F8BT 26.8 2.73 1807 + 82 111.6

1The number-averaged molecular weight (M,) and dispersity were obtained through high-temperature gel permeation chromatography.

2T, were obtained using differential scanning calorimetry (DSC).

Table C.3 Summary of OFET device performance for P3BT under deformation.

Strain (g7) | V/- b Cuas b MV onoff | Vt_sat (V)
0 10 15 .50E-05 g:gglg(-)(())?;_r 1.58E+01 | 7.94
3 | 005 10 1610805 3:(3)(7)]5(_)(2)? 1336402 | -24.46
S 0.18 10 3.63E-04 3:(6)(9)5524i 6.76E+02 | -15.75
0.34 10 1812E-04 (3):(9)3](;34 t 1 16E+02 |-1252
0.47 10 1826E-04 (3):(2)(9)](;24 | 130E+02 |-1001
0 10 15 50805 (9):(5)8]5(')?)617“: 1.58E+01 | 7.94
5 | 005 10 11 75805 ézggg(;ggzi 3A1E+02 | -14.92
'j;i 0.18 10 7.93E-06 Sjﬁé&%?gf 3.80E+01 | -25.09
$ 1034 10 1741805 (3):(1)8]5(')25“: 3.18E+02 | -17.39
0.47 10 11 26E-05 g:ggg(')g? | 1708401 |3.80
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Table C.4 Summary of OFET device performance for P3OT under deformation.

2\/-1 2\/-1
Strain (g7) | /- b (cm=V by Cm™VE oot | Vi _sat (V)
10 3.40E-03 +
0 sg2E-03 |90 270E+01 | 16.10
< |0.05 10 1os0p-04 | 392E04E 1) e0pr01 | 17.62
C 0.0002
£ 10 3.06E-04+
€ | 018 666E-04 | oot ) 1LOIE+02 | -14.05
10 1.38E-04+
0.34 208804 | o8008 239E+01 |-1.12
10 5 58E-04+
0.47 147603 | o8 768E+01 | -11.60
10 3.51E-03 £
0 3.99E-03 | oot 6.81E+03 | -10.60
5 005 10 T4isp03  |336E03E 1) gopr03 | -14.73
S 0.001
2 10 4.04E-03 +
2 018 458803 | 0300 6.21E+03 | -12.20
S 10 5.86E-03 +
g 1034 Lo7E02 | D8O 6.22E+03 | -11.26
10 8.01E-03 +
0.47 L1g02 | SO0 S47E+03 | -9.99
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Table C.5 Crystallographic information for F8BT extracted from wide-angle hard X-ray
scattering.

Equatorial direction Meridian direction
(100) (010) (100) (010)
&r
q § T q q § T q

AY LAY | A AY | AN | AY | A AY

0 032 | 0.11 6.8 1.42 033 | 0.17 4.2 1.42

F

0.05 | 029 | 0.06 13.1 1.41 032 | 0.17 4.3 1.42
8

0.10 | 031 | 0.11 6.3 1.42 031 | 0.14 5.1 1.42
B

014 | 029 | 0.13 5.3 1.42 032 | 0.16 4.6 1.42
T

018 | 031 | 0.14 5.0 1.41 032 | 0.20 3.7 1.44

dThe coherence length T is calculated by the Scherrer equation: T = (K- 1)/(B - cos8), where K = 0.9, A = 0.77 A for X-ray energy of

16.1 keV, B is the FWHM, 8 is the Bragg angle.
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